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Synopsis 

Since the discovery of graphene in 2004, two-dimensional (2D) materials have been the 

cradle for fundamental research and routine applications due to their unique planar structure 

with distinctive physical, electronic, and chemical properties. The nonexistence of band 

gap (0 eV) in graphene limits its semiconducting properties confining its applications in 

nano-electronics. Two decades after, researchers found numerous 2D materials (2Ds) such 

as transition metal dichalcogenides (TMDs), perovskites, black phosphorus, hexagonal 

boron nitride (hBN), 2D oxides, MXene and so on. Conventional 2Ds are found with an 

internal gap, known as van der Waal (vdW) gap, that led to several limitations, such as high 

air sensitivity and performance under ambient conditions. In contrast, recently emerged 

Bismuth oxichalcogenides are found with a formal bond (non-van dar Waal (nvdW)) that 

assembles high ambient air stability, which is desirable for regular applications.  

Bismuth oxy-chalcogenides are moderate bandgap (~ 0.8-2.2 eV) semiconductors of 

the type Bi2O2X, where X is a chalcogen atom (S, Se, or Te). Typically, one unit cell of X-

terminated Bi2O2X consists of two cation layers of [Bi2O2]2+ and three ‘[X]2-’ anion layers. 

Therefore, the monolayer thickness of Bi2O2X consists of one [Bi2O2]2+ layer between two 

‘[X]2-’ layers. 50% of atoms of ‘X’ layer in a monolayer and 50% of another monolayer 

merge and form a covalent bond with weak electrostatic interaction with a nvdW gap. 

Forming formal bonds between two Bi2O2 layers through ‘X’ layer makes Bi2O2X 

challenging to synthesize ultrathin Bi2O2X. In addition, the structural, optical, and 

electronic properties are somewhat different from the vdW counterparts due to the nvdW 

characteristics of Bi2O2X. Bi2O2X exhibits high carrier mobility, room temperature 

ferroelectricity, low lattice thermal conductivity, close-lying electronic band structure with 

indirect bandgap, favourable electronic and thermoelectric properties, which make them 

interesting for fundamental studies and applications in cutting-edge electronics, 

optoelectronics, flexible electronics, neuromorphic computing, and biomedical sciences.  

Among the Bi2O2X, Se-terminated compound, Bi2O2Se has been frequently studied due 

to its outstanding structural stability at ambient conditions. It possesses carrier mobility of 

~28900 cm2V-1s-1 at 1.9 K and 450 cm2V-1s-1 at room temperature. The unique combination 

of high air stability and high-carrier mobility with a tunable bandgap of Bi2O2Se make them 

a suitable optical material for ultra-violet (UV) to infrared (IR) electronics compatible with 

the mature silicon-based platform. 2D Bi2O2Se has received special research attention in 

various applications, including photodetectors, gas sensors, solar cells, artificial synapses, 
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and integrated devices. Among the applications, 2D Bi2O2Se photodetectors have shown 

great interest due to their high air stability, carrier mobility, and absorption coefficient. 

Fabrication of 2D Bi2O2Se-based high-performance photodetectors might pave the way for 

ultrasensitive photodetection for a wide range of fields (such as optical communication, 

spectroscopy, biomedical imaging, environmental monitoring, chemical sensing, security, 

fire detection, night vision, motion detection, video imaging, etc.). However, more 

thorough and systematic studies are required to bridge the fundamentals to commercial 

application, especially material synthesis, understanding underlying physical and chemical 

properties, and practical device engineering.  

Substantial synthesis processes have been developed to grow Bi2O2Se for studying 

structural, optical, and electrical properties. The synthesis processes, such as chemical 

vapor deposition (CVD), molecular beam epitaxy, and chemical reaction, are reported for 

growth and property studies. Among them, CVD has been demonstrated to produce a high-

quality 2D Bi2O2Se with high crystallinity favorable for fundamental investigative studies 

and device fabrication. Different growth processes are responsible for intrinsic defects that 

modify properties such as carrier concentration. Thus, it is crucial to understand the 

unavoidable intrinsic defects and control them for appropriate device fabrication. 

Moreover, designing a suitable heterostructure (HS) is fascinating in studying the basics 

and developing high-performance devices. In this regard, heterostructure with conventional 

vdW 2D TMDs, 0D perovskites is expected to provide enriched electronic properties due 

to interfacial charge transfer at the atomically thin hetero-interface.  

This thesis presents a systematic study on the controlled growth of 2D ultrathin Bi2O2Se 

and freestanding nanosheets of few-layer to monolayer Bi2O2Se and a thorough 

understanding of their structural, optical, and electronic properties. It explained the CVD-

growth strategies on arbitrary substrates and their impact on optical properties that would 

assist in choosing the appropriate substrate for device engineering. It discovers new 

physical phenomena, such as room temperature multiple exciton formation and defect-

induced negative persistent photoconductivity in ultrathin Bi2O2Se, which will largely 

contribute to developing 2D-Bi2O2X-based optoelectronics. It also includes unveiling 

underlying optoelectronic properties via integrating with 0D perovskites and 2D MoS2 for 

efficient photodetection. We probe into the interlayer charge transfer mechanism and 

optical properties of 2D Bi2O2Se/CsPbBr3 perovskites nanocrystals and 2D MoS2/Bi2O2Se 

hetero-layers for ensuing photodetector applications. We believe these studies are 

significant in understanding the fundamentals of 2D Bi2O2Se and related nvdW materials 
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and overcoming the challenges of multifunctional optoelectronic applications of 2D 

materials. The complete thesis work has been organized into seven chapters, as detailed 

below:  

Chapter 1 briefly introduces the inherent structural, optical, and electronic properties 

of nvdW Bi2O2Se, including their various optoelectronics applications. We begin with the 

differences between nvdW Bi2O2Se and vdW TMDs (e.g., MoS2). After that, the electronic 

band structure of Bi2O2Se is discussed to realize the band gaps and to check the suitability 

as optoelectronic candidates. Then we emphasized the outstanding properties of Bi2O2Se, 

such as high carrier mobility, low lattice thermal conductivity, room temperature 

ferroelectricity, etc. In addition, some other unique properties, such as excimer formation 

and bolometric effects, are also highlighted. We discussed Raman modes and intrinsic and 

extrinsic defect-induced properties crucial for material and device characterization. 

Further, we briefly explained the different growth approaches (including bottom-up and 

top-down) and the significant challenges for large-area, scalable, and reproducible Bi2O2Se 

growth. Transfer methods for transferring Bi2O2Se layers from the growth substrate to a 

new substrate are elaborated. The critical aspects of 2D Bi2O2Se and its multifunctional 

applications, including photodetector and sensor, are discussed in this chapter. The 

problems, challenges, and emphasis on limitations have been provided for the synthesis 

and applications of 2D Bi2O2Se. The focus and organization of the thesis are briefly 

outlined at the end of the chapter.  

Chapter 2 presents a systematic study for optimizing the synthesis protocols for 2D 

Bi2O2Se by chemical vapor deposition (CVD) technique. Our results demonstrate the 

controlled formation of ultrathin Bi2O2Se depending upon the synthesis parameters 

adopted. It highlights the successful synthesis of ultrathin Bi2O2Se with high structural and 

chemical uniformity despite its challenging growth due to the weak electrostatic interaction 

among layers. The growth temperature is tuned to obtain ultra-smooth single crystals of 

few-layer Bi2O2Se. This chapter also includes temperature-dependent Raman studies of a 

few-layer Bi2O2Se for estimating the in-plane thermal conductivity of ultrathin Bi2O2Se by 

a non-contact measurement technique. Temperature-dependent (78 - 293 K) Raman studies 

reveal that the A1g phonon mode of Bi2O2Se varies linearly with the temperature with a 

first-order temperature coefficient (α) of -0.017 87 ± 0.0011 cm-1 K-1. The in-plane thermal 

conductivity is estimated to be ∼1.6 W/mK, which is significantly low compared to 

graphene (~4840 W/mK). It demonstrates 2D Bi2O2Se, a suitable thermoelectric material. 

The results of this chapter elucidate the CVD growth of ultrathin Bi2O2Se on mica 
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substrates and develop insights into electron-phonon and phonon-phonon interactions in 

nvdW 2D materials.  

Chapter 3 presents novel optoelectronic properties of nvdW 2D Bi2O2Se grown by 

CVD on various growth substrates (mica, sapphire, SiO2, quartz, glass). This chapter 

carefully demonstrates the effect of growth substrates on structural and optoelectronic 

properties, including morphology, lattice strain, optical bandgap, and photo-carrier 

dynamics. This study reveals that the formation of multiple excitons, even at room 

temperature, results in broadband absorption and photoluminescence (PL) at visible to 

near-infrared (NIR) regions in nvdW Bi2O2Se. Experimentally, the observations 

conclusions are established with absorption, reflectivity, and PL measurement and 

explained via a theoretical understanding of the band structure obtained from DFT 

calculations. The effect of growth substrates on the structural and optical properties of 

Bi2O2Se is understood quantitatively by utilizing a series of spectroscopic 

characterizations, indicating that substrate-induced strain/doping is significant in regulating 

those properties. These results are essential for developing nvdW Bi2O2Se for ensuing 

applications.  

Chapter 4 presents an investigation of interfacial charge transfer in the 

Bi2O2Se/CsPbBr3 hybrid structure through various microscopic and spectroscopic tools 

corroborated with density functional theory calculations. Here, we integrated CsPbBr3 

nanocrystals (a high light-harvesting perovskite) on top of a few-layer Bi2O2Se nanosheet 

(a superior electron mobility material) for efficient broadband photodetection. The band 

alignment reveals a type-I heterojunction, and the device under reverse bias displays a fast 

response time of 12 μs/24 μs (rise time/fall time) and an improved responsivity in the 390 

to 840 nm range due to the effective interfacial charge transfer and efficient interlayer 

coupling at the Bi2O2Se/CsPbBr3 interface. A photodetector with a better light on/off ratio 

and a peak responsivity of ∼103 A/W-1 was achieved in the Bi2O2Se/CsPbBr3 hybrid 

photodetector due to the synergistic effects in the hybrid structure under ambient 

conditions. The DFT analysis of the density of states and charge density plots in the hybrid 

structure revealed a net transfer of electrons/holes from perovskite nanocrystals to Bi2O2Se 

layers and additional density of states in Bi2O2Se. These results are significant for 

developing nvdW hybrid structure-based high-performance, low-powered photodetectors.  

Chapter 5 presents layer-by-layer stacking of a vdW 2D MoS2 (monolayer) with a 

nvdW Bi2O2Se layer and studies the interlayer electron-phonon coupling and charge 

transfer across the hetero-layer interface. It may be noted that the stacking of atomically 
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thin vdW materials has been studied extensively, while the stacking of vdW materials with 

nvdW materials is least explored. Interlayer charge transfer based on band alignment is 

vital in various optoelectronic applications. Therefore, this chapter investigated the 

interlayer charge transfer at the unique 2D Bi2O2Se/MoS2 hetero-layer interface through 

different spectroscopic, microscopic measurements, and DFT calculations. It unveils that 

significant photogenerated charge transfer occurs across the hetero-layers due to the 

favorable band alignment of type-II across the p-n junction. Low-temperature PL studies 

show that the robust interlayer coupling between the hetero-layers enhances the charge 

transfer process. Upon photoexcitation, the trion-phonon coupling is stronger than the 

exciton-phonon coupling in the heterogeneous system. These results are significant for 

understanding the interaction between vdW and nvdW 2D heterostructures and further 

exploring such vdW/nvdW 2D heterostructures in future optoelectronic applications.  

In Chapter 6, we studied the structural/optoelectronic properties of ultrathin Bi2O2Se 

nanocrystals synthesized via a chemical reaction process (colloidal synthesis), which is 

different from CVD growth, as discussed in previous chapters. It provides the scalable 

(amount) and rapid synthesis (which are the limitations in the case of CVD synthesis) of 

freestanding Bi2O2Se nanosheets with controllable defects. The understanding of this 

chapter reveals that vacuum annealing is a simple but effective way to control intrinsic 

defects of Bi2O2Se. Interestingly, we found a new physical phenomenon: self-powered 

negative persistent photoconductivity (negative PPC) in highly defective Bi2O2Se and 

positive photoconductivity (positive PC) in annealed/less defective Bi2O2Se. The 

mechanistic origin of such conversion from negative PPC to positive PC is discussed in 

detail, providing a thorough understating of the defect-induced photo-gating effect in 

ultrathin Bi2O2Se nanosheets. The observation of negative PPC in Bi2O2Se is novel, and 

the PPC model describes the origin. The intrinsic defect-induced photo-gating effect plays 

a significant role in tuning the electronic properties of chemically synthesized Bi2O2Se. 

Besides being a superior optoelectronic material, the inherent defects and further structural 

tuning via vacuum annealing in Bi2O2Se can profoundly affect its transport properties, 

which are fundamental to electronic devices. We believe these findings shed light on the 

next-generation novel Bi2O2Se-based electronics devices.  

Chapter 7 summarizes the work done in the thesis and highlights its contributions to 

studying the 2D Bi2O2Se growth with optoelectronic properties and their hybrid structures 

with other materials for photodetector applications. Finally, the outlook for future studies 

on Bi2O2Se and its relative chalcogenides is presented. 
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Chapter 1 

Introduction 

Two-dimensional (2D) materials are among the most competitive candidates for next-

generation optoelectronics due to their intrinsic atomic thickness, flexibility, and dangling-

bond-free surfaces. Since the discovery of graphene, a vast family of 2D materials has been 

investigated, including transition metal dichalcogenides (TMDs), noble metal TMDs, 

hexagonal boron nitride (hBN), black phosphorus (BP), borophene, Mxene, etc. An interesting 

fact for all these 2Ds is van der Waals (vdW) stacking among the layers. For example, in the 

case of TMDs, two monolayers of MX2 (M= transition metal, X= chalcogenide) consist of an 

internal gap among the layers to form a bilayer of MX2, as shown in Fig 1.1a. Recently 

developed, air-stable, and high-mobility 2D bismuth oxichalcogenides (Bi2O2X) are non-van 

der Waals (nvdW) materials with electrostatically attached layers (Fig. 1.1b). Among the 

Bi2O2X, 2D bismuth oxyselenide (Bi2O2Se) has outstanding advantages such as stability, 

making it uniquely favorable in the electronics, medical, and energy applications.  

1.1. Properties of Bi2O2Se 

1.1.1. Crystal structure of Bi2O2Se 

Bi2O2Se is a layered material in which each unit is composed of two [Bi2O2] layers 

sandwiched between three Se (X) atomic layers (Fig. 1.1b). Bi2O2Se possesses inversion 

symmetry with I4/mmm group.1 Depending on the arrangement of the atoms, the structure of 

Bi2O2Se is tetragonal structure (a=b=3.88 Å, c=12.16 Å).2 Typically, one unit cell of Se-

terminated Bi2O2Se consists of two cation layers of [Bi2O2]2+ and three ‘[Se]2-’ anion layers. 

 

Fig. 1.1: Difference between vdW and nvdW materials: Schematic displaying the difference 
between vdW and nvdW crystals. (a) TMDs (MX2) showing the vdW gap, (b) Bi2O2X exhibits no 
vdW gap between the layers.   
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Therefore, a monolayer thickness of Bi2O2Se consists of one [Bi2O2]2+ layer between two 

‘[Se]2-’ layers. Here, 50% of atoms of ‘Se’ layer in a monolayer and 50% of another monolayer 

merge and covalently bonded with weak electrostatic interaction with no-vdW gap (Fig. 1.1b), 

unlike conventional 2D materials with vdW gap (Fig. 1.1a) such as TMDs. The formation of 

formal bonds between two Bi2O2 layers through ‘Se’ layer makes Bi2O2Se challenging to 

synthesize monolayer Bi2O2Se. Nevertheless, there has been some advances in the synthesis of 

few layer Bi2O2Se. 

 

1.1.2. Band structure and optical properties 

The electronic band structure of a material determines electronic and optical 

characteristics. Therefore, the knowledge of the relationship between electronic and optical 

bandgaps is the key to understanding the suitability of the material in optoelectronics. 

Generally, two types of bandgaps can co-exist in a semiconducting material. 1. electronic 

bandgap or structural bandgap, which can be tuned by changing the structure of the material. 

2. Optical bandgap, which depends on exciton formation between VBM to CBM due to 

absorption or emission of energy. Both the bandgaps are supposed to be the same for direct 

bandgap semiconductors. In the case of indirect bandgap material, it (electronic and optical 

bandgap) varies due to VBM and CBM lying at two different symmetry points. Computational 

study of the electronic band structure of Bi2O2Se indicates that it is an indirect bandgap 

semiconductor with bandgap of 0.89 eV (see Fig. 1.2a).3 Experimentally, from the 

transmittance measurement, the derived bandgap of Bi2O2Se is 1.37 eV in bulk, and it increases 

to 1.9 eV at monolayer thickness with an indirect bandgap.4 The indirect bandgap is attributed 

to exciton formation at valance band maxima of X to conduction band minima of Г symmetry 

points. Interestingly, being a nvdW material, Bi2O2Se exhibits thickness-dependent bandgap 

due to modulated configuration of energy valleys, i.e., the absence of density of states close to 

the Fermi energy further suggests Bi2O2Se behaves as a 2D material (i.e., it shows thickness-

dependent bandgap change). Although the bandgap changes significantly from monolayer to 

bilayer (by 0.8 eV), above bilayer thickness, the change in bandgap is minor.5 The possible 

reason for the minor change in the bandgap for the bilayer is the formation of the unit cell, as 

we know that the two Bi2O2 layers with three Se layers form a unit cell. An incomplete unit 

cell in monolayer Bi2O2Se probably give rise to dramatic change (1.9 -1.2 = 0.7 eV) in the 

bandgap. Ghosh et al. found that the optical bandgap changes from 2.3 (monolayer) to 1.7 eV 

(tri-layer) from DFT calculation and 1.9 (monolayer) to 1.45 eV (trilayer) from experimental 
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observation (refer to Fig. 1.2b).6 The higher optical band gap is ascribed to the overlap of 

symmetry points in the Brillouin zone. They found that the indirect bandgap changes from 2.0 

eV (monolayer) to 1 eV (tri-layer) from DFT calculation. As the optical bandgaps are related 

to the formation of excitons at Г symmetry point, the optical bandgaps differ from the indirect 

gap observed in the electronic band structure. Thus, a moderately robust bandgap with a close-

lying electronic structure may facilitate Bi2O2Se for rich ultra-broadband (UV to infrared 

beyond 7 m) optoelectronics. 

 

Fig. 1.2: (a) Electronic band structure of Bi2O2Se bulk. Adopted from ref [3]. (b) Layer-dependent 

experimental and DFT calculated band gap of Bi2O2Se.  Adopted from ref [6]. 

 

1.1.3. Carrier mobility 

2D Bi2O2Se possesses high carrier mobility, which is crucial for high-performance 

electronics. It exhibits an electron mobility of ~20,000 cm2 V−1 s−1 at 2K & 313 cm2 V−1 s−1 at 

room temperature (Fig. 1.3a, left y-axis).4 At the same time, it holds a carrier concentration of 

~5×1018 cm-3 at 2K and ~11×1018 cm-3 at room temperature (Fig. 1.3a, right y-axis). Hence, 

there is room for achieving even higher carrier mobility by reducing the carrier density. In 

addition, carrier mobility varies with thickness; in the few layers (<6 nm), the carrier mobility 

decreases, and in multilayer samples (>6 nm), the carrier mobility increases, which makes 

multilayer samples more suitable for optoelectronics.7 The typical carrier mobility of 2D 

Bi2O2Se is relatively lower than that of Silicon (~103 cm2 V−1 s−1 at 300 K), but it is higher than 

that of 2D MoS2 (~10-18 cm2 V−1 s−1 at 300 K).  
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1.1.4. Room temperature ferroelectricity 

In addition to high carrier mobility, it is predicted by first-principles calculations that 

Bi2O2Se possesses ferroelectricity/ferroelasticity.3 The unique combination of high carrier 

mobility with ferroelectricity/ferroeleasticity makes Bi2O2Se a potential candidate for future 

non-volatile memory (NVMs), energy harvesting, strain-tuned electronics, artificial brain, 

neuromorphic sensors, etc. Experimentally, room-temperature ferroelectricity is observed in 

Bi2O2Se.6 The hysteric behaviour in the ‘off state’ piezo-response signal shows the existence 

of a spontaneous polarization state and its switching behaviour under an externally applied 

electric field (Fig. 3b, c). The 2D high mobility, along with ferroelectricity/ferroelasticity 

renders the scope for integration of functional NVMs with Bi2O2Se. 

Fig. 1.3: (a) Carrier mobility (left y-axis) and carrier concentration (right y-axis) as a function of 
temperature. Adopted from ref [4]. (b, c) phase and amplitude hysteresis curve showing ferroelectric 
property of Bi2O2Se at room temperature. Adopted from the ref [6]. Thermal conductivity as a function 
of (d) temperature, (e) twist angle, and (f) thickness. Adopted from ref [8,9]. 

 

1.1.5.  Low lattice thermal conductivity 

Besides, the above discussed properties Bi2O2Se possesses ultralow lattice thermal 

conductivity. Ultralow lattice thermal conductivity is demanding for thermal barrier coatings, 

thermoelectric energy harvesting, and data storage devices. According to the theoretical study, 

thermal conductivity of Bi2O2Se varies from 2.34 -5.33 W/mK along out-of-plane direction 
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and 3.08-6.28 W/mK along in-plane direction while temperature changes from 200K to 500K.8  

Experimentally, room temperature out-of-plane and in-plane thermal conductivity of bulk 

Bi2O2Se pellet (highly 00l oriented) is ≈ 1.0 and 1.2 W/mK.10 The chemical vapour deposition 

of Bi2O2Se provides 00l-oriented growth resulting in thickness-dependent in-plane thermal 

conductivity. Room temperature in-plane thermal conductivity of completely 00l-oriented 

layered Bi2O2Se ranges from 0.9 (8 nm thick) to 1.6 W/mK (38 nm).9,11 Therefore, we can 

attribute the deviation of theoretically and experimentally calculated thermal conductivities to 

a few factors such as crystal orientation, defects, thickness, and temperature. One way to tune 

the crystal orientation is layer-by-layer twisting. Taking advantage of the twisting, Sun et al. 

observed thermal conductivity decreases from 1.2 W/mK (pristine structure) to 0.2 W/mK 

when the layers are twisted at an angle of 36.87° at 300 K.8 It could be speculated that the 

twisted heterostructure may provide a platform for achieving ultralow thermal conductivity. 

 

1.1.6.  Other inherent properties 

Bi2O2Se possesses many other inherent properties, a few of which are mentioned below. 

Due to its unique nvdW structure, the formation of excimer is observed, resulting in broadband 

absorption and emission.12 Excimer states alter the internal geometry of the Bi2O2Se due to the 

built-in-dipolar electric field along the c-direction and, thus, the band structure. Therefore, 

photoluminescence of Bi2O2Se has been observed in the visible range.12 However, due to its 

indirect band gap, it shows limited intensity photoluminescence. Besides these properties, 

Bi2O2Se exhibits the bolometric effect13 (which changes the carrier density with heat) and 

excellent air stability (due to their dangling bond-free Se-layer termination). The low ambient 

stability of conventional 2Ds limits the sustainability of electronic devices wherever Bi2O2Se-

based electronics can serve as better alternatives. Bi2O2Se exhibits high bending stability, 

making it suitable for flexible and wearable electronics. Li et al. reported that Bi2O2Se is stable 

even after 500 times 180-degree bendings.14 Besides, Bi2O2Se is promising as a superior co-

catalyst for renewable energy sources due to its high carrier mobility.15 

 

1.1.7.  Spectral property/Raman spectra of Bi2O2Se 

Raman spectroscopy is a non-invasive and powerful technique to characterize the 

crystal phase and structure of Bi2O2Se. According to group theory and first principal 

calculations by Cheng et al. 16, highly symmetric Bi2O2Se crystals exhibit four Raman active 

vibrational modes (A1g, B1g, Eg
1, and Eg

2) at the Γ-symmetry point. The atomic vibrations of 

Bi and O atoms result in the Raman active modes. The Eg
1 and Eg

2 mode arises due to in-plane 
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vibration of the Bi and O atom (Fig 1.4a). The out-of-plane vibration of Bi and O atoms results 

in the breathing modes; A1g and B1g (Fig 1.4a). Computationally calculated, the Raman modes 

are at 67.99 cm-1 (Eg
1), 159.89 cm-1 (A1g), 364.02 cm-1 (B1g), and 428.68 cm-1 (Eg

2) (Fig 1.4b). 

Experimentally, the A1g peak is observed at 160 cm-1 in Bi2O2Se (Fig 1.4c). To generate all the 

Raman active modes of Bi2O2Se, only the Bi2O2 layer participates. Therefore, all modes lie at 

<600 cm-1.16 Raman modes exhibit blueshift while decreasing layer thickness (from bulk to 2-

3 layers) of Bi2O2Se due to relaxation in the interlayer coupling. Consequently, the monolayer 

thickness of Bi2O2Se does not show a measurable Raman signal.17 Also, all the Raman modes 

exhibit blueshift/redshift due to uniaxial compressive/tensile strain.16 

 

Fig. 1.4: (a) Atomic vibration responsible for different Raman modes in Bi2O2Se. (b) Computational 

results of Raman active modes. (c) Comparison of Experimentally (red line) and computationally (blue 

line) obtained A1g and B1g mode. Adopted from ref [16]. 

 

1.1.8.  Defect-induced properties 

Defects are beneficial for regulating materials' structural, optical, and electronic 

properties.18 These properties can be tuned by monitoring intrinsic and extrinsic defects in 

Bi2O2Se. Defects in Bi2O2Se have been investigated widely through substantial theoretical and 
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experimental studies.14,19-21 Multiple point defects can form depending on their formation 

energy during the growth. In the growth process of any 2D materials, intrinsic defects are 

unavoidable occurrences. Therefore, studying the defects is crucial for understanding the 

mechanism of property modulation and its effect on device performance. It is consistently 

believed that there are two most probable outcomes after Bi2O2Se growth22,23, i) Se poor, Bi 

rich, and ii) Se rich and Bi poor. According to first principle calculations, Se vacancy (VSe) is 

the most stable defect in Se poor Bi rich condition.14 After that, the sequence of stable point 

defects are oxygen vacancy (VO), Bi replacing Se vacancy (BiSe), interstitial oxygen (Oin), 

interstitial Se (Sein), Bi vacancy (VBi), Se replacing Bi vacancy (SeBi), interstitial Bi (Biin), Bi 

replacing O vacancy (BiO), and O replacing Bi vacancy (OBi). Therefore, an unintentional n-

type doping may be observed in Se poor and Bi rich condition due to VSe and VO. In Se-rich 

and Bi-poor conditions, their formation energy increases, making p-type doped Bi2O2Se. In the 

case of Se vacancies (VSe), the donor sites (VSe) are spatially separated; thus, it results in high 

mobility. On the other hand, SeBi donor sites lie on the Bi2O2 layer, disrupting mobility and 

resulting in low carrier mobility.23 Intrinsic defects can be tuned by regulating various 

experimental parameters such as precursor amount, controlling growth pressure, temperature, 

varying growth medium, etc. Extrinsically, surface defects can be created by plasma etching24, 

annealing, etc. To characterize defects, Raman and HRTEM analyses are effective techniques. 

Kim et al. recently reported a signature peak at ~55 cm-1 due to line defects in Bi2O2Se.20 With 

such defect engineering, Liu et al.18 achieved a NIR (λ~1.0 µm) femtosecond solid-state laser 

with Bi2O2Se nanoplates as the saturable absorber (SA) with a high output power (~665 mW) 

and ultrashort pulse width (~266 fs). It has been reported that the bandgap varies with different 

Se concentrations via introducing mid-gap states (except ~50% of Se vacancy due to structural 

symmetry).25,26 Therefore, controlling the intrinsic and extrinsic defects is essential to see the 

efficient performance of Bi2O2Se-based nanodevices. All the properties mentioned above make 

2D Bi2O2Se, a suitable candidate for future optoelectronics and nanotechnology. 

1.2. Synthesis of 2D Bi2O2Se 

Many efforts have been dedicated to preparing large-scale, uniform atomic layer growth 

of 2D Bi2O2Se using numerous top-down and bottom-up methods, including chemical vapour 

deposition (CVD), molecular beam epitaxy (MBE) chemical reaction (solution assisted, ion 

template-assisted, solvothermal), salt assisted CVD and mechanical exfoliation. Most of the 

reported data primarily relied on the CVD growth process4,27-31 due to atomically uniform and 

favourable nucleation of nvdW 2D Bi2O2Se. Although the exfoliation method provides high-
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quality vdW 2Ds, the built-in formal bonds in Bi2O2Se limit the large-scale atomic uniformity, 

including the difficulties in exfoliation down to monolayer thickness. Taking advantage of 

formal bonds, chemical reaction route is also employed for scalable production and 

fundamental studies of Bi2O2Se.6,32  Nevertheless, chemically integrated Bi2O2Se is highly 

likely to form chemical bonds with foreign molecules (such as oxygen) during the reaction 

process. Very recently, solution assisted and salt-assisted (e.g., sodium chloride; NaCl) CVD 

methods have been employed to obtain high-quality Bi2O2Se with wafer-scale and thickness-

controlled growth. Methods for the preparation of Bi2O2Se films can be classified into three 

main categories as shown in Fig. 1.5: (1) atomic deposition (CVD, MBE), (2) chemical reaction 

(solution assisted), (3) mechanical exfoliation. Here, a few recently developed synthesis 

techniques of Bi2O2Se with their pros and cons are discussed from the perspectives of 

mechanism, structure, thickness, domain size, and quality.  

 

1.2.1. Physical growth techniques 

1.2.1.1. Chemical vapour deposition 

Chemical vapour deposition (CVD) enables tunable deposition (large-scale, thickness 

etc.) with an atomically smooth surface of Bi2O2Se. Bismuth oxide (Bi2O3) and bismuth 

selenide (Bi2Se3) are primarily used precursors. The CVD schematic is shown in Fig. 1.5a (left 

panel). From the Bi2O3 and Bi2Se3, [Bi2O2] and [Se] layers assemble and crystalize to 

tetragonal Bi2O2Se. Because of the tetragonal crystal phase, growth with square morphology 

is favourable with lattice-matching growth substrate (e.g., mica), as shown in Fig. 1.5a (right 

panel). Depending upon Bi2O3 and Bi2Se3 weight ratio and the growth temperature (TG), the 

crystal shape varies, where a higher TG (~670-720 ℃) with a nearly equal weight ratio (~1-

1.7) provides the square morphology.30 At a similar temperature window (~670-720 ℃), with 

a relatively higher precursor weight ratio (~1.7-3.5), mixed-shape (truncated square, inclined 

structure, nanoribbons) is observed.30 With lower TG, irregular structures are found with a wide 

variation of the weight ratio of precursors from 1 to 3, and the higher weight ratio of precursor 

results in nanoribbons formation.20 Thus, the growth morphology could be tuned by TG and 

precursor weight ratio. Further, NaCl salt-driven CVD has been adopted for large-area uniform 

growth with controlled thickness.33 Salts act as catalysis to enhance lateral growth rather than 

vertical growth. In addition, a mixture of salt and precursor material can reduce the evaporation 

temperature, eventually decreasing the TG stepping towards low-temperature growth. High-

quality growth at low temperatures is essential for fabricating wearable electronics on a flexible 
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substrate. Recently, Khan et al. have demonstrated the salt-assisted low-temperature CVD 

growth of mm-size high-quality Bi2O2Se flakes.33  

 

Fig. 1.5: Growth methods of Bi2O2Se: (a) chemical vapor deposition (b) molecular beam epitaxy. (c) 
solution assisted. (d) liquid phase exfoliation. Adopted from the ref [11,34-36]. 

 

1.2.1.2. Molecular beam epitaxy 

Molecular beam epitaxy (MBE) is another approach for synthesizing Bi2O2Se through 

atomic deposition with precise thickness tunability. Fig 1.5b (left panel) shows a schematic 

representation of atomically thin Bi2O2Se films preparation by the MBE method. For the 

growth of Bi2O2Se, Bi, and Se sources are evaporated via standard effusion cells in the 
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precisely controlled oxygen atmosphere.34 Due to reasonable lattice matching with high 

thermal stability, mica with an insulating feature and Nb-doped STO (≈ 0.5% mismatch) with 

excellent conductivity feature are suitable substrates for growth. For MBE growth, control of 

the Se/Bi flux ratio, oxygen pressure, and TG is crucial. TG should be in-between the two 

sources evaporation temperatures (e.g., TBi> TG> TSe) for precise thickness control and 

preventing bulk crystal growth associated with impurities, such as Se-rich/poor. As the 

evaporation temperature of Se lies within 100 to 350 ℃, it is possible to do low-temperature 

growth of Bi2O2Se. A lower flux ratio (Se/Bi) and higher oxygen pressure help produce a pure 

Bi2O2Se phase avoiding Bi2Se3 impurities. Liang et al. synthesized pure Bi2O2Se phase of the 

one-unit cell on STO terraces at TG = 290 °C.34 The thickness of Bi2O2Se was monitored with 

the variation of growth time. With increasing growth time, monolayer islands merge and form 

a uniform large area growth; over time, many monolayers merge electrostatically for multilayer 

growth. Although this method facilitates the low-temperature high-quality growth of 2D 

Bi2O2Se, it requires high-end instrument facilities, which limit the approachability. 

 

1.2.2. Solution-assisted method 

Recently, the solution-assisted method has been developed by Zhang et al. for facile, 

rapid, and scalable synthesis of Bi2O2Se thin films on flexible muscovite substrates, as shown 

in Fig 1.5c.35 They employed the selenization technique for Bi2O2Se growth. 

Bi(NO2)3/(CH2OH)2 is the source for BiO layer, and Se are sources for chalcogenide layers to 

grow layered Bi2O2Se. A uniform layer of Bi(NO2)3/(CH2OH)2 can be spin-coated with 

different rotation speeds (Fig. 1.5c) to tune the layer thickness. Dang et al. optimized the ion 

template-assisted method for Bi2O2Se growth in KOH medium for uniform few layers with 

oxygen deficiencies.37 This well-known hydro/solvothermal method can be tuned to obtain 

Bi2O2Se nanostructures with different morphologies and defects for modulating electronic 

properties. Another simple technique for Bi2O2Se growth is the self-assembling of BiO and Se 

layers via a chemical reaction. For this process, one needs a source for the BiO layer, which 

could be Bi(NO3)2, 5H2O, and Se layer which could be Se(NH2)2 for Bi2O2Se. The room 

temperature synthesis of free-standing Bi2O2Se nanosheets is possible through this technique 

under atmospheric conditions.6 The involvement of solvent and byproducts in this method 

might reduce the quality of the flakes and is likely to introduce defects and impurities. Hence, 

careful characterization is necessary before understanding the properties of pure Bi2O2Se 

grown via this method. 
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1.2.3. Top-down synthesis processes/ liquid-phase exfoliation method 

Another approach for synthesizing 2D Bi2O2Se is exfoliating the bulk powder, as shown 

in Fig. 1.5d. Bi2O2Se nanosheets are obtained from bulk Bi2O2Se by liquid exfoliation 

method.36 Bi2O2Se quantum dots can be synthesized via commonly used bath and probe 

sonication. Ultrasmall Bi2O2Se QDs can be obtained by combining three steps i) grinding the 

bulk to prepare fine powder, ii) bath sonication of the fine powder, and iii) then ice bath probe 

sonication for several hours. To prepare Bi2O2Se QDs, the bulk powder is ground into fine 

powders and dispersed in N-methyl-2-pyrrolidone (NMP), followed by liquid exfoliation for a 

few hours involving ice-bath sonication and ultrasound-probe sonication.36 Later, to change the 

solvent, centrifugal separation or solvent removal (with a magnetic stirrer on a hot plate) of the 

QDs must be done and dispersed in the desired solvent.  

 

1.3. Transfer methods 

Transfer of Bi2O2Se flakes on a new substrate/target is essential for making a 

heterostructure or engineering a device. The electrostatic force between ultrathin Bi2O2Se and 

growth substrate (e.g., mica) creates difficulty in transferring this 2D sheet without any 

damage. Therefore, a clean and easy transfer is required for easy characterization and better 

performance of the Bi2O2Se device. For the transfer of ultrathin Bi2O2Se, we need a sacrificial 

layer that adheres to the material's surface for peeling off the Bi2O2Se layer from the growth 

substrate. After peeling off the sacrificial layer, along with the Bi2O2Se layer on a new 

substrate, the sacrificial layer has to remove from the sample via post-treatment (chemical 

cleaning/ heating). Few transfer methods have been developed for the transfer of Bi2O2Se, 

which are summarized below. 

 

1.3.1.  PMMA-assisted transfer 

PMMA-assisted transfer process (Fig. 1.6a) is very commonly used.38,39 For this 

method, first, one has to deposit a thin PMMA (sacrificial layer) followed by baking at 90 ℃. 

After that, PMMA-adhered Bi2O2Se is immersed into the 2% HF solution for several hours to 

detach it from the substrate. Then, it is rinsed with DI water and fished with the targeted 

substrate. To remove the PMMA, finally it is dipped into the acetone, followed by isopropanol 

cleaning. Thus, the sample is transferred from the growth substrate to the target substrate. This 

method is most widely employed transfer technique. Nevertheless, the PMMA residues and 

HF partially damages the Bi2O2Se layer quality. Therefore, the transferred sample need to be 

verified to confirm they are PMMA residue-free and good quality for use in device fabrications. 
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1.3.2. PDMS-assisted transfer 

The lower adhesion and brittleness of PMMA limits the large area transfer of Bi2O2Se. 

For better adhesion between the sacrificial layer and Bi2O2Se, PDMS provides higher adhesion 

than only PMMA sacrificial layer. Recently developed by Chen et al.40, the PDMS-mediated 

transfer method offers a more straightforward time-saving route for transferring Bi2O2Se 

flakes. Due to the high adhesive force and the flexibility of PDMS, strong adhesion with the 

thin flakes offers a more convenient and effective transfer of thinner Bi2O2Se flakes and large 

wafer. The freestanding nature of ultrathin Bi2O2Se may lead to wrinkle formation during the 

transfer process. Several factors are likely to be involved in wrinkle formation. For example, 

the adhesion energy and interactions between the sample and the target substrate depend on the 

topography of the substrate. Thus, one should delicately etch the freestanding Bi2O2Se layer 

on a highly cleaned (e.g., hydrophilic) substrate to avoid wrinkles on the transferred sample. 

In contrast, wrinkle formation is helpful for realistic applications (e.g., Sensors). The formation 

of wrinkles enables physical surface modification, such as strain engineering, which modulates 

electrical properties. Therefore, to control the performance of electronic devices and meet the 

requirements for the excellent performance of 2D Bi2O2Se-based devices wrinkles are 

speculated to be advantageous.   

 

Fig. 1.6: Transfer methods of Bi2O2Se: schematic of (a) PMMA and (b) PS-assisted transfer process. 

Ref [39] 
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1.3.3. Polystyrene (PS)-assisted transfer 

To avoid HF and PMMA, polystyrene (PS) can be coated as a sacrificial layer. Fu et al. 

developed a PS-assisted transfer method (Fig. 1.6b) for the Bi2O2Se layer.38 In this case, PS is 

coated over Bi2O2Se/substrate and heated at 80℃ for 15 min. After that, PS/Bi2O2Se/substrate 

is dipped into deionized (DI) water to delaminate the PS along with the Bi2O2Se layer from the 

growth substrate. Finally, it is washed with toluene to remove the PS. Hence the 2D Bi2O2Se 

is transferred to the new substrate. This method offers damage-free and PMMA-free transfer 

of the film.  

 

1.4. Applications of 2D Bi2O2Se 

Semiconducting properties with high carrier mobility made Bi2O2Se a feasible candidate 

for many applications such as photodetectors (PD)27,41-44, sensors45, memory and storage46, 

solar cell47, biomedical treatment36, optical switches48, artificial synapses49, hydrogen 

evolution reactions15, etc. Ferroelectric and ferroelastic properties could be utilized for 

nonvolatile memory (NVM) devices.50 Therefore, the unique inherent properties of Bi2O2Se 

are beneficial for multifunctional applications. A few reported applications of 2D Bi2O2Se are 

highlighted in the following section, 

 

Fig. 1.7: 2D Bi2O2Se-based PD: (a) schematic of a Bi2O2Se PD. (b) Photo response of the device. (c) 

Responsivity as a function of illuminated power of 940 nm, 1060 nm, 1310 nm, and 1550 nm laser 

sources. Adopted from ref [41]. (d) I-V characteristics of a flexible PD. Adopted from ref [27]. 
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1.4.1.  2D Bi2O2Se-based Photodetectors 

A photodetector (PD) is a device that can convert a light signal to an electrical signal. 

Broadband (UV-IR) light detection is embedded in modern technology and human society. 

Due to a relatively higher bandgap, conventional 2Ds limit their detection limit up to the visible 

wavelength. With a unique combination of lower bandgap with rich electronic properties and 

good light-matter interactions, 2D Bi2O2Se provides a material platform for next-generation 

broadband photodetection at room temperature. Broadband PDs should have high responsivity, 

fast response speed, high sensitivity, and atmospheric stability, which are rare to meet 

simultaneously in a single 2D material. Due to low bandgap with tunability (0.89 eV – 2.00 

eV)6,7 with high absorption coefficient (of order of 105), Bi2O2Se can harvest light largely and 

detect a wide range of wavelengths (UV to IR). Fig. 1.7a shows a schematic of the Bi2O2Se-

based photodetector. The response time of the Bi2O2Se device at 940 nm is 5.4/2 ms (rise/fall) 

(Fig. 1.7b).41 The IR region responsivity of the Bi2O2Se photodetector is shown in Fig. 1.7c as 

a function of powers at 940, 1060, 1310, and 1550 nm.41 The peak responsivities are in order 

of 102 AW-1 in the IR region. Fig. 1.7d shows the flexibility test of Bi2O2Se-based PD. 

Although the dark current and light current decrease after bending (500 times), the photocurrent 

remains nearly the same (Fig. 1.7d), indicating the robust durability of Bi2O2Se based flexible 

device.27 Overall, the unique combination of high responsivity, ultrafast photo response, 

mechanical flexibility, and environmental stability makes 2D Bi2O2Se a promising material for 

realizing ultrafast and sensitive broadband PD and high-quality UV and IR imaging 

applications. However, Bi2O2Se-based PD limits their applications due to a few points, such as 

the high dark current because of their indirect, low bandgap, and moderate responsivity in UV-

visible wavelengths. Moreover, the physics and impact of defects of Bi2O2Se on the 

performance of PD is largely unknown, which need to be addressed to understand the 

application potential of Bi2O2Se-based PD. 

1.4.2. 2D Bi2O2Se and its hybrid PD 

Integrating heterostructures (HS)/hybrid structures with similar chalcogenide 2Ds, 

other group 2Ds, 1Ds, and 0Ds is an efficient approach to enhance the performance of Bi2O2Se-

based PD. Due to the electronic band bending (type-I and type-II) after the formation of HS, 

carrier transfer at the interface significantly alters the carrier concentration and mobility, 

influencing the photoelectric device's performance. Fig. 1.8a depicts the schematic of 
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WSe2/Bi2O2Se HS PD. The band alignment (Fig. 1.8b) shows the type-II HS formation, which 

results in efficient charge transfer across the WSe2 to Bi2O2Se heterojunction. The maximal 

on/off ratio is ~1.46 at +5V, and the peak responsivity is 483 mA/W (Fig. 1.8c). According to 

Luo et al. 42, the integrated WSe2/Bi2O2Se HS exhibits self-powered photodetection with high 

on/off (105) and fast response speed (2.6 S). It detects 365 to 2000 nm wavelength, indicating 

that such HS can be promising for broadband photodetection. Wang et al. fabricated 2D 

Bi2O2Se/1D Te HS PD with type-II bending that exhibits responsivity of order of 102 A/W and 

the response time 330 S/430 S.51 Fig. 1.8d shows a 2D Bi2O2Se/0D PbSe hybrid structure 

PD. The corresponding PD with type-II hybrid structure formation (Fig. 1.8e)  can detect 

beyond 2 m with a responsivity of ~103 A/W (Fig. 1.8f).43 Performances of a few Bi2O2Se 

and Bi2O2Se HS/ hybrid structures-based PD have been compared in Table 1.1. It is evident 

that a practical pathway for achieving the better performance of Bi2O2Se-based devices is 

making heterostructure.  

 

 

Fig. 1.8: 2D Bi2O2Se HS PD: (a) Schematic diagram of WSe2/Bi2O2Se HS PD. (b) Energy band 

alignment of WSe2/Bi2O2Se HS. (c) Responsivity and current on/off ratio of WSe2/Bi2O2Se HS under 

varied light intensities at Vds= +5 V. Adopted from the ref [42].  (d) Schematic illustration of the hybrid 

PD. (e) Energy band alignment of PbSe/Bi2O2Se hybrid structure. (f) Responsivity as a function of 

wavelength of  Bi2O2Se, PbSe, and PbSe/Bi2O2Se hybrid PD. Adopted from ref [43]. 
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Table 1.1: Photodetector performance of Bi2O2Se and Bi2O2Se based HS/hybrid structure 

device.  

Material Illuminated 

wavelength 

(nm) 

Responsivity 

(A/W) 

Response time  

(rise/fall) 

Ref. 

Bi2O2Se 1550  58 150/15 mS 41 

Bi2O2Se 808  0.48  3.2/4.6 mS 27 

Bi2O2Se 405  ~100 62/601 S 52 

Bi2O2Se 

nanoribbons 

650  327   2.1/3.2 S 53 

Bi2O2Se 

nanowires 

808  ~10-100 4.31/4.74 mS 54 

Bi2O2Se/PbSe 2000 ~1000 -/4mS 43 

Bi2O2Se/ 1D Te 532 ~100 330/430 S 51 

 

1.4.3. Other applications 

The application of Bi2O2Se is not limited to photodetector; due to rich electronic properties 

with intrinsic absorption sites at Se vacancies, it has been demonstrated as a good material for 

oxygen gas sensors.45 Fig. 1.9a shows the arrays of Bi2O2Se sensors, which are parallelly 

connected and used to detect sub-2 to sub-0.25 ppm oxygen (Fig. 1.9b and Fig. 1.9c).45 The 

trace oxygen detection at room temperature facilitates the integration of 2D Bi2O2Se gas sensor 

for commercialization. In addition, Bi2O2Se is suitable for integrated optoelectronics and 

memory and storage, solar cell47, optical switch18, artificial synapses49, and cancer detection36. 

Fig. 1.9: Applications of 2D Bi2O2Se: (a) Optical photograph of the sensor array. Scale bar: 30 μm. 

(b, c) Responses of 2D Bi2O2Se to different oxygen concentrations. (b) 0.25 ppm and (c) sub-2 ppm at 

room temperature. Ref [45] 
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1.5. Challenges in synthesis and applications of 2D Bi2O2Se and its heterostructure 

Although significant research has been carried out on synthesis, discovering inherent 

properties, and applications of 2D Bi2O2Se, several challenges remain in studying ultrathin 

B2O2Se.  

i. Ultrathin layered growth is challenging due to the nvdW feature of Bi2O2Se. The 

CVD technique is a promising bottom-up synthesis approach with a high yield for 

the production of Bi2O2Se. However, it has several limitations, such as large area 

monolayer/few-layer growth, high quality, and scalable growth, which need 

further investigation. Controlling TG, and choice of the growth substrate, carrier 

gas, etc., are crucial to tune the Bi2O2Se growth. Hence, the controlled growth 

strategies need to be developed. 

ii. As a relatively new material, many unknown structural and optical properties are 

obstacles to fabricating devices and their integration for heterostructure formation. 

Therefore, further investigation of novel properties is desirable for efficient device 

applications.  

iii. Further, integration of 2D Bi2O2Se with conventional nanomaterials, such as 0D, 

1D, 2D materials, can bring unique properties due to the nvdW characteristic of 

this material. However, integration of heterostructure/hybrid structure is 

challenging with desired properties.  

iv. Defects are inevitable in nanomaterials. However, their control and understanding 

of the effect are essential to regulate the charge transport and optoelectronic 

properties.  

Thus, a thorough understanding of growth strategy on various substrates, optical and 

transport properties, and defect-induced properties requires further investigations to make 

better use of the material and develop 2D Bi2O2Se-based nanodevices.  

 

1.6. Focus of the present thesis 

2D Bi2O2Se, a potential optoelectronic material, has lacuna in controlled growth, and 

understanding its optoelectronic properties is still preliminary. Therefore, the present 

dissertation introduces controlled growth, including information on structural and 

optoelectronic properties of 2D Bi2O2Se and its hybrid integration for developing next-

generation multifunctional applications. The focus of the present thesis is 
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1. CVD growth of ultrathin Bi2O2Se on mica substrate and its temperature-dependent 

optical studies for evaluating the in-plane thermal conductivity by employing non-

destructive Raman measurement technique. 

2. CVD growth of ultrathin Bi2O2Se on arbitrary growth substrates, including mica, 

sapphire, quartz, glass, SiO2, etc., and observation of multiple exciton formations at 

room temperature. 

3. Hybrid integration of 2D Bi2O2Se with 0D halide perovskite for understanding the 

interlayer charge transfer and their exploitation in superior photodetection. 

4. Studies on charge transfer across the 2D nvdW Bi2O2Se and vdW MoS2 layer.  

5. Study of defect-induced photo-gating effect in ultrathin free-standing Bi2O2Se 

nanosheets with broadband (Vis-NIR) photodetection. 

 

1.7. Organization of thesis 

The thesis work contains seven chapters. Chapter 1 provides introduction to 2D Bi2O2Se 

with a brief overview of reported research on crystal structure, properties, synthesis routes, and 

applications of Bi2O2Se. Chapter 2 presents a systematic study of the CVD growth of 2D 

Bi2O2Se and temperature-dependent optical analysis of few-layer Bi2O2Se. Chapter 3 presents 

the CVD-growth of ultrathin Bi2O2Se on arbitrary growth substrates and the observation of 

multiple exciton formations at room temperature. Chapter 4 highlights the study of interfacial 

charge transfer on the hybrid 2D Bi2O2Se and 0D CsPbBr3 perovskite for enhanced 

photodetection. Chapter 5 investigates the stacking of vdW MoS2 and nvdW Bi2O2Se to 

understand the interlayer charge transfer-induced photoluminescence quenching. Chapter 6 

presents the defect-induced photo-gating effect in colloidally-grown ultrathin Bi2O2Se and the 

modulation of photoconduction from negative to positive via vacuum annealing. Chapter 7 

contains a summary of the significant findings and conclusions of the thesis with future scopes. 
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Chapter 2 

Temperature-dependent Raman studies and Thermal 
conductivity of direct CVD grown non-van der Waals 
layered Bi2O2Se 

In this chapter, we systematically study the CVD of 2D Bi2O2Se. The growth of nvdW 

layered Bi2O2Se is challenging due to the weak electrostatic interaction among layers, as 

discussed in Chapter 1. Here, we present the CVD of an ultrathin Bi2O2Se with high structural 

and chemical uniformity. By tuning the growth temperature (TG), we obtained ultra-smooth 

single crystals of few-layer Bi2O2Se (LBOS) on mica and quartz substrates, as confirmed by 

X-ray diffraction, micro-Raman, and high-resolution TEM analyses. Furthermore, a 

temperature-dependent Raman study has been conducted to study phonon dispersion in the as-

grown LBOS. It is observed that the A1g phonon mode frequency of LBOS varies linearly with 

the temperature with a first-order temperature coefficient (α) of -0.017 87 ± 0.0011 cm-1K-1. A 

phonon lifetime of 2.08 ps is found for LBOS at absolute zero temperature. Finally, the in-

plane thermal conductivity of LBOS is estimated by a non-contact measurement technique in 

a relatively straightforward way. The in-plane thermal conductivity of LBOS is estimated to 

be ∼1.6 W/mK, which is significantly low compared to other 2D materials. These results pave 

the way for CVD of large-area ultrathin LBOS on mica and quartz substrates and developing 

insights into electron-phonon and phonon-phonon interactions in nvdW 2D materials. 

2.1. Introduction 

Ultrathin Bi2O2Se layers have been synthesized in several ways, such as the solution 

process1, 2, CVD3-9, and modified10, 11 CVD. Among the growth methods, CVD-grown ultrathin 

materials provide large single-domain sizes, chemically uniform samples, and structural 

uniformity. Thus CVD-grown samples are more beneficial for investigating the fundamental 

properties and device applications. Therefore, a Bi2O2Se growth study is required to explore 

the properties and device applications.  

On the other hand, the performance of electronic devices has a fundamental dependency 

on the thermal conductivity of the materials used. The thermal conductivity of a material is 

often a unique parameter to understand the nano-systems better for scheming heat transport in 

broad areas of technological applications. There are vast applications where we demand 

remarkably low thermal conductivity, such as thermal barrier coatings12, thermoelectric energy 
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reaping, and solid-state cooling.13 In this regard, 2D thermoelectric materials gained massive 

attention due to their outstanding electrical and mechanical properties.14 These properties 

depend on the material's atomic bonding, including the atomic vibration caused by thermal 

excitation. Thus, the vibrational properties of 2D Bi2O2Se are fundamental to learning the 

electron-phonon interaction and the transport attributes and their profound influence on the 

performance of electronic devices.15, 16 

The literature report says that in atomically thin graphene, the in-plane thermal 

conductivity is significantly higher than the cross-plane because the layers in such cases are 

accumulated with soft vdW forces.17 Unlike graphene-like materials, in nvdW Bi2O2Se, the 

layers stacked with soft electrostatic forces might lead to lower in-plane thermal conductivity 

than cross-plane. Although experimental studies of thermal conductivities of vdW 2D materials 

(such as MoS2, WS2, etc.)  have been broadly studied, it is very limited in the case of nvdW 2D 

materials. Hence, it is interesting to measure the thermal conductivity of ultrathin Bi2O2Se 

straightforwardly using the Raman measurement technique and compare it with other 

conventional 2D materials. 

In this chapter, we have grown a few-layer (~3 layer) single crystal Bi2O2Se with a 

domain size of 25-μm with high chemical and structural uniformity on mica substrates via the 

CVD technique. Various structural and optical studies (such as XRD, Raman, TEM, etc.) are 

conducted to evaluate the structural and compositional uniformity of the samples. 

Temperature-dependent (78K-293K) Raman studies are made on a few-layer nanosheet of 

Bi2O2Se to study the nature of electron-phonon interactions and the phonon lifetime in the as-

grown sample. We estimated the in-plane thermal conductivity of free-standing Bi2O2Se by a 

very straightforward approach by taking into account the heat circulation through the 

suspended sample from the laser spot toward the edge of the flakes and finally to the heat sink. 

Here, the heat sink is a Cu grid. In this measurement technique, the laser source is used as a 

source as well as the excitation source, making it more beneficial. The results are compared 

with the literature reports on other 2D materials. 
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2.2. Experimental details 

2.2.1. Growth of 2D Bi2O2Se 

2D Bi2O2Se crystals were synthesized inside a homemade low-pressure CVD system 

furnished with a long quartz tube (length 120 cm and diameter 35 mm). Bi2O3 powder (Alfa 

Aesar, 99.999%) and Bi2Se3 powder (Sigma Aldrich) were taken as precursors for the growth. 

Fig. 2.1a displays the schematic of the growth setup. Bi2O3 powder was located in the hot 

center, and Bi2Se3 powder was located upstream 5 cm away from the hot center for 

vaporization. Argon was engaged as the carrier gas to carry the vapor precursor to the cold 

region (8-12 cm downstream), where freshly cleaved mica resided as growth substrates. 

Typical growth conditions were as ensued. The quartz tube is brought to a base pressure of 

1.9x10-2 using a rotary pump and repeatedly flushed with the Ar carrier gas (∼250 sccm) at 

room temperature to remove O2 contamination. After that, the furnace temperature was 

elevated to ~525 °C with a ramping rate of ~14 ℃/min for 35 min with a gas flow rate of ~35 

sccm (Note that, during this period, the temperature was ramped up rapidly towards TG since 

the evaporation temperature of the precursor is ~525 °C). Then the ramping rate was slowed 

down 50% (~7 ℃/min) to reach ∼695 °C and held there for 25 mins before being allowed to 

cool naturally (Fig. 2.1b). The pressure was maintained at 400-500 mbar during the growth 

period. It may be noted that the electrostatic interaction between the layers could promote 

 

Fig. 2.1: (a) Schematic of CVD setup. (b) corresponding temperature profile and growth parameters 
for the growth of layered Bi2O2Se. 
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vertical growth instead of lateral growth, consistent with our observation. Consequently, 

chamber pressure and gas flow rate were maintained appropriately to obtain large-area lateral 

growth of the 2D Bi2O2Se crystal. The growth was conducted on a mica substrate at different 

TG for optimization. The substrate was kept at 9, 10, 11, 12 cm away from the hot center to 

obtain different TG. For comparison, growth was also conducted on quartz substrates.  

2.2.2. Transfer of Bi2O2Se layer 

To perform TEM analysis and power-dependent Raman study, we transferred the as-

grown Bi2O2Se from the mica substrate to a TEM Cu grid. We have transferred the LBOS 

using the PMMA solution-based transfer method. Extracting the LBOS from the mica substrate 

to other desired places is difficult due to strong lattice matching and boding between the sample 

and growth substrate. Therefore, a highly efficient etchant is desirable to delaminate ultrathin 

Bi2O2Se from growth substrate (e.g. mica). We used hydrofluoric (HF) acid as an etchant. First, 

the PMMA solution is spin-coated on the sample at 3000 rpm for 60 s and baked on a hot plate 

at 90 °C. Subsequently, the spin-coated sample is dipped into the as-prepared HF solution for 

a few hours, then transferred into distilled water in a Petri dish for fishing the PMMA-coated 

LBOS flakes. The PMMA-coated flakes are fished on the TEM grid. The sample is dipped into 

acetone and kept for about 12 h to remove the PMMA layer from the LBOS. Finally, it is 

washed with isopropanol and dried for a few hours. Thus, the samples are transferred for further 

characterization. 

2.2.3. Characterization techniques 

The structural morphology of the sample has been identified by the Olympus optical 

microscope (BX51M). The as-grown samples’ crystal structure has been collected from x-ray 

diffraction (XRD) patterns (Rigaku RINT 2500 TTRAX-III, Cu kα radiation). The crystalline 

phase in the as-grown LBOS has been examined by high-resolution micro-Raman spectroscopy 

(LabRam HR800, Jobin Yvon) with an excitation wavelength (λex) of 488 nm (Ar ion laser). 

The excitation laser light was converged with a 100× objective lens to a spot size of ∼1 μm, 

with an 80 μW laser power, lessening the possibility of laser heating-induced damage, and the 

generated signal was collected by a charge-coupled device (CCD) in a backscattering geometry 

conveyed through a multimode fiber grating of 1800 grooves mm-1. The acquisition time has 

been kept constant while taking the Raman spectra. The as-grown sample thickness was 

estimated via atomic force microscopy (AFM) (Cypher, Oxford Instruments) in non-contact 

mode scanning. X-ray photoelectron spectroscopy (XPS) measurement was performed using a 
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PHI X-tool automated photoelectron spectrometer (ULVAC-PHI, Japan) with an Al Kα x-ray 

beam (1486.6 eV) at a beam current of 20 mA for the analysis of the chemical compositions. 

The high magnification surface morphology and crystal lattice arrangement of the pristine 

LBOS have been investigated employing TEM (JEOL-JEM 2010 ran at 200 kV). TEM study 

is conducted on a carbon-coated Cu grid of 300 mesh sizes (Pacific Grid, USA). The 

temperature-dependent Raman spectra comparisons were brought out, adopting a temperature 

stage with a remote functioning span of 50× objective with liquid nitrogen as the coolant. The 

power-based spectra in ambient temperature states are obtained by a 100× objective owning 

NA = 0.9 by utilizing various power of a 488 nm laser power source. To get the exact power 

experienced by the as-grown sample, we have calibrated the power at the same location, 

emitted through the 100× objective by a power meter. 

2.3. Results and Discussion 

2.3.1. Controlled CVD-growth of LBOS 

The control over growth parameters such as growth temperature (TG), carrier gas, 

precursors, and substrate location is crucial in the CVD method. We utilized a single-zone tube 

furnace with argon as the carrier gas, as illustrated schematically in Fig. 2.1a, for LBOS 

growth. We used freshly cleaved mica and quartz as the growth substrates for the optimization. 

The substrates were placed downstream in a comparatively lower temperature zone than the 

 

Fig. 2.2: OM images of LBOS at the different growth temperatures. The scale bar is 10 mm in each 
case. 
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precursor (Bi2Se3 and Bi2O3 powder) temperature zone. The complete temperature profile for 

CVD of LBOS is shown in Fig. 2.1b, discussed in section 2.2.1. 

Depending on the TG, different morphologies were observed by locating the mica 

substrate in various positions inside the quartz tube. Note that other growth parameters such as 

source temperature, the flow rate of carrier gas, chamber pressure, amount of the precursor, 

and location of the precursors were kept fixed. Optical microscopy (OM) images (Fig. 2.2(a-

d)) confirm the different morphologies of CVD-grown samples at different TG. At a relatively 

low TG of 540–550 °C, LBOS exhibited inter-connected growth (Fig. 2.2d). Such growth 

behaviour might be ascribed to the generation of multi-nucleation centres at low TG. As the TG 

is increased to 560 °C, rod-like morphology was observed, and at 570 °C, square-shaped 

morphology began to appear along with the rod-like shape (Fig. 2.2c); at 580 °C, the majority 

of LBOS followed the squared morphology with smaller domain size (Fig. 2.2b). Interestingly, 

 

Fig. 2.3: AFM topography images of Bi2O2Se flakes grown on mica substrate at different substrate-
temperatures: (a) 590° C (d) 580° C (e) 570° C, and (b,d,f) the corresponding height profiles, 
respectively. 
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at 590 °C, it achieves the large-area crystal domain of LBOS (Fig. 2.2a). We did not observe 

LBOS growth at a temperature >600 °C. From our observation, the required thermal energy 

lies within 70 -75 meV for the CVD of 2D Bi2O2Se. The chemical reaction follows the 

Arrhenius nature with the increasing temperature up to 600 °C. Beyond 600 °C, the reverse 

reaction might occur, stopping further growth. In addition, the nucleation activation energy of 

the 2D Bi2O2Se on the growth surface is responsible for such exceptions. However, we cannot 

separate the accurate reason due to a lack of information about the nucleation activation energy 

of 2D Bi2O2Se. Besides, it suggests that the growth morphology of LBOS significantly depends 

upon the broad temperature range from 530 to 600 °C. Thus, we can obtain the LBOS growth 

based on the required morphology for applications by varying TG. The high formation energy 

at high TG is probably responsible for planar Bi2O2Se than inclined growth at lower TG. 

At the nanoscale range, the thickness of 2D material renders many intriguing properties. 

Thus, the knowledge of the thickness of the material is mandatory. However, according to the 

 

Fig. 2.4: (a, c, e) AFM images and (b, d, f) their corresponding height profile of as-grown LBOS 
grown at substrate temperatures of 580℃, 570℃, 550℃. 
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literature, the carrier mobility remains almost constant (∼200 cm2V-1s-1) for multilayer Bi2O2Se 

(> 6.2 nm) but dropped for few-layer (< 6.2 nm) thickness18 suggesting multilayer samples are 

advantageous for high-performance optoelectronic devices. Therefore, we focussed on few-

layer to multilayer Bi2O2Se rather than monolayer thickness. Thus, the thickness of Bi2O2Se 

was further investigated via AFM to learn about the thickness modulation with TG. Detailed 

analyses of the surface topography and height of the as-grown Bi2O2Se are shown in Fig. 2.3. 

The height profile of an LBOS (Fig. 2.3a) at 590℃ attests that it has a thickness of ∼2.2 nm 

(Fig. 2.3b), which corresponds to only three layers of Bi2O2Se. The thickness of the one-layer 

Bi2O2Se is 0.61 nm.3 The uniform contrast on the flake shows an even thickness of the flake. 

The slight noise in the height profile near the edges may be due to the substrate's precursor 

residue or the tiny nucleus of the growth where the nucleation occurred. The flake size is 

smaller, and the thickness is higher at a relatively lower TG (Fig. 2.3c). Fig. 2.3d shows a height 

of 38 nm, indicating multilayer growth of Bi2O2Se. A comparative histogram of four flakes 

shown in Fig. 2.4b depicts that as-grown Bi2O2Se flakes are of multilayer thickness. At 570 °C, 

 

Fig. 2.5: Raman spectra of characteristics A1g mode of Bi2O2Se for different substrate temperatures 

(Ts)/growth temperature (TG). Symbols refer to the experimental data, while the solid line depicts 

the Lorentz fit. Inset values are of FWHM for each spectrum. 
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LBOS exhibits rod-like shape (Fig. 2.3e) with higher thickness (Fig. 2.3f), which is due to the 

inclined/vertical growth of the flakes. A histogram of height profiles for 9 flakes is depicted in 

Fig. 2.4d. At lower temperatures (~550℃), the flakes are interconnected (Fig. 2.4e) and multi-

layered (Fig. 2.4f).  

Micro-Raman measurement was performed to identify the characteristic Raman mode 

A1g for LBOS grown at different TG, as shown in Fig. 2.5. The observation of the characteristic 

A1g Raman mode for all squared, rod-like and self-assembled morphologies confirms the 

growth of Bi2O2Se grown at different TG. A comparison of Lorentz-fitted peak parameters for 

various TG is given in Table 2.1. The full width at half maximum (FWHM) of the A1g mode 

shows higher values for growth at lower TG, indicating lower crystallinity for lower TG (refer 

to table 2.1). But, the FWHM of the A1g mode for the 550 °C case is lower than that of 570 °C 

(see Table 2.1). The growth at 570 °C is inclined or vertical. In contrast, at 550 °C, planar 

interconnected multilayer growth, as revealed in Fig. 2.4. Planar growth might result in a 

thicker layer with higher crystallinity and lower FWHM. In contrast, inclined growth shows 

slightly higher FWHM.  

Table 2.1: Comparison of Raman peak position and FWHM of A1g mode in LBOS grown at 

different TG. 

Substrate temperature 

(Ts)/growth temperature 

(TG) 

A1g peak position 

(cm-1) 

FWHM 

(cm-1) 

590℃ 158.8 7.2 

580℃ 157.5 10.9 

570℃ 156.5 26.9 

550℃ 156.7 23.8 

XRD pattern is recorded for samples grown at different TS/TG, as shown in Fig. 2.6. It 

is apparent that growth at TG gives rise to XRD peaks with other orientations due to the inclined 

growth on the mica substrate. We observe strong (00l) orientated growth of Bi2O2Se at 590 °C 

on mica substrate, whereas other orientated growth is observed in the case of lower TG. The 

other peaks are attributed to the inclined crystal growth of Bi2O2Se. Line shape analysis of the 

XRD pattern corresponding to the (004) plane of LBOS grown at different TG is summarized 

in Table 2.2, showing higher FWHM and lower peak intensity for lower TG growth, indicating 

lower TG growth crystallinity consistent with the Raman analyses. Furthermore, the growth 

process was also conducted on a quartz substrate. A comparison of XRD pattern and Raman 

spectra of LBOS grown on quartz and mica substrates is shown in Figs. 2.7c and 2.7d, 

respectively. In the case of growth on a quartz substrate, we observe different orientations 
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probably because of the lattice mismatch of Bi2O2Se and quartz substrate. Evidently, growth 

on mica substrate yields higher intensity and lower linewidth (0.13°) of XRD pattern and 

narrow Raman linewidth (FWHM: 5.5 cm-1) at 590 °C, indicating the higher crystallinity of the 

films on mica substrate as compared to that on the quartz substrate. Based on the above, further 

studies were conducted on LBOS grown on mica substrate with square morphology in this 

chapter. It may be noted that a thorough study on the impact of growth substrate is discussed 

in Chapter 3. 

Table 2.2: Comparison of (004) peak position, FWHM, and the peak intensity in the XRD 

pattern of LBOS grown at different TG. 

TG  (004) peak position 

(2θ) in degrees 

FWHM 

(degree) 

(004) peak 

position intensity 

(arb. units) 

590℃ 29.24° 0.13° 41773 

580℃ 29.29° 0.18° 30748 

570℃ 29.31° 0.19° 26223 

550℃ 29.29° 0.19° 21486 

 

 

Fig. 2.6: XRD pattern of 2D Bi2O2Se grown on mica at different substrate/growth temperatures 
(Ts/TG). ‘♣’ Symbols refer to the mica substrate peak. 
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Fig. 2.7(a) shows the optical microscopy (OM) images of as-grown square-shaped 

LBOS. From the OM image, the domain size distribution is plotted and shown in Fig. 2.7(b). 

The domain length distribution plot exhibits a maximum of ∼25 μm size LBOS flakes grown 

at 590 °C. We have fitted the size distribution plot with lognormal distribution (Fig. 2.7(b)), 

which reveals an average flake size of 13.7 μm.  

The comparative XRD pattern (Fig. 2.7c.) shows the intense peaks of LBOS on quartz 

and mica substrates. Mica substrate peaks are symbolized with “♣.” XRD patterns of LBOS 

flakes on mica substrate consist of peaks at 2θ values of 14.49°, 29.23°, 31.79°, and 44.47° 

corresponding to (002), (004), (103), and (006) planes of Bi2O2Se, respectively. XRD pattern 

of LBOS flakes grown on quartz substrate exhibits intense peaks at 2θ values of 14.49°, 23.98°, 

29.23°, 31.79°, 32.51°, and 44.47° corresponding to (002), (101) (004), (103), (110), (006), 

and (008) planes of Bi2O2Se, respectively. The measured and indexed peak position matches 

well with the tetragonal phase of Bi2O2Se (JCPDS Card No. 01-070-1549). Thus, we have 

successfully grown LBOS with high crystallinity on both mica and quartz substrates. 

 

Fig. 2.7: a) Optical microscopy images of CVD-grown LBOS flakes. b) A histogram of the flakes' 
size distribution in an area of interest. c) Comparison of XRD patterns for crystalline Bi2O2Se flakes 
on quartz and mica substrates. ‘♣’ symbol corresponds to the peak of the substrate. 
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Further information on the crystallinity of LBOS (TG ~ 590℃) is obtained from Raman 

spectroscopic measurement. Raman spectroscopy is a versatile tool to perform an in-depth 

analysis. For example, the knowledge of phonon dispersion mechanism, interlayer interactions, 

layer number, and doping could be obtained from the Raman peak or frequency shift of 2D 

materials. In the case of phonon decay in LBOS, A1g Raman mode exhibit redshift, which 

results from the increment in the phonon dispersion similar to that of other 2D materials15. We 

discussed the phonon dispersion behaviour of A1g mode in detail in Sec. 2.3.2. The micro-

Raman spectrum (Fig. 2.7d) of as-grown LBOS flakes on quartz and mica substrate displays 

the characteristic A1g mode, which is an out of plane mode originating from the vibration of 

two “Bi” atoms of two back-to-back [Bi2O2]n
2n+ layers to “O” atoms (inset of Fig. 2.7d). The 

A1g peak positions are 158.6 cm-1 on quartz and 158.9 cm-1 on a mica substrate. The FWHM of 

LBOS is 5.5 cm-1 grown on mica and 7.5 cm-1 grown on quartz substrates, suggesting a better 

crystallinity of as-grown LBOS on the mica substrate. The better crystallinity of LBOS on mica 

 

Fig. 2.8: (a) XPS survey scan spectrum of LBOS showing the presence of Bi, O and Se. High-
resolution XPS spectra of as-grown LBOS on mica for (b) Bi 4f, (c) O 1s, and (d) Se 3d. The 
symbols represent the experimental data and the solid lines refer to fitted spectra. 
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is ascribed to a similar layered structure of mica.19 It may be noted that more details of the 

Raman study depending on growth substrates are highlighted in Chapter 3. 

We performed the XPS measurement to know the chemical composition of as-grown 

LBOS. Fig. 2.8a shows the survey scan XPS spectrum, confirming the presence of the Bi, O, 

and Se elements in LBOS. High-resolution XPS spectra (Fig. 2.8(b-d)) were recorded for Bi 

4f, O 1s, and Se 3d states. The binding energies (BEs) are 158.7 eV and 164.0 eV of Bi 4f7/2 

and Bi 4f5/2, respectively (Fig. 2.8b). The O 1s BEs are at 529.8 eV and 531.9 eV (Fig. 2.8c). 

For Se atoms, the BEs of Se 3d5/2 and Se 3d3/2 are 53.3 and 54.2 eV, respectively (Fig. 2.8d). 

The BEs of all the chemical components are consistent with literature20, confirming the 

successful formation of Bi2O2Se.  

The high-resolution features of LBOS are identified from the TEM images (Figs. 

2.9(a), 2.9(c), and 2.9(e)). Figs. 2.9(a) and 2.9(c) show the images of comparatively smaller 

size flakes, while Figs. 2.9(b) and 2.9(d) depict the corresponding selected area electron 

diffraction (SAED) patterns. Fig. 2.9(e) shows the TEM image of a bigger flake of LBOS. The 

images reflect the uniform and square shape growth of the flakes. The SAED pattern (Fig. 

2.9(b)) reveals that the set of plane or lattice orientations are (110), (200), (11̅0), (02̅0), (11̅̅̅̅ 0), 

(2̅00), (1̅10), and (020).  Careful observation shows that the intensity of the diffraction spots 

of the SAED pattern in Fig. 2.9(d) is reduced compared to the diffraction pattern in Fig. 2.9(b). 

The lower intensity of diffraction spots is ascribed to the higher thickness and folded crystal of 

LBOS. The SAED pattern (Fig. 2.9d) of the folded LBOS (green dashed box in Fig. 2.9c) 

resembles a 90° rotation in the crystal orientation relative to the underneath layer. The planes 

of folded LBOS are displayed by (110)′, (11̅0)′, and (200)′ planes (Fig. 2.9d). HRTEM images 

of LBOS (Fig. 2.9(f)) show the lattice spacing of 0.29 nm ( (110), (11̅0) ) and 0.20 nm (200). 

It is obvious that the angle between the (110) and (110) planes is 90°, and the angle with the 

(200) plane of each particular plane is 45°, which further confirms the tetragonal crystal 

structure of Bi2O2Se. The cross-sectional atomic lattice arrangement of tetragonal Bi2O2Se is 

depicted in Fig. 2.9(f) (inset) with a clear view of the atoms’ positions based on the literature 

to show the experimental results are consistent with the reported result.3 The HRTEM analysis 

reveals that the CVD-grown 2D Bi2O2Se are high-quality single crystals.  
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 STEM imaging was studied to check the elemental uniformity of the single Bi2O2Se 

crystal. The STEM image (Fig. 2.10a) with corresponding elemental mapping (Figs. 2.10b-

2.10d] confirms the uniform elemental distribution of each component (Bi, O, and Se) in the 

LBOS. The LBOS single crystal exhibits atomic percentage of 41.95% (Bi), 38.91% (O), and 

19.14% (Se) (Fig. 2.10e), which corresponds to the atomic ratio of ~2:2:1. In some LBOS, we 

perceived the deficiency of oxygen that may occur during the HF transfer process from the 

mica to the TEM grid. Thus, we confirmed the growth of high-quality single-crystal LBOS 

with high chemical uniformity. Further, this chapter carried out the studies with high-quality 

LBOS. 

 

Fig. 2.9: (a, c) TEM images of LBOS flakes and (b, d) the respective SAED patterns. (e) TEM 
image of a bigger LBOS flake, and (f) the corresponding HRTEM lattice image. The inset shows 
the atomic positions of different elements. 
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2.3.2. Low-temperature Raman study 

Temperature-dependent (78-293 K) Raman study has been conducted to understand the 

phonon dispersion and find the lattice thermal conductivity in LBOS. This study is interesting 

due to the unique nvdW structure of LBOS. The temperature dependency of frequency shift, 

FWHM broadening, and intensity modulation of characteristics A1g Raman mode are discussed 

in detail. 

2.3.2.1. Frequency shift 

Fig. 2.11a displays the temperature-dependent Raman spectra of LBOS. The ascending 

order of peak shift of the A1g (blue shift compared to room temperature peak position) is 

discerned in LBOS by lowering the temperature. The blue shift is due to anharmonicity in the 

lattice wave.15 The Raman plots are adequately fitted with the Lorentzian line shape, and the 

 

Fig. 2.10: (a) Scanning TEM image of LBOS flake, and (b-d) STEM elemental mapping of Bi, O, 
and Se atoms, respectively, present in the flake. (e) EDX spectrum of LBOS showing the atomic 
percentage of different elements. 
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elicited Raman peak position is plotted with temperature in Fig. 2.11b. The frequency (ω) of 

the Raman mode as a function of temperature (T) can be expressed by15 

      𝜔 = 𝜔0 + 𝛼𝑇                                            (2.1)  

, where 𝜔0 is the frequency of the A1g mode at absolute zero temperature and 𝛼 is the first-

order temperature coefficient of A1g mode. From the linear fit of Fig. 2.11b, we obtained the 

value of α, which is -0.017 87 ± 0.0011 cm-1K-1. It may be noted that we did not consider the 

higher-order temperature coefficients because these terms are notable only at high 

temperatures.15 Interestingly, the α is higher than the α of MoS2 and MoSe2, which are -0.0123 

and -0.0094 cm-1K-1, respectively.15, 21 This is expected because of the electrostatic interaction 

between the layers of LBOS. 

 

 

 

Fig. 2.11: (a) Temperature dependent (78K-293K) Raman spectra. (b) The peak positions 
(symbols) of characteristics A1g mode as a function of temperature. The solid line depicts the linear 
fitting. (c,d) Variation of FWHM of the characteristics A1g mode. The symbols represent the 
experimental data, and the solid line refers to the fitted data using Eq. (2.2) assuming an 
anharmonic phonon dispersion process. (d) Variation of A1g mode intensity (normalized) as a 
function of temperature. 
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2.3.2.2. FWHM 

Fig. 2.11c shows FWHM of the A1g mode increases with the increase in temperature. 

To understand the broadening of the FWHM due to the temperature rise, we contemplate a 

qualitative analysis of temperature dependency of the A1g mode. The contribution from the 

pure temperature effect mainly considers the anharmonic effects of three and four-phonon 

processes. Based on the report by Balkanski et al.,22 the light scattering process can be viewed 

as involving the absorption of a photon, the emission of a photon, and the creation of an optical 

phonon, which then decays via anharmonicity into two phonons, three phonons, etc. The 

production of two and three phonons is called the three-phonon and four-phonon processes, 

respectively. The pure temperature effect, including three and four-phonon processes, can be 

described by a semi-quantitative simple model23 given by 

  Γ(𝑇) = Γ0 + 𝑎 [1 +
2

𝑒
𝑐

2𝑇⁄ −1
] + 𝑏 [1 +

3

𝑒
𝑐

3𝑇⁄ −1
+

3

(𝑒
𝑐

3𝑇⁄ −1)
2]                          (2.2) 

, where 𝑐=ℏ𝜔/kB, Γ0 is FWHM of the corresponding Raman peak at absolute zero 

temperature, and a and b are the second and third-order anharmonic constants, respectively. 

The above equation rightly fits the variation of FWHM as a function of temperature for three-

phonon decay shown in Fig. 2.11c. The FWHM of A1g Raman peak at absolute zero 

temperature is 5.1 cm-1. It resembles a phonon lifetime of 2.08 ps at absolute zero temperature 

considering the relation between Raman FWHM and the phonon lifetime, i.e., 

lifetime =1/π*Γ.24 where Γ is the FWHM in the frequency scale. The values of the second and 

third-order constants are -0.124 ± 0.067 and 0.109, respectively. 

2.3.2.3. Temperature-dependent Raman intensity 

The variation of the Raman intensity of the A1g mode with temperature (Fig. 2.11d) 

shows the systematic increases of Raman intensity with decreasing temperature. Su et al. 

reported that the temperature-dependent hot stimulated phonons of the vibrational state could 

be mathematically represented by the Bose-Einstein distribution function 25, 

     𝜂(𝜔, 𝑇) =
1

[𝑒𝑥−1]
                                       (2.3) 

, where 𝑥=ℏ𝜔/kBT. As the temperature increases, the single phonon decays into two, three, or 

multiple phonons. From the temperature-dependent Raman data, it is discerned that as the 

temperature decreases, the Raman frequency of the A1g mode increases (Fig. 2.11b). 
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Consequently, in equation 2.3, the value of “x” increases, implying that the Bose-Einstein 

distribution function value will decrease and the number of stimulated phonons of the 

vibrational state in LBOS will decrease. Reduction in the number of stimulated phonons leads 

to a higher cumulative scattered photon of the same frequency at a fixed data acquisition time. 

Hence the higher intensity of the Raman signal is observed at a lower temperature. On the other 

hand, increasing the temperature increases the stimulated phonons, which eventually reduces 

the cumulative scattered photons of the same frequency. Due to energy conservation, the 

scattered photons of different frequencies lead to lower Raman intensity at a particular 

frequency and a higher FWHM. Thus, the intensity of the A1g mode reduces along with FWHM 

broadening/phonon dispersion take place as the temperature increases in CVD-grown Bi2O2Se. 

2.3.3. Thermal conductivity 

As noted in the preceding discussion, the A1g mode in LBOS is very sensitive to 

temperature. According to the power-dependent Raman study15, laser excitation develops a 

significant local temperature on a sample. The rise of local temperature is advantageous for 

understanding the phonon behaviour inside the ultrathin sample. Power-dependent Raman 

measurement of ultrathin samples might be conducted on a supported or suspended film to 

estimate thermal conductivity. A supported LBOS is not a good choice for studying the power 

dependency of the phonon mode due to the quick dissipation of local heat to the substrate.26 

Therefore, the quick dissipation of heat need to be avoided to estimate the power coefficient 

accurately. To eliminate the heat dissipation through the supporting substrate, we have 

transferred our sample to a coating-free Cu grid, where the LBOS is suspended (schematically 

displayed in Fig. 2.12(a) and the optical microscopy image is shown in Fig. 2.12(b)). Thus, the 

conduction of the laser-generated heat occurs entirely through a suspended LBOS. The heat 

circulation of the laser source through the sample can determine the thermal conductivity of 

the LBOS. Heat can be disseminated in two ways. (a) Radially from the middle of the laser 

spot to the sample's border when the laser spot size is similar to the sample domain area. (b) 

Longitudinally from the laser spot to the sample's border if the laser spot area is smaller than 

the sample domain area. Heat circulation through a sample follows the following equation26, 

𝑑𝑄

𝑑𝑡
= −𝑘. ∮ ∇𝑇. 𝑑𝑆     (2.4) 

, where 𝑑𝑄/𝑑𝑡 is the rate change of heat through the sample radially, k is the thermal 

conductivity, ∇T is the temperature change, and S is the cross-sectional area through which the 
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heat is transported. Since the flake is suspended, the in-plane distribution of the generated local 

heat due to laser excitation is faster than the cross-plane distribution toward the heat sink (Cu 

grid). The exact configuration of the heat propagation through LBOS is unknown and depends 

on the shape of the flake and its edges. In our case, the laser spot size is smaller than the flake 

size of LBOS. Assuming the laser heat is uniformly transporting from the flakes' middle to the 

border, the sample thermal conductivity is estimated. Balandin et al.17 have calculated the 

thermal conductivity k of single-layer graphene using the formula, 

 𝑘 =
1

2𝜋ℎ
(

𝑑𝑃

𝑑𝑇
)     (2.5) 

, where dT is a change in temperature due to a change in power dP, and h is the flake's thickness. 

Sahoo et al.15 simplified it for calculating the thermal conductivity of few-layer MoS2 by taking 

the derivative of Eq. (2.1) with respect to the power (p) and substituting the value of d𝑝/d𝑇 

from Eq. (2.5) into it, expressed as 

𝑘 =
1

2𝜋ℎ
𝛼 (

𝑑𝜔

𝑑𝑃
)               (2.6) 

, where d𝜔 is a shift in the A1g peak position due to the variation of d𝑃 on the sample surface. 

“h” is the thickness of the LBOS. We observed a systematic red shift in the characteristic A1g 

Raman peak position and broadening in linewidth with the increase in the laser power, as 

shown in Fig. 2.12c. The broadening of the A1g peak of LBOS indicates localized heating due 

to the laser beam. The excitation power increment improved the intensity count along with the 

red shift of the A1g peak. The reason for the enhanced intensities of the first-order Raman mode 

is the higher quantity of the incident photons associated with the increased laser power, 

resulting in more phonons participating in the scattering.25 At relatively high laser 

power(>250 μW), we noticed laser-induced etching of the samples. It depends on the layer 

number of the sample. As the layer number shrinks, a higher possibility of etching at lower 

power is likely. The variation of the Raman peak position with the incident laser power 

variation is displayed in Fig. 2.12d. The systematic red shift in peak position with increasing 

power indicates a rise in the local temperature in the middle of the suspended LBOS. The slope 

of the corresponding plot gives the value of d𝜔/d𝑃 as -0.046 04 ± 0.0008 cm-1μW-1. 
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Finally, considering the fact that the heat is transporting radially from the middle of the 

suspended flake of LBOS, the in-plane thermal conductivity (k) can be estimated using Eq. 

(2.6). The in-plane thermal conductivity is evaluated with a flake thickness of ∼38 nm for the 

small flake size. The value of first-order temperature coefficient (α) is -0.017 87 ± 0.0011 cm-

1K-1, and the value of d𝜔/𝑑𝑃 is -0.046 04 ± 0.0008 cm-1μW-1. The in-plane thermal conductivity 

of the LBOS sample is thus estimated to be ∼ 1.6 ± 0.1 W/mK. A comparison chart of thermal 

conductivity and its experimental methods with different 2D materials is given in Table 2.3. 

The table shows that the LBOS exhibits very low thermal conductivity compared to 

conventional vdW TMDs and graphene. The lower ‘k’ might be attributed to the unique nvdW 

feature of LBOS. Interestingly, our estimated ‘k’ value is consistent with the recently reported 

thermal conductivity value of LBOS in Ref. [27]. Note that we adopted a more straightforward 

method to measure the ‘k’ value in LBOS. Despite the relatively high thickness of the LBOS 

 

Fig. 2.12: (a) Schematic of power-dependent Raman measurement on LBOS, (b) optical image of 
LBOS flakes suspended on a Cu grid, (c) incident laser power-dependent Raman spectra of LBOS, 
and (d) corresponding Raman shift as a function of laser power. The solid line indicates the linear 
fit. 
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flake, the estimated ‘k’ value is very close to that for the few-layer LBOS.27 Thus, the low k, 

even for a multilayer sample, suggests that the multilayer ultrathin Bi2O2Se could be used for 

thermal barrier coating. Due to the ultrathin nature of LBOS, it is apparent that the cross-plane 

contribution to the thermal conductivity is much smaller than the in-plane contribution for the 

case of LBOS. However, more studies are required to isolate the individual contributions. 

 

Table 2.2: Comparison of thermal conductivity and its methodology for different 2D materials. 

Material Thermal 

conductivity 

(W/mK) 

Measurement 

mode 

Method Reference 

Single-layer 

graphene 

~ 4840-5300 Suspended in SiO2 

substrate 

Micro-Raman 17 

free-standing 

silicon nanowire 

~ 53 Suspended Micro-Raman 26 

Few layer MoS2 ~ 52 Suspended 

at the edge of a Cu 

grid 

Micro-Raman 15 

Few layer WS2 ~ 32-53 Suspended in SiO2 

substrate 

Micro-Raman 28 

1L & 2L MoSe2 ~ 59 ± 18 , 

~42 ± 13 

Suspended in SiO2 

substrate 

Micro-Raman 21 

Few layer Black 

Phosphorus 

~ 10-40 Suspended in SiN 

substrate 

Micro-Raman 29 

Few layer h-BN ~ 250-360 Suspended Microbridge 30 

Few layer InSe ~ 28.7-53.4 Supported 

in holey Si3N4/Si 

substrate 

Micro-Raman 31 

Bi2O2Se ~ 0.92-1.91 Suspended in whole 

mesh of a Cu grid 

Micro-Raman 27 

LBOS ~1.6 ± 0.1 Suspended 

at the edge of a Cu 

grid 

Micro-Raman This work 
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2.4. Conclusions 

We have successfully synthesized 2D layered nvdW Bi2O2Se flakes by adopting a 

bottom-up CVD technique. We demonstrated that the LBOS flakes grown on mica substrates 

at relatively high TG have excellent chemical uniformity and high crystallinity. The as-grown 

LBOS are of few-layer to multilayer thickness with a single crystalline nature. The 

interpretation of the temperature-dependent Raman spectral linewidth (FWHM) of LBOS 

reveals that an anharmonic phonon decay occurs when the temperature increases. The thermal 

conductivity of LBOS is estimated comparatively straightforwardly, considering the laser 

source's heat circulation. The calculated thermal conductivity value is ∼1.6 ± 0.1 W/mK at 

room temperature. which is beneficial for thermal insulation and thermoelectric devices. These 

results are essential for further investigating the temperature dependency and insights into 

electron-phonon and phonon-phonon interactions in nvdW 2D materials, such as 2D bismuth 

oxichalcogenides.  
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Chapter 3 

Room Temperature Exciton Formation and Robust 
Optical Properties of CVD-Grown Ultrathin Bi2O2Se 
Crystals on Arbitrary Substrates 

This chapter thoroughly investigates the CVD of ultrathin 2D Bi2O2Se crystals on 

arbitrary substrates, including the growth substrates’ effect on the structure and optical 

properties. In addition, this chapter discovers room temperature multiple exciton formation in 

ultrathin Bi2O2Se. The appealing success of nvdW 2D Bi2O2Se crystals in optoelectronics 

provides an exciting avenue to explore its photo-physical properties. Substantial studies have 

been reported to understand the properties of 2D Bi2O2Se, usually grown on mica substrates. 

Hence, a gap still persists in realizing the effect of arbitrary growth substrates on the structure 

and optical properties (such as absorbance and photoluminescence (PL)) of 2D Bi2O2Se. More 

importantly, the origin of broadband absorption and PL of new-age nvdW Bi2O2Se at visible 

and near-infrared wavelengths is rarely taken care of. We demonstrate that forming multiple 

excitons in momentum valleys is responsible for broadband absorption and visible PL from a 

2D Bi2O2Se. Moreover, this study unfolds that the growth substrates (mica, sapphire, quartz, 

SiO2, glass) introduce strain/doping in CVD-grown Bi2O2Se crystals, and consequently, the 

morphology, lattice constant, absorption coefficient, optical bandgap, refractive index, and PL 

properties are modulated. In addition, the possible direct/indirect multiple exciton formation at 

the valance band to conduction band at different symmetry points of Bi2O2Se is experimentally 

understood and corroborated with the theoretical electronic band structure calculation. These 

findings are significant for the futuristic optoelectronic applications of Bi2O2Se and the choice 

of growth substrates on the directly fabricated nanodevices.  

3.1. Introduction 

2D Bi2O2Se is extensively studied to fabricate electronic devices. The unique 

combination of outstanding air stability and carrier mobility with the built-in charged surface 

renders open scope for discovering inherent properties of 2D Bi2O2Se. In fact, little is known 

about the photo-carrier/exciton dynamics in ultrathin Bi2O2Se. Fundamentally, a 

semiconductor of a direct bandgap nature results in PL emissions through direct exciton 

formation, for example, A and B excitons in monolayer MoS2.1 On the other hand, a unique 

geometry with intralayer/interlayer electrostatic attractions in 2D Bi2O2Se with broad 
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absorption could show PL in visible and near-infrared (NIR) regions. It is indeed interesting to 

investigate the exciton dynamics in ultrathin Bi2O2Se layers, despite its indirect gap nature. In 

addition, it is necessary to develop materials on the desired substrate surface based on their 

application. Depending upon research and application, 2D materials have been prepared on 

different substrates, such as quartz, mica, SiO2, glass, sapphire, SrTiO3, etc. Bi2O2Se has been 

grown on mica substrate2-7, SrTiO3
8, and  SiO2 substrate9. Many reports have been devoted to 

exploring the structural and optical properties of Bi2O2Se, and optoelectronic applications.10 

Nevertheless, to date, there is no study on the influence of growth substrates of Bi2O2Se crystals 

on their structural and optical properties. To address the lacunae, we explored the effect of 

growth substrates on the structural and optical properties of Bi2O2Se crystals grown via CVD. 

In this chapter, we studied the substrate-induced effects on the microstructure and 

optical absorption and emission properties of directly CVD-grown Bi2O2Se crystals. The 

morphology of the crystals changes not only with growth temperature but also due to physical 

roughness, chemical activity, and lattice structure compatibility of the substrate. We show that 

with the growth at 580 ℃, mica substrate promotes squared morphology of Bi2O2Se crystals 

with sharp edges due to its positively charged surface, consistent with the studies of Chapter 

211. However, the sapphire substrate exhibits different morphology due to its lattice 

incompatibility (hexagonal crystal surface). Similarly, studies on other substrates are analyzed 

in detail. At 560 ℃, sapphire shows non-uniform irregular multilayer growth, and similar to 

mica substrate, SiO2 produces rod-like multilayer growth, unraveling the role of substrate 

crystallinity and surface chemistry, including surface roughness.11 Thus, the surface of the 

substrate makes the structure and optical properties of crystals to vary. All the substrates (mica, 

SiO2, sapphire, glass, quartz) introduce an out-of-plane compressive strain in the as-grown 

Bi2O2Se layer. Lattice parameters and induced strain have been quantified via XRD analyses. 

We observe a broad optical transition in visible and NIR wavelength ranges. We identified the 

absorption peaks of Bi2O2Se depending upon the growth substrates, revealing the peak shift 

primarily due to the substrate-induced strain. Subsequently, the optical bandgap of Bi2O2Se 

can be modulated based on growth substrates. It is worth mentioning that the carrier mobility 

remains almost constant (∼200 cm2V-1s-1) for multilayer Bi2O2Se (> 6.2 nm), but dropped for 

few-layer (< 6.2 nm) thickness2 suggesting multilayer samples are promising for optoelectronic 

devices. Thus, exploiting the effect of growth substrate in a multilayer sample is indeed crucial 

for designing a device with known functionalities. 
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Additionally, the origin of PL from Bi2O2Se film in the visible-NIR region has been 

explored using reflectivity and PL spectroscopy measurements. Through a combined 

experimental and theoretical calculation, our results demonstrate the multiple exciton 

formation, which inevitably results in the broad absorption and broad PL peak for Bi2O2Se. 

The PL intensity can be tuned depending on the growth substrate, mainly due to the change in 

carrier density/induced intrinsic strain. We evaluate the exciton binding energy of Bi2O2Se, 

which is lower than that of conventional TMDC, such as MoS2 and WS2. The implication of 

these results on the fundamental understanding of structural and optical properties of Bi2O2Se, 

including its photo-excited carrier dynamics, are discussed. 

3.2. Experimental details 

3.2.1. Materials 

Bi2O3 (99%, Alfa Aeser) and Bi2Se3 (99.995%, Sigma Aldrich) are the precursors for 

Bi2O2Se growth, similar to Chapter 2. Commercial quartz, mica, sapphire, SiO2, and glass 

substrates were purchased and used as growth substrates. Quartz, mica, and sapphire were used 

without further cleaning; however, SiO2 and glass were cleaned before use. Since commercial 

SiO2 and glass were purchased in bulk and kept in a laboratory atmosphere, we conducted 

Acetone, IPA, and DI water cleaning utilizing a bath sonicator to remove the microdust. 

However, commercial quartz, mica, and sapphire were purchased with high purity and came as 

properly sealed pieces. Hence, we did not do further cleaning for quartz, mica, and sapphire 

substrates.    

3.2.2. Preparation 

To prepare 2D Bi2O2Se crystals, we followed section 2.2.1.  Similar to the discussion 

in section 2.2.1, we have kept the quartz, sapphire, SiO2, and glass substrates in place of the 

mica substrate. Bi2O3 and Bi2Se3 were kept at the center and away from the center (i.e., against 

the gas flow) of the heating-temperature zone, respectively. The substrate was kept 9 to 12 cm 

away from the top high-temperature region in the gas flow direction. The 9 to 12 cm distance 

is chosen for keeping the growth substrates at the different TG. The temperature gradient varies 

from 580 ℃ to 540 ℃ in increasing order of distance (9-12 cm) from the centre of the heating 

zone. The location of the growth substrate mica, sapphire, and SiO2 is at 9-11 cm (TG~560-580 

℃), and glass and quartz are at 11-12 cm (TG~540 ℃). Note that the different substrates were 

used in different sets of experiments.  
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3.2.3. Characterization techniques 

XRD, AFM, and Raman characterization details are similar to section 2.2.2. Absorption 

and reflectivity measurement was performed operating a commercial spectrophotometer 

(PerkinElmer, Lambda 950). X-ray photoelectron spectroscopy (XPS) measurement was 

performed using a PHI 5000VersaProbe III (M/s Physical electronics, USA) with a 

monochromated K-Alpha X-ray source (1486.7 eV) for the analysis of the chemical 

compositions. We adopted a temperature stage with a remote functioning span of 50× objective 

for temperature-dependent PL measurement with an excitation wavelength of 488 nm. Liquid 

nitrogen was used as the coolant. 

3.3. Computational details 

First-principles calculations were carried out through density functional theory (DFT), 

as incorporated in the Quantum ESPRESSO software package 12. The geometry of bulk 

Bi2O2Se 

was optimized by using generalized gradient approximation with Perdew-Burke-Ernzerhof 

(GGAPBE)13 exchange-correlation methods, including Grimme's DFT-D314. The projector 

augmented wave (PAW)15 approach described core-valence electron interaction, and a plane 

wave basis cut-off was set at 80 Ry. Monkhorst-Pack k-point16 mesh of 8 × 8 × 3 51 was used 

for geometry optimization and density of states (DOS) calculation. Self-consistency was 

obtained by employing a force of 10-2 eV/Å. To get the bandgap appropriately for such a strong 

correlation system, the Hubbard parameter (U) of the generalized gradient approximation 

(GGA+U) has been used52. The U was added for Bi and Se elements (Bi = 2.5 eV, Se = 2.0 

eV).  

3.4. Results and Discussion 

3.4.1. CVD-growth of 2D Bi2O2Se on arbitrary substrates 

At first, Bi2O2Se crystals were grown on different substrates via chemical vapor 

deposition (detailed information is depicted in Fig. 3.1). Our earlier study (Chapter 2) reveals 

that the morphology of the Bi2O2Se grown on mica substrates varies with growth temperature 

(TG).11 In the present chapter, the samples were grown on sapphire, SiO2, quartz, glass, and 

mica substrates. The substrates exhibit different surface properties, such as physical roughness 

and chemical activity, which impact the nucleation over the surface during the growth. To 

TH-3204_186121014



49 |            R o o m  T e m p e r a t u r e  E x c i t o n  F o r m a t i o n  i n  U l t r a t h i n  B i 2 O 2 S e  

check the physical roughness of the substrates, we conducted atomic force microscopy and the 

topography represented in Fig. 3.1 (a-e). The mica is a smoother surface with very low 

roughness (Rq) of 15 pm (Fig. 3.1a). Favorably, squared morphology (Fig. 3.1f) of Bi2O2Se 

flakes with sharp edges with 90° angle (inset of Fig. 3.1f) was observed on mica substrate at a 

TG of 580 ℃, consistent with the earlier study.11 The sapphire substrate exhibits a smooth 

surface with a roughness of 25 pm (Fig. 3.1b). On sapphire, Bi2O2Se growth shows a 

rectangular truncated hexagonal edge with an angle of 120° (inset of Fig. 3.1g) at TG~ 580℃. 

Sharp edges of Bi2O2Se on mica are attributed to lattice matching at the substrate/sample 

interface, whereas rectangular truncated hexagon edges might arise due to sapphire's hexagonal 

crystal surface. TG and vapor pressure variations are critical in changing the morphology of as-

grown Bi2O2Se. At TG~560 ℃, the growth on sapphire and SiO2 show non-uniform irregular 

and rod-like morphology (see Fig. 3.1h and i and their inset), respectively, with multilayer 

thickness similar to mica case, as studied in the earlier chapter.11 Growth on quartz and glass 

results in the agglomeration of Bi2O2Se crystals at ~540 ℃. Note that at a higher TG (~580 ℃), 

we did not observe any film growth on quartz, glass, and SiO2 due to unsuitable thermodynamic 

conditions. SiO2 possesses a surface with a comparatively higher roughness (~90 pm) due to 

its amorphous nature with active dangling bonds (shown in Fig. 3.1c). Dangling bonds and 

defects over the surface make the surface chemically reactive. SiO2 exhibits rod-like 

morphology of Bi2O2Se crystals on amorphous and chemically active surfaces. Interestingly, 

mica results in similar rod-like vertical growth at the same temperature window.11 However, 

the thickness and area of Bi2O2Se crystal are different in both substrates. Mica produces higher 

thicknesses with a larger area of Bi2O2Se crystals than SiO2. This indicates faster nucleation 

over the mica surface than the SiO2 substrate. Faster nucleation on the mica surface is ascribed 

to its cleaved surface with lattice matching. The similar rod-like structure of Bi2O2Se on SiO2 

and mica suggests that the favorable formation energy of rod-like Bi2O2Se is ~560 ℃. Mica 

and sapphire both have smoother and crystalline surfaces, though mica shows distinct squared 

morphology of Bi2O2Se crystals due to the similar layered structure, which accelerates the 

nucleation via electrostatic interaction with Se-atoms underneath the surface of Bi2O2Se. 

During nucleation, electrostatic attachment is generated at the Bi2O2Se/mica interface, 

stimulating the form of sharp edge squared shape morphology. Nevertheless, a charged surface 

is lacking in sapphire, which results in rectangular truncated hexagonal edge growth. Although 

the quartz substrate is crystalline with a smooth surface, as shown in Fig. 3.1d (roughness ~50 

pm), lower TG (~540℃) results in agglomerated growth over the surface. A similar kind of 

agglomerated growth was observed on the glass substrate due to a highly rough surface (Rq~ 
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140 pm, Fig. 3.1e). However, the film thickness (~25 nm) on quartz substrate is ~five times 

lower than that on the glass substrate (~120 nm) (Fig. 3.1v and 3.1w). At lower TG, vapor 

pressure/ molecular density is lower than at higher TG, and it may initiate multiple nucleation 

centers over a particular region, resulting in agglomerated growth. Higher vapor 

pressure/density at high TG can create only a few nucleation centers in the same surface area. 

Now, for the same growth duration, it leads to individual nucleation with larger lateral growth. 

Sequentially, at high TG, a few micrometers (2-5 micrometers) of individual flakes were 

obtained, and at lower TG, non-uniform agglomerated growth was obtained over a large area. 

Since positively charged [Bi2O2]+ and negatively charged [Se]- are forming a layered structure 

with weak electrostatic force, in contrast to other conventional vdW 2D materials (such as 

 

Fig. 3.1: (a-e) Atomic force microscopy images of mica, sapphire, SiO2, quartz, and glass 

substrate denoting the roughness of the surface. (f-k) Optical microscopy images of as-grown 

samples on different substrates. (j-q) Topography images of as-grown samples and (r-w) their 

corresponding height profile. Inset of (f-i) highlights the edge morphology of the synthesized 

Bi2O2Se. Inset of (h and i) has the scale bar of 0.2 and 0.5 mm. 
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TMDCs), it is likely to grow vertically (along the C-axis),  instead of the usual lateral growth 

for conventional vdW materials. Therefore, it is possible to grow a multilayer sample on each 

substrate. Mica possesses positively charged [K]+ on the top surface, which is further connected 

with negatively charged [Se]- and then to positively charged [Bi2O2]+, and the sequence repeats 

during growth. So, it is expected to observe a uniform layered surface of Bi2O2Se grown on K+ 

terminated mica surface. However, the case is different for the growth of Bi2O2Se on other 

substrates (e.g., SiO2, sapphire, glass, quartz), and therefore we observe irregularly shaped 

flakes. 

3.4.2. Structural properties 

To evaluate the structural features of the flakes grown on different substrates, directly 

grown CVD samples on arbitrary substrates were characterized with XRD analyses (Fig. 3.2). 

Note that the XRD patterns were acquired on mica, sapphire, and SiO2 under identical growth 

 

Fig. 3.2: (a) Stacked XRD pattern showing (004) peak of Bi2O2Se crystals grown on different 

substrates. The symbols are the experimental data, while solid lines refer to the Gaussian-fitted 

spectra. (b) The 2θ vs. growth substrate plot obtained from Gaussian fitting of (004) peak 

demonstrates the peak shift. Two color panel denotes two growth temperature (TG ~ 560℃: 

light orange and TG ~ 540℃: light yellow). (c) The lattice parameter (c) of Bi2O2Se extracted 

from the respective peak on different samples using Bragg's law. (d) The intrinsic out-of-plane 

strain (%) for different growth substrates estimated via 
ΔC

C
× 100.  
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conditions (TG ~ 560 ℃). Additionally, the XRD pattern are recorded on Bi2O2Se/quartz and 

Bi2O2Se/glass at the TG of ~540 ℃ since we did not observe growth at 560 ℃ on quartz and 

glass. Fig. 3.2a   reflects the comparative XRD pattern corresponding to the (004) and (103) 

planes of Bi2O2Se. The fitted Gaussian line shape of the (004) peak reveals that the peak 

position differs on different substrates. In JCPDS data (PDF Card No.: 01-070-1549), the 2θ 

value for the (004) plane lies at 29.23°. Noticeably, the corresponding peak position on all the 

substrates is shifted to a higher 2θ value (Fig. 3.2b). This indicates compressive strain (out-of-

plane) on the Bi2O2Se crystals introduced by the substrates during the growth. Further, the 

lattice parameter (c) is deduced using Bragg's law (2𝑑 sin 𝜃 = 𝑛𝜆)  and 
1

d2
=

h2+k2

a2
+

l2

c2
 owning 

the tetragonal phase of Bi2O2Se. Fig. 3.2c shows a plot of ‘c’ for different substrates. A strain-

free Bi2O2Se crystal exhibits a ‘c’ value of 12.21 Å (PDF Card No.: 01-070-1549). However, 

the obtained ‘c’ values are 12.15 Å (mica), 12.14 Å (SiO2), 12.13 Å (sapphire), 12.08 Å (glass), 

and 12.03 Å (quartz). The variation of the ‘c’ can be associated with strain/charge doping from 

the substrate surface  and charge impurities.17, 18 In order to identify the quantitative effect of 

substrates on the ‘c’ value, the out-of-plane strain has been estimated by calculating 
ΔC

C
 . 

Interestingly, the multilayer Bi2O2Se (~50 nm) grown over mica holds minimum out-of-plane 

compressive strain (-0.43 %) among all the substrates (Fig. 3.2d). SiO2 and sapphire induce -

0.49 % and -0.58 % compressive strain, respectively, on the multilayer Bi2O2Se with the 

thickness of ~10-13 nm and at an identical TG (~560 ℃). Thus, even with similar thickness and 

identical TG, the strain variations imply that the substrate induces a strain in the as-grown 

Bi2O2Se crystals. On the other hand, Bi2O2Se grown over quartz shows maximum out-of-plane 

compressive strain (-1.44 %), among various substrates, as shown in Fig. 3.2d. For the same 

TG (~540 ℃), the glass substrate exhibits -1.05 % compressive strain, which is lower than that 

for the quartz (-1.44 %) case, indicating that the influence of substrate is more than the TG. Due 

to the higher thickness of Bi2O2Se on glass (~120 nm) than quartz (~25 nm), strong coupling 

within the layers may increase the compressive strain on the glass compared to quartz, which 

is not observed. Therefore, the lower lattice compression in glass compared to quartz indicates 

that the thickness has little role in the lattice strain (refer to Fig. 3.2d). Hence, the substrate-

induced strain is believed to be the key reason behind the change in lattice constant. 

Furthermore, Raman spectra were recorded to evidence the difference in structure and 

electronic properties induced by the growth substrates during the CVD growth. Fig. 3.3a shows 
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the stacked Raman spectra of characteristic Raman mode A1g of Bi2O2Se on different 

substrates. Lorentzian fitted parameters reveal the relative shift in the A1g mode peak position 

with respect to theoretical value 159.89 cm-1.19 A shift of the A1g mode can be associated with 

the strain, change in electron density, and layer thickness in 2D Bi2O2Se.  Here we have studied 

the multilayer thickness samples, which have less influence on out-of-plane vibration mode in 

nvdW Bi2O2Se compared to few-layer/monolayer samples. According to the literature, the peak 

position of A1g remains steady for multilayer samples (≥10 nm).20 As this study is more focused 

on the multilayer samples (≥10 nm), we presume that the layer thickness has a negligible effect 

on the observed Raman modes. Thus, it suggests that the change in charge doping 

density/doping-induced strain or substrate-induced mechanical strain in Bi2O2Se influences the 

Raman modes. This is fully consistent with the XRD analysis showing a lower lattice constant 

than its standard value (c:12.21 Å). Note that due to the robust tetragonal crystal structure of 

Bi2O2Se, it is apparent that a decrease in the out-of-plane lattice constant (i.e., compressive 

strain) can result in an increase of in-plane lattice constant and thus introduce an in-plane tensile 

strain. Accordingly, the out-of-plane vibration of Bi atoms in Bi2O2Se crystals grown at 

identical TG results in the redshift of Raman peak (Fig. 3.3b) with respect to the theoretically 

 

Fig. 3.3: (a) Stacked Raman spectra of characteristics A1g Raman mode of Bi2O2Se grown on 

different substrates (symbols) with Lorentzian fit (solid lines). (b-c) The Lorentzian fitted peak 

position of A1g Raman mode on different growth substrates at TG ~560 ℃ and TG ~540℃. (d-e) 

The linewidths of the (004) plane peak on growth substrates, which were obtained from XRD 

analyses with two TG (d: ~560 ℃ and e: ~540℃). 
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calculated peak position of A1g mode of Bi2O2Se at 159.89 cm-1.19. Although sapphire and SiO2 

substrate show multilayer Bi2O2Se with similar thickness, the higher redshift (0.5 cm-1) on SiO2 

than sapphire might be due to the effect of the substrate-induced strain. The higher redshift on 

SiO2 than sapphire signifies a decrease in compressive strain. The compression increases in the 

order of mica → SiO2 → sapphire according to XRD data (Fig. 3.2d). This is consistent with 

the blueshift in the order of mica → SiO2 → sapphire in the Raman data (Fig. 3.3b) and it 

indicates an increase in compressive strain. Similarly, a relative peak shift (0.3 cm-1) for quartz 

than glass with TG ~ 540℃ is attributed to substrate-induced strain/layer thickness (Fig. 3.3c). 

To correlate the origin of peak shift, the XRD linewidth of (004) peak is analysed. The 

linewidth of the XRD (004) peak follows the same trend as the Raman peak shift indicating 

that the substrate-induced non-uniform strain is dominant on directly CVD-grown samples 

(Fig. 3.3d and 3.3e). The substrate indued strain can be categorized into two effects, (i) 

substrate-induced out-of-plane mechanical strain and (ii) substrate-induced charge doping 

density modulation, which partially contributing to the Raman peak shift. 

XPS measurement has been employed to assess the chemical states, the electronic band 

structure, and carrier doping for different growth substrates. Fig. 3.4 shows the survey scan 

spectra of Bi2O2Se grown over SiO2 (Fig. 3.4a), quartz (Fig. 3.4b), sapphire (Fig. 3.4c), mica 

(Fig. 3.4d), and glass (Fig. 3.4e) and show that the as-grown samples contained characteristics 

Bi 4f, Se 3d, and O1s peak, indicating the formation of the crystals. Further, a high-resolution 

spectrum was acquired for Bi 4f, O 1s, and Se 3d elements to identify the oxidation states, as 

shown in Fig. 3.5(a-c), and the binding energies (BEs) are tabulated in Table 3.1. On the 

sapphire substrate, Bi 4f BEs are 158.8 eV (Bi 4f 7/2) and 164.2 eV (Bi 4f 5/2). On SiO2, the BEs 

are 159.2 eV and 164.5 eV. Hence on SiO2, the BEs are upshifted by ~ 0.4 eV towards higher 

binding energy, indicating reduced electron density in Bi2O2Se gown on SiO2 than sapphire. It 

is attributed to the higher charge impurities lying over the surface of SiO2 than sapphire. In 

general, higher binding energy means reduced electron density. In addition, the binding 

energies of O 1s are 530.0 eV (O1s(I)) and 531.9 eV (O1s(II)) for SiO2 and 530.1 eV (O1s(I)) 

and 530.8 eV (O1s(II)) for sapphire as shown Table 3.1. The contribution of O 1s(II) centered 

at 531.9 eV is higher on SiO2 than sapphire. This may be partly due to the presence of Bi2SeO5, 

as samples were exposed to the ambient air prior to the XPS measurements21, and partly due to 

the larger scan area, which might be affected by the substrate oxygen states. According to a 

previous study, in the case of oxide formation on the surface of the Bi2O2Se, characteristic 

Raman mode (A1g) would not be observed.22 Therefore,  the native Bi2SeO5 formation is not 
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due to atmospheric exposure on top of Bi2O2Se, as the Raman characteristics A1g is present 

even after air exposure. Thus, native oxide formation at the interface between the exposed 

surface of oxygen-contained growth substrates (SiO2) and Bi2O2Se is more likely than the 

Bi2OSe5 formation on the surface of Bi2O2Se. Note that the XPS instrument can analyze only 

~5-10 nm of the top surface. Moreover, we know the XPS scanning area is larger than the 

lateral sample size in the present scenarios. Therefore, it is likely to have the Se4+ oxidation 

state due to native oxide (Bi2SeO5) formation on the substrate surface (SiO2). 

 

Fig. 3.4: Comparative XPS survey scan spectra of Bi2O2Se on (a) SiO2, (b) quartz, (c) sapphire 

(d) mica, and (e) glass substrates. 
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The Se 3d BEs are 52.8 eV, 53.7 eV, 58.8 eV, 59.9 eV on SiO2, and 53.0 eV, 53.8 eV, 

58.5, and 59.3 eV on sapphire (Table 3.1). This indicates the presence of Se4+ states caused by 

forming an oxide layer. The higher contribution from O 1s on the SiO2 substrate indicates that 

the formation of an oxide layer is more favorable on SiO2 substrates than sapphire, consistent 

with relative contribution from the Se4+ state, as shown in Fig. 3.5c (upper and lower panel). 

The amorphous oxide layer probably influences the formation of the oxide layer faster than the 

crystalline sapphire surface. As the O-terminated surface is chemically reactive, the 

characteristics of the first Se layer are significantly modified by the formation of the strong Se-

 

Fig. 3.5: (a-c) Stacked Bi 4f, O 1s, and Se 3d spectra for Bi2O2Se on sapphire, quartz, and SiO2 

substrates. Experimental data are represented using symbols and fitted spectra using solid 

lines with shaded regions. Shirley's baseline was utilized for XPS spectral fitting. (d) Left y-axis: 

Bi 4f 7/2 binding energies and right y-axis: FWHM of A1g mode depending on growth substrates 

(sapphire, quartz, SiO2). (e) The ratio of FWHM of O1s (I) and O1s (II) states on sapphire, 

quartz, and SiO2 substrates. (f) The intensity ratio of Se2+ and Se4+ states based on growth 

substrates. 
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O bonds (probably the Bi2SeO5 phase as it is energetically favorable). Due to the built-in 

dipolar electric field within two consecutive layers, the formation of Bi2O2Se is restored with 

the next layer of [Bi2O2]+ layer. In the metastable interface geometry on the O face, the 

substrate is weakly bonded to the first Se layer and induces charge doping, which ascribes the 

charge transfer from the Bi2O2Se to the oxygen-dangling bonds.23-25 Consequently, it results in 

upshift (~0.4 eV) of Bi 4f state and downshifts (~0.2 eV) of Se 3d (Se2+) in SiO2 substrate w.r.t.  

sapphire case. Eventually, it directs that Bi2O2Se can be n-doped if the Si-terminated surface 

has active dangling bonds. Therefore, charge density modulation is achievable by choosing a 

particular growth substrate.  Substrate-dependent changes in the bonding will likely change the 

optoelectronics performance of the Bi2O2Se layers. Additionally, at TG~540 ℃ (i.e., lower than 

sapphire and mica TG, ~560℃), quartz substrate exhibits Bi 4f7/2 at 159.0 eV and Bi 4f5/2 at 

164.3 eV and O 1s at 529.9 eV(I) and 531.5(II) eV and Se 3d (Se2+) at 53.1 eV and 53.8 eV 

and Se4+ at 58.6 eV and 59.4 eV. Compared to the SiO2 case, the bi 4f binding energy is 

downshifted (~0.2 eV), implying the higher n-type doping of Bi2O2Se grown on the quartz 

substrate than SiO2, as expected due to crystalline surface/less surface impurities of quartz than 

SiO2. This suggests that lower TG could provide n-type Bi2O2Se due to higher Se vacancies 

consistent with the observations of Se4+ i.e., the relative contribution of Se4+ to Se2+ is higher 

in quartz case than sapphire (i.e., the intensity ratio of Se2+ and Se4+ is 3.0 on sapphire and 0.5 

on quartz, as depicted in Fig. 3.5f). Bi2O2Se grown at lower TG in quartz (Fig. 3.1v) exhibits a 

much higher roughness than that on sapphire (with higher TG) (Fig. 3.1(m, n)) due to higher 

roughness of the quartz substrate. Due to this surface roughness, there coud be multiple 

nucleation sites on quartz. At lower TG, multiple nucleation sites on quartz promote the 

formation of multi-grain boundaries (GBs) during the growth. Thus, the higher Se vacancies at 

lower TG could be ascribed to multi-GBs of Bi2O2Se 26. Additionally, XRD measurements of 

Bi2O2Se grown on a quartz substrate (Fig. 2.7c, chapter 2) exhibit diffraction peaks (101) and 

(103) along with (00l), confirming polycrystalline growth of Bi2O2Se on a quartz substrate. 

Ample Se vacancies along the GBs26 exist due to the polycrystalline growth of Bi2O2Se on 

quartz. 
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Table 3.1: Fitting parameters of XPS spectra showing the binding energies of each element 

(Bi 4f, O 1s, Se 3d) in Bi2O2Se grown on different substrates. 

 

Growth 

Substrate 

Growth 

temperature 

(℃) 

Binding energies (eV) 

Bi 

4f7/2 

Bi 

4f5/2 

O1s 

(I) 

O1s 

(II) 

Se 2+ 

3d5/2 

Se 2+ 

3d3/2 

Se 4+ 

(I) 

Se 4+ 

(II) 

Sapphire 560 158.8 164.2 530.1 530.8 53.0 53.8 58.5 59.3 

Quartz 540 159.0 164.3 529.9 531.5 53.1 53.8 58.6 59.4 

SiO2 560 159.2 164.5 530.0 531.9 52.8 53.7 58.8 59.9 

 

Interestingly, the FWHM of O1s(II) peak on quartz (3.2 eV) is larger than that on 

sapphire (1.9 eV) as expected and relatable to higher contribution of Se4+/Se vacancies/n-

doping on quartz. A qualitative understanding has been employed by calculating the FWHM 

ratio of O 1s(I), and O1s(II) as shown in Fig 3.5e, which reflects that SiO2 and quartz have 

higher FWHM of O1s consistent with higher n-doping in SiO2 and quartz than sapphire, though 

on quartz it is mainly due to Se vacancies, and on SiO2 it is mainly due to higher O-dangling 

bonds. It is evident that substrate/sample interface impurities could be doped as different 

substrates have different charge impurities.27 The SiO2 substrate has higher charge impurities 

than sapphire substrate over its surface, resulting in higher charge doping in Bi2O2Se crystals 

grown on SiO2 than the sapphire substrate consistent with the Bi 4f7/2 peak shift observation 

 

Fig. 3.6: FWHM of Raman A1g Raman mode of Bi2O2Se on different growth substrates. 
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(Fig. 3.5d; left y-axis) and Raman FWHM increment28 (Fig. 3.5d; right y-axis). The Bi 4f 7/2 

is upshifted (~0.4 eV) in the SiO2 case compared to sapphire. Consequently, a higher FWHM 

is observed in the A1g mode of Bi2O2Se crystals under identical growth conditions. However, 

on quartz, the doping is higher than the sapphire due to Se vacancies. On mica, the 

presence/absence of K+ ions on mica probably causes charge doping modulation.29  Mica 

induces higher n-type doping/(higher FWHM of A1g) in Bi2O2Se than sapphire. With an 

identical TG (540 ℃), glass exhibits higher charge doping/FWHM of A1g than quartz due to 

lower surface impurities on the quartz substrate than on the glass substrate (Fig. 3.6). 

Therefore, the growth substrate essentially tunes the structural and electronic properties of as-

grown Bi2O2Se. It is interesting to know how these structural-carrier densities impact the 

optical properties of Bi2O2Se, which are discussed below. 

3.4.3. Optical properties 

Substrate/sample interface engineering is an effective way to modulate light harvesting 

behavior in low-dimensional material for improving the light-matter interaction.30, 31  UV-

visible absorption spectra of ultrathin 2D Bi2O2Se were collected for different samples grown 

on different substrates to assess the optical properties. Note that, the UV-visible absorption 

spectrum could be measured only on optically transparent substrates (quartz, mica and glass). 

Fig. 3.6a (upper panel) shows the respective absorption spectra for different samples. For the 

non-transparent substrates, sapphire and SiO2, we adopted diffuse reflectance spectroscopy 

(DRS) measurement to obtain the absorption behavior. The Kubelka–Munk function, 

representing the absorption of the as-grown Bi2O2Se, is shown in Fig. 3.6a (lower panel). 

Interestingly, the spectra are broad with specific features. Yu et al. reported that the excimer 

formation causes a broad absorption band  (550-740 nm) due to the stacking of positively 

charged   [Bi2O2]2+ and negatively charged Se2−  layers with covalent bonds creating a built-in 

dipolar electric field along the stacking direction in ultrathin Bi2O2Se crystals, which basically 

modifies the excited states under light irradiation.32 The light-modified excited state was 

termed the excimer state. Remarkably, the close-lying electronic states in the band structure 

can give rise to broad absorption with multiple broad/narrow peaks, consistent with our 

observations (Table 3.2) explained below. On mica, the absorption peak positions for Bi2O2Se 

are ~460 nm, ~490 nm, and ~654 (1.896 eV) nm, with a broad feature, as shown in Fig. 3.7a 

and b. Fig. 3.7b represents the magnified view of the lower-wavelength region to visualize the 

peaks at ~ 460 and ~ 490 nm. In case of glass substrate, the peaks are ~456 nm, ~484 nm, and 

~649 nm (1.911 eV). On quartz, broad peaks were observed at ~435 - 550 nm and ~634 (1.956 
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eV). On sapphire, absorption peaks were observed at ~450 nm, ~486 nm, and ~651 nm (1.905 

eV) for as-grown Bi2O2Se crystals. On SiO2, the absorption peak positions are ~455 nm, ~486 

nm, and ~662 nm. These peaks could be assigned to direct/indirect optical transitions between 

the symmetry points, as discussed below. 

Table 3.2: Absorption peak positions of Bi2O2Se on different growth substrates. 

Growth Substrate Peak positions (nm) 
Mica ~460, ~490, ~654 

Glass ~456, ~484, ~649 

Quartz ~435 - 550, ~634 

Sapphire ~450, ~486, ~651 

SiO2 ~455, ~486, ~662 

  

 

Fig. 3.7: (a) Absorption spectra of Bi2O2Se on mica and glass substrates (upper panel), Kubelka 

Munk plot (F(R)) of Bi2O2Se on SiO2 and sapphire (lower panel). (b) Magnified portions of 

absorption spectra showing pronounced peaks in the range of 430-520 nm. (c) Differentiated 

Kubelka-Munk absorption spectrum depicting the multiple exciton peaks. (d) DFT calculated 

the electronic band structure of bulk Bi2O2Se with rescaled CB valleys, depicting the different 

excitonic transitions (indirect and direct). (e) Differentiated Kubelka-Munk absorption spectra 

depict multiple exciton peaks of Bi2O2Se on different growth substrates. 
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According to first-principles calculations, the band structure of the 2D Bi2O2Se   

exhibits a low indirect bandgap due to optical absorption edges at the X−Γ point. The 

theoretical calculation reveals that Γ−Γ  direct optical transition is probable, and a strong 

absorption peak should appear at 596 nm.32 However, we observed a broad absorption feature 

deconvoluted with multiple peaks, which might have arisen from the other optical 

transitions/exciton formation in the visible-NIR range. Due to the close-lying valleys in the 

band structure, the possible optical transitions/exciton formations are at ΓVB (outer) - ΓCB 

(outer), ΓVB (inner)−ΓCB (outer), ΓVB (inner)−ΓCB (outer), MCB−MVB (outer/inner), XVB−ΓCB 

(inner), RVB−ΓCB (inner), RVB−MCB (outer/inner), and ΓVB (outer/inner)−MCB (outer/inner), in 

the range of 400 to 725 nm according to theoretical electronic band structure.2, 32 In our case, 

the broad absorption peak in the range ~590 to 750 nm could be assigned to the combined 

effect of R−M, X−M, and Γ−Γ points transitions. The peak at 486 nm (2.55 eV) is possibly 

caused by MVB−MCB (outer), ΓVB (inner) − ΓCB (inner) transitions, and the peak at 456 nm (2.72 

eV) is mainly contributed by MVB−MCB (inner) point transitions. To visualize and understand 

these optical transitions prominently and quantitively, the differentiated data (ΔF(R)/Δλ) has 

been plotted in Fig. 3.7c, which is further consistent with the theoretical calculations of exciton 

formations at different momentum valleys. In the differentiated Kubelka-Munk plot, the peaks 

at ~500 nm, ~551 nm, ~606 nm, ~683 nm, and ~728 nm originate from the exciton formation 

at MVB−MCB (outer), ΓVB (inner)−ΓCB (inner) transitions (D-exciton), ΓVB (outer)−ΓCB (inner) 

(C-exciton), ΓVB (inner)−ΓCB (outer) (B-exciton), ΓVB−ΓCB (A-exciton) and XVB−ΓCB, RVB−ΓCB 

(Eindirect) transitions, respectively (see Fig. 3.7d). To validate our experimental observation, we 

have calculated the electronic band structure of bulk Bi2O2Se by density functional theory 

(DFT) (see Fig. 3.7d for band structure bulk Bi2O2Se), and the energy values of CBM and 

VBM at different K-points are tabulated in Table 3.3. The extracted energy gaps at different 

valleys are tabulated in Table 3.4. In line with Yu et al. report32, the internal geometry of 

Bi2O2Se changes during the excited state due to the built-in-dipolar electric field along the 

stacking direction, making us to rescale the conduction band valleys. Interestingly, after 

rescaling (an upshift of 0.3835 eV and 0.1704 eV of outer and inner CB valleys, respectively), 

the energy gaps between the VB and CB at different symmetry points match very well with the 

experimental results of different exciton formations. Thus, it is concluded that the multiple 

exciton formation at the excimer state causes broad features with multiple peaks in the 

absorption spectrum. 
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Table 3.3: Energy value at different high symmetry k-points obtained from the DFT 

calculation. 

 

Table 3.4: Summary of energy differences at high symmetry k-points due to different indirect 

and direct transitions calculated theoretically and observed experimentally. 

 Theoretical values  Experimental values 

Transitions Energy (eV) Wavelength 

(nm) 

Exciton Wavelength (nm) 

ГVB (outer)−ГCB (outer) 1.86 667 A 683 

ГVB (inner)−ГCB (outer) 2.23 556 B 606 

ГVB (outer)−ГVB (inner) 2.26 548 C 551 

ГVB (inner)−ГCB (inner) 2.63 471 D 500 

MVB−MCB (outer) 2.63 471 

MVB−MCB (inner) 2.82 440 E  

XVB−ГCB (outer) 1.31 946 Eindirect 970 

RVB−ГCB (outer) 1.32 939 904 

XVB−MCB (outer) 1.67 743 833 

RVB−MCB (outer) 1.68 738 728 

XVB−ГCB (inner) 1.71 725 

RVB−ГCB (inner) 1.72 721 

RVB−MCB (inner) 1.87 663  

ГVB (outer)−MCB (outer) 2.22 559  

MVB−ГCB (outer) 2.27 546  

ГVB (outer)−MCB (inner) 2.41 515  

ГVB (inner)−MCB (outer) 2.59 479  

MVB−ГCB (inner) 2.67 464  

ГVB (inner)−MCB (inner) 2.78 446  

 

Interestingly, we observe the variation in the exciton peak positions depending on the 

growth substrates. Due to the broad peak, we considered the wavelength of a peak where the 

absorption is maximum to estimate the quantitative effect of growth substrates. These 

variations in peak positions depending upon the growth substrate are contributed by the induced 

intrinsic strain and charge doping33, resulting in a dislocation in momentum valley transition, 

including the change in the electronic band structure. The upshift in absorption peak (A-exciton 

Valance Band (eV) Conduction Band (eV) 

ГVB (outer) -0.99 ГCB (outer) 0.87 

ГVB (inner) -1.36 ГCB (inner) 1.27 

XVB -0.44 - - 

MVB -1.40 MCB (outer) 1.23 

- - MCB (inner) 1.42 

RVB -0.45 - - 

AVB -1.52 ACB 2.13 

ZVB -1.13 - - 
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peak) positions are 45 meV, 52 meV, and 60 meV on glass, sapphire, and mica, respectively, 

compared to quartz, which is significant. Fig. 3.7e demonstrates the presence of different 

excitons depending upon the growth substrate and validates the formation of multiple exciton, 

which is an exciting feature of ultrathin Bi2O2Se. The shift in A-exciton peak position with 

growth substrate is attributed to charge doping from substrate impurities/growth substrate-

induced out-of-plane strain, which further affects the PL emission discussed later (Fig. 3.12g).  

The absorption coefficient as a function of wavelength has been calculated and plotted 

in Fig. 3.8. It shows an absorption coefficient >105, indicating the high light harvesting nature 

of Bi2O2Se crystals.34 The thickness profile used to calculate the absorption coefficient is 

provided in Fig. 3.1(r,t-w). Among various substrates, Bi2O2Se grown over the quartz substrate 

shows a higher absorption coefficient due to the low refractive index of the substrate (n=1.4).31, 

35 Thus, based on the high absorption, Bi2O2Se grown over a quartz substrate might help to 

engineer an efficient photodetector with a better photo response. In addition, sapphire, mica, 

and glass have a refractive index (n) of 1.7736,1.5637, and 1.5238. Mica shows a lower absorption 

coefficient in the 400-680 nm range than quartz as it has a higher refractive index than quartz. 

However, higher absorption coefficients of Bi2O2Se on mica could be attributed to the out-of-

plane lower compressive strain of Bi2O2Se on mica than quartz. Moreover, sapphire exhibits 

lower absorption coefficients than mica and quartz due to its higher refractive index.  

Further, the optical bandgap is deduced by employing the Tauc plot (Fig. 3.9). 

According to photoemission spectroscopy measurements by Wu. et al., the indirect bandgap of 

 

Fig. 3.8: Absorption coefficient of Bi2O2Se grown on mica, quartz, sapphire, and glass 

substrates.  
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Bi2O2Se crystals is 0.8 eV.2 Experimentally, the optical bandgap for CVD-grown samples has 

been reported to be 1.37 eV (multilayer) to 1.90 eV (monolayer), and chemically synthesized 

samples as 1.5 eV (few-layer) to 2.34 eV (monolayer).4, 39 We found that the optical bandgaps 

of Bi2O2Se crystals are 1.63 eV, 1.64 eV, 1.65 eV, 1.66 eV, and 1.67 eV on mica, SiO2, 

sapphire, glass, and quartz substrates, respectively considering proper extrapolation (PE) rather 

than direct extrapolation (DE) in indirect Tauc plot (Fig. 3.9). The possible reasons for the 

variation in the optical bandgap with substrates are induced strain by substrates, Se vacancies, 

or partial change in the doping density by substrate impurities. Notably, above the bilayer 

thickness of Bi2O2Se, the change in bandgap is minor due to the covalent bonding of Se-atoms 

between the consecutive layers.2, 40  It is worth mentioning that with ~ 50% Se deficiencies on 

the surface of bulk Bi2O2Se, the bandgap shows excellent robustness due to an intact covalent 

bond with no mid-gap states. 10, 41  Guo et al. theoretically predicted that bandgap variation is 

sensitive to the applied strain, which varies (0.6 to 1.28 eV) with applied in-plane strain (change 

in 'a/b' lattice constant) for Bi2O2Se.42 It has been reported that the bandgap increases with 

increasing in-plane lattice constant (a/b).42 Due to the robust tetragonal crystal structure of 

Bi2O2Se, it is apparent that an increase in the in-plane lattice constant cause a decrease in the 

out-of-plane lattice constant, thus giving rise to higher out-of-plane strain. Therefore, 

 

Fig. 3.9: Tauc plot of Bi2O2Se crystals considering the indirect bandgap, on (a) mica, (b) SiO2, 

(c) sapphire, (d) quartz, and (e) glass substrates. Direct extrapolation (DE) and proper 

extrapolation (PE) estimate the optical energy gap of as-grown Bi2O2Se on different substrates.  
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correlating with the theoretical prediction and experimental data on out-of-plane strain 

increases the optical bandgap in our case. The out-of-plane strain in the as-grown sample varies 

from -1.5 % to - 0.4 % depending upon the growth substrates (Fig. 3.2d). Fig. 3.10 (right y-

axis) demonstrates a quantitative understanding of compressive strain (out-of-plane) and 

optical bandgap modulation as a function of growth substrates. Substrate-induced strain/doping 

is dominant for the modulated optical bandgap.   Consequently, we can conclude that the 

growth substrate-induced strain causes the bandgap variation (1.63 eV to 1.67 eV) in Bi2O2Se 

crystals (Fig. 3.10). Note that the optical bandgap variation is quite small, suggesting the robust 

feature of the optical bandgap of Bi2O2Se, irrespective of substrate-induced mechanical 

strain/doping-induced strain, thickness, and Se vacancies.  

According to the literature, the change in absorption coefficients and the optical 

bandgap induced by strain can influence the semiconductor refractive index, which is crucial 

for optical devices.43 The refractive index (n) of the as-grown Bi2O2Se sample can be correlated 

with the optical bandgap following the equation44, 45  

3.59 log gn E= −    ,                                                         (3.1)  

gE is the optical bandgap of the semiconductor in eV. The estimated refractive indices of 

Bi2O2Se crystals are 3.378, 3.375, 3.373, 3.370, and 3.367 on different substrates, e.g., mica, 

SiO2, sapphire, glass, and quartz, respectively. The refractive index (n) of as-grown Bi2O2Se 

and growth substrates is tabulated in Table 3.5. According to the terahertz time-domain 

spectroscopy measurement, the change in light intensity can tune the refractive index of 

Bi2O2Se/Si from 3.41 to 3.37 and thus the absorption coefficient.46 In the present study, the 

 

Fig. 3.10: Direct correlation between the measured optical bandgap and strain in Bi2O2Se 

crystals on different substrate.  
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light intensity was kept constant during absorption measurement; hence, the effect on refractive 

index variation due to light intensity is insignificant. Among the substrates, Bi2O2Se grown 

over quartz shows the lowest refractive index (3.367)  with a high absorption coefficient, which 

is expected. Bi2O2Se grown over mica shows a higher refractive index (3.378) with high 

absorption coefficient than sapphire (3.375), which is unusual. This unusual feature is due to 

the lower refractive index of the mica substrate (1.56) than sapphire (1.77). Even with a higher 

refractive index of mica substrate (1.56) than quartz substrate (1.4), a high refractive index of 

Bi2O2Se (3.378) on mica substrates shows comparable absorption coefficients, which might be 

attributable to the built-in dipolar electric field at Bi2O2Se/mica interface. In addition, Bi2O2Se 

on sapphire shows a lower refractive index (3.373) than on mica (3.378), with a lower 

absorption coefficient, which might arise from the higher index of sapphire (1.77). Bi2O2Se on 

sapphire shows a higher refractive index (3.373) than on quartz (3.367), resulting in a lower 

absorption coefficient. Therefore, substrate-induced strain and charge doping/modulation in 

optical bandgap alter the refractive index and the absorption coefficient of as-grown ultrathin 

Bi2O2Se crystals having multilayer thickness. In addition, the built-in dipolar electric field is 

related to the higher refractive index (3.367-3.378) of Bi2O2Se than conventional low-bandgap 

semiconductors, such as Si (3.5)47. 

 

Table 3.5: ‘Refractive index (n)’ of the as-grown Bi2O2Se and the growth substrates.  

Growth substrate n of growth substrate n of Bi2O2Se 

Quartz 1.40 3.367 

SiO2 1.47 3.375 

Glass 1.52 3.370 

Mica 1.56 3.378 

Sapphire 1.77 3.373 

 

Fig. 3.11: Reflectance spectra of Bi2O2Se crystals on mica, quartz, sapphire, and SiO2 

substrates.  
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Further, the origin of visible PL in 2D Bi2O2Se crystals has been investigated. As the 

absorption features reveal, a multilayer Bi2O2Se crystal has multiple optical transition 

possibilities. Thus, it is expected to show the PL  in the visible and NIR region. However, an 

indirect bandgap possibly results in low PL intensity. Nevertheless, we conducted the PL 

measurement with the above bandgap excitation (488 nm), and a broad PL spectrum was 

observed for the as-grown Bi2O2Se crystals. Due to their close-lying electronic structure, there 

may be multiple exciton formations, giving rise to a broad PL spectrum consistent with the 

absorption features. Reflectance measurement was carried out across the visible to NIR range 

(see Fig. 3.11), and differentiated data was extracted, showing absorption peaks due to exciton 

formation. Although two peaks (~604 nm and ~685 nm) are observed in the differential 

reflectance spectrum, the peak lying at a higher wavelength (~685 nm) is significantly broad 

 

Fig. 3.12: (a) Wavelength-dependent ∆R/R (left y-axis) and PL spectrum (right y-axis) of Bi2O2Se 

crystals grown on quartz substrate showing similar broad spectral features. (b) Deconvoluted ∆R/R 

(upper panel) and PL spectra (lower panel) of Bi2O2Se/quartz showing three exciton peaks in the 

range 550 nm to 830 nm. (c)  A schematic illustration of exciton formation at different momentum 

valleys resulting in a broad absorption/emission spectrum of Bi2O2Se in the visible wavelength. (d) 

PL spectrum (green symbols) fitted with the excitonic peaks (solid lines) of Bi2O2Se crystals grown 

over SiO2 substrate. The inset shows the ∆R/R vs. wavelength of the Bi2O2Se/SiO2 substrate. (e) 

Normalized PL intensity of Bi2O2Se on quartz and SiO2 substrates indicating a difference in charge 

carrier density. (f) The relative intensity of different excitonic peaks (A, B, indirect) of Bi2O2Se on 

quartz and SiO2 substrates. (g) Γ/A exciton peak positions for different growth substrates extracted 

from the reflectivity (red circle with black line) and photoluminescence (green circle with red line) 

measurement featuring the matching trend. 
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(~640-790 nm),  which is consistent with broad PL spectra of Bi2O2Se shown in  Fig. 3.12a. 

The broad PL feature of Bi2O2Se may be partly associated with excimer geometry (i.e., internal 

structural change during the excited state).32 For quantitative analysis of different excimer 

excitons and to corroborate the exciton formation with PL contribution, we deconvoluted the 

differential reflectance and PL spectra with three Gaussian peaks, as shown in Fig. 3.12b. The 

measured PL peak positions are 604.9 nm, 669.1 nm, and 734.1 nm (Fig. 3.12b, lower panel), 

which are fully consistent with deconvoluted differential reflectance peak positions 605.1, 

667.1, 723.6 nm (Fig. 3.12b, upper panel). A typical PL spectrum is seen due to direct exciton 

formation, named bright exciton; however,  as an exception, the exciton can form at different 

valleys, which are close in energy (called momentum-forbidden exciton).48 However, due to 

strain and substrate effect, i.e., an increase in carrier populations, PL could be observed even 

with indirect bandgap transitions.49 Relating to the absorption peak, the formation of exciton 

can be assigned to deep valley exciton formation at ~604 nm (Γdeep/B-exciton), the combined 

effect of formation of exciton at Γ−Γ at ~ 669 nm (Γ/A-exciton), and R−M, X−Γ and R−Γ 

points possibly cause PL at ~734 nm (Eindirect) consistent with absorption analysis (refer to Fig. 

3.7c). A schematic illustration of the exciton formation mechanism in multilayer Bi2O2Se is 

shown in Fig. 3.12c. As the momentum valleys are very close with a minor energy gap, the 

exciton formation possibly occurs in three ways: i) ΓVB (inner) to ΓCB (outer)/B-exciton, ii) ΓVB 

(outer) to ΓCB (outer)/A-exciton, and iii) XVB−ΓCB, RVB−ΓCB (Eindirect) with same energy gap. 

Therefore, we believe that the formation of multiple excitons is the reason behind the broad 

visible PL emission from Bi2O2Se. It is noteworthy that due to their close-lying electronic 

 

Fig. 3.13: Near IR Photoluminescence spectra of Bi2O2Se crystals on mica substrates. The 

solid spectra are gaussian fitted spectra showing 833, 904, 970 peaks originate from indirect 

transitions. Symbols represents experimental data. 
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structure with excimer formation at excited states, the thickness effect on PL emission is 

negligible in the uniquely structured nvdW Bi2O2Se compared to vdW semiconductors, such 

as TMDs. Recently, visible PL of Bi2O2Se has been observed in monolayer50 and 18 nm thick32 

Bi2O2Se crystals with similar broad emission, which indicates layer-independent broad 

emission. Thus, the observed visible PL of multilayer Bi2O2Se is an intrinsic property rather 

than perturbations such as defect states since the PL spectrum matches well with the absorption 

spectrum involving formation of multiple excitons. Note that at a higher wavelength (640 nm) 

of excitation, we observed NIR PL with (see Fig. 3.13), which is ascribed to the indirect 

transitions in 2D Bi2O2Se. The asymmetric peak is deconvoluted with three Gaussian peaks 

centered at 833 nm, 904 nm, and 970 nm, which are well agreeing with the indirect transitions 

between RVB −ГCB (outer), XVB−MCB (outer), and XVB −ГCB (outer) (Table 3.4) as obtained from the 

band structure. 

We performed the PL measurement in Bi2O2Se crystals grown over quartz, SiO2, mica, 

and sapphire substrates to check the substrate effect. The PL spectrum of Bi2O2Se on SiO2 

substrate (Fig. 3.12d) shows a similar broad feature of PL as on quartz (Fig. 3.12b, lower 

panel), and it is consistent with the differential reflectance spectrum (inset Fig. 3.12d) of 

Bi2O2Se on SiO2 substrate. However, the relative PL intensity of Bi2O2Se on SiO2 is lower than 

that on quartz, as shown in Fig. 3.12e, which is due to the charge doping from the substrate, 

consistent with the XPS and Raman FWHM (A1g) analyses discussed earlier. Note that the 

measurement parameters, such as laser intensity and integration time, were kept identical in all 

PL measurements.   The excimer excitons lie at ~621 nm, ~679 nm, and ~738 nm in Bi2O2Se 

grown on SiO2/Si (Fig. 3.12d), consistent with the reflectivity spectrum (inset of Fig. 3.12d). 

 

Fig. 3.14: (a) First derivative of reflectance spectrum (left y-axis) and photoluminescence 

spectrum (right y-axis) of Bi2O2Se crystals grown on mica substrate. (b) Deconvoluted PL 

spectra of Bi2O2Se on mica. 
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The peaks are redshifted compared to the quartz case, indicating electron doping of Bi2O2Se 

grown over SiO2. Bi2O2Se is more n-doped in the case of SiO2 than quartz. Hence, it exhibits 

PL quenching with redshift.   Individual exciton contribution has been compared for quartz and 

SiO2 substrate, which reveals insignificant difference, further validating that the emission is 

occurring due to the exciton formation in different valleys rather than the formation of charge 

exciton usually formed in vdW semiconductors (Fig. 3.12f). In addition, Bi2O2Se on mica 

exhibits very low-intensity PL, as shown in Fig 3.14a (right Y-axis). Like other substrates, 

Bi2O2Se grown over mica shows a broad PL spectrum consistent with the differential 

reflectance spectrum, as shown in Fig. 3.14a (left Y-axis). The low PL intensity of Bi2O2Se 

grown on mica substrate may be attributed to higher electron-phonon coupling due to lattice 

matching of the sample/substrate surface. Though the intensity is low, assuming the presence 

of 3 excitonic peaks (Fig. 3.14b) similar to PL on quartz and SiO2 substrates, we obtain the 

nearly identical individual contribution of excitons, validating the formation of excitons in PL 

of Bi2O2Se. The excimer excitons lie at ~607 nm, ~677 nm, and ~736 nm in Bi2O2Se grown 

on mica (Fig. 3.14b).  Similarly, Bi2O2Se grown over a sapphire substrate shows the PL with 

a broad range, as shown in Fig. 3.15a. The differential reflectance data matches the PL feature, 

confirming again the exciton formation (Fig. 3.15a, left Y-axis). The excimer excitons lie at 

~600 nm, ~694 nm, and ~744 nm in Bi2O2Se grown on sapphire (Fig. 3.15b). Moreover, the 

A-exciton peak is shifted depending upon the growth substrate (Fig. 3.12g), which matches 

with reflectivity trends, further validating our explanation. Interestingly, the A and B exciton 

 

Fig. 3.15: (a) First derivative of reflectance spectrum (left y-axis) and photoluminescence 

spectrum (right y-axis) of Bi2O2Se crystals grown on a sapphire substrate. (b) Deconvoluted PL 

spectra of Bi2O2Se on sapphire. 
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peak positions are consistent with the Tauc plots, considering the direct transitions, as shown 

in Fig 3.16.  

Further, temperature-dependent PL (Fig. 3.17) spectra are collected on Bi2O2Se/SiO2 

using a 50x objective lens having a long focal length equipped with Linkam temperature stage 

installed with Raman set up. The evolution of PL spectra with temperature (300-77 K) has been 

shown in Fig. 3.17a. Due to the low-intensity PL of Bi2O2Se, the SiO2 peak (marked with ‘⁎’) 

arises at low temperatures. To confirm the SiO2 contribution, we recorded the SiO2 PL 

spectrum at 77 K, as shown in Fig. 3.18a. Note that for bare SiO2, we collected the spectrum 

where the Bi2O2Se is not present, as depicted in Fig. 3.18b. In addition, the multilayer thickness 

(~10 nm) between substrate and laser heating rules out the underestimation of Gaussian fitting 

of the Bi2O2Se PL spectrum. However, in the preceding section, the 100x objective lens was 

used to perform the room-temperature PL spectroscopy. Thus, our obtained results with 3 

Gaussian fittings are justified in the previous section.  

 

Fig. 3.16: Tauc plot considering the direct bandgap of Bi2O2Se crystals on (a) mica, (b) SiO2, 

(c)sapphire, (d) quartz, and (e) glass substrates. Tauc line 1 (TL1) defines the first direct optical 

transition, while Tauc line 2 (TL2) signifies the second direct optical transition. 
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Therefore, keeping constant with the previous analysis, the temperature-dependent 

spectra were deconvoluted with 3 Gaussian peaks to understand the photo-carrier dynamics. 

The integrated PL intensity of each peak is extracted at different temperatures and plotted 

against 1000/T (Fig. 3.17b). The experimental data were fitted with the Arrhenius-type 

 

Fig. 3.18: (a) Low temperature (77 K) PL spectrum of bare SiO2 substrate. (b) Room 

temperature (300 K) PL spectrum of bare SiO2 substrate.  

 

 

Fig. 3.17: (a) PL spectral evolution of Bi2O2Se (on SiO2 substrate) as a function of temperature 

(77 - 300 K). The peak marked with '⁎' symbol arises from the substrate. (b) Integrated PL 

intensity of Γ/A exciton as a function temperature (T), fitted with Arrhenius equation revealing 

exciton binding energy of 209.6 meV. (c) The corresponding emission peak energy as a 

function of temperature and fitted with the Varshni equation showing energy gap shrinkage with 

decreasing temperature.   
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equation51 to estimate the exciton (Γ/A) binding energy, which was found to be 209.6 meV. 

This exciton binding energy is lower than the conventional van der Waal 2D materials, like 

MoS2 and WS2,52, 53 probably due to excimer formation in non-van der Waal Bi2O2Se. Low 

exciton binding energy with the formation of multiple exciton in Bi2O2Se could be an incentive 

for superior performance of the photovoltaic device.54, 55  The PL peak energy is plotted as a 

function of temperature and fitted with the modified Varshni equation56 (with negative 

temperature coefficient) for a quantitative understanding of the energy gap at Γ point (Fig. 

3.17c). It shows a linear increase in energy gap with increasing temperature, contrary to 

conventional semiconductors and other vdW 2Ds, like MoS2
57. Emission energy of B exciton 

and Eindirect (inset of Fig. 3.17c) increases with increasing temperature. When the thermal 

contribution dominates and direct contribution of electron-phonon interaction is negligible, the 

bandgap can increase with increasing temperature.58 Additionally, lattice contraction with 

lowering temperature is a possible reason behind such variation in Bi2O2Se. Consequently, the 

higher electron-phonon coupling leads to the energy gap shrinkage resulting in PL upshift. This 

indicates positive temperature coefficients feature at the Γ point, which is contrary to the 

conventional semiconductors and vdW 2D materials. This seems to be unique for the nvdW 

Bi2O2Se crystals and needs further investigation. 

3.5. Conclusions 

Our study reveals the formation of multiple excitons even at room temperature in nvdW 

Bi2O2Se, resulting in broadband absorption and PL in the visible to NIR region. 

Experimentally, the conclusions are established with absorption, reflectance, and PL 

measurement and explained via theoretical DFT calculation of the band structure. Besides the 

excimer formation unveiled recently32, we found multiple excitons at the excimer states 

resulting in broad PL from ultrathin Bi2O2Se in ~580-800 nm range. In addition, we have 

investigated the effect of substrates on the structural and optical properties of ultrathin Bi2O2Se 

crystals, which mirrors robust landscapes of ultrathin Bi2O2Se irrespective of the growth 

substrate. Our understanding reveals that mica, SiO2, sapphire, glass, and quartz substrates 

introduce a compressive (out-of-plane) strain on the CVD-grown Bi2O2Se. It is revealed that 

substrate-impurity doping-induced strain and substrate-induced mechanical strain sway the 

property modulation. Eventually, the influence of the growth substrate has a noticeable impact 

on tuning the structure and optical properties, including photo-excited carrier dynamics. The 

order of best to worst growth substrate is Mica→Sapphire→SiO2→quartz→glass. We believe 
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these results extend the in-depth understanding of the properties of Bi2O2Se for future 

optoelectronics applications. 
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Chapter 4 

Interfacial Charge Transfer in the CVD-grown 
Bi2O2Se/CsPbBr3 Nanocrystal Heterostructure and its 
Exploitation in Superior Photodetection 

This chapter demonstrates the understanding of interfacial charge transfer (CT) 

between the 2D Bi2O2Se and 0D CsPbBr3 nanocrystals. Efficient CT in a 2D semiconductor 

heterostructure (HS) plays a crucial role in high-performance photodetectors and energy-

harvesting devices. NvdW 2D Bi2O2Se has enormous potential for high-performance 

optoelectronics, though very little is known about the interfacial charge transport at the 

corresponding 2D heterojunction. Herein, we studied a combined experimental and theoretical 

investigation of interfacial CT in the Bi2O2Se/CsPbBr3 heterostructure through various 

microscopic and spectroscopic tools corroborated with DFT calculations. The CVD-grown 

few-layer Bi2O2Se nanosheet possesses high crystallinity and a high absorption coefficient in 

the visible-NIR region. We integrated the few-layer Bi2O2Se nanosheet possessing superior 

electron mobility and CsPbBr3 nanocrystals with high light-harvesting capability for efficient 

broadband photodetection. The band alignment reveals a type-I heterojunction, and the device 

under reverse bias reveals a fast response time of 12 μs/24 μs (rise time/fall time) and an 

improved responsivity in the 390 to 840 nm range due to the effective interfacial CT and 

efficient interlayer coupling at the Bi2O2Se/CsPbBr3 interface. Notably, a photodetector with a 

better light on/off ratio and a peak responsivity of ∼103 AW-1 was achieved in the 

Bi2O2Se/CsPbBr3 HS due to the synergistic effects in the HS under ambient conditions. The 

DFT analysis of the density of states and charge density plots in the heterostructure revealed a 

net transfer of electrons/holes from perovskite nanocrystals to Bi2O2Se layers and additional 

density of states in Bi2O2Se. These results are significant for developing nvdW HS-based high-

performance, low-powered photodetectors. 

4.1. Introduction 

The layered nature and intriguing optoelectronic properties make 2D Bi2O2Se very 

promising for fabricating electronic devices. Fu et al. have engineered Bi2O2Se nanosheet-

based phototransistors with a high responsivity of 3.5 × 104 AW-1 and detectivity of 9.0 × 1013 

Jones.1 Tong et al. demonstrated CVD-grown Bi2O2Se nanosheet-based broadband 

ultrasensitive phototransistors working in the 360–1800 nm wavelength range.2 More recently, 
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a PbSe colloidal quantum dot decorated 2D Bi2O2Se device has been fabricated by Luo et al., 

which could detect light up to 2 μm with a relatively high responsivity (>103 AW−1).3 Despite 

the recent developments, there are a few critical drawbacks concerning the slow photoresponse 

and low photocurrent on/off ratio in Bi2O2Se photodetectors: (1) the slower response speed 

(∼ms) due to the bolometric effect and (2) the high dark current (>10−7 A at 1V) due to the 

high intrinsic carrier concentration (∼1018–1020 cm-3).4 Several approaches have been 

attempted to overcome the current limitations of Bi2O2Se photodetectors, such as control in the 

synthesis process, hybridization with other 0D and 2D materials, etc. However, there are still 

various aspects of improving the performance of Bi2O2Se-based devices by reducing the dark 

current and improving the photocurrent. It is noteworthy that pristine Bi2O2Se has high air 

stability and exceptional carrier mobility, which are beneficial to design efficient photodetector 

devices with high responsivity and detectivity.5 However, due to the the relatively low bandgap 

and relatively high conductivity, it generally produces a high dark current, limiting its practical 

applications in industry and domestic use. Decreasing the dark current and improving the 

photocurrent gain are essential requirements for a sensitive photodetector. Exploiting the 

photoinduced CT through other light-harvesting materials in a HS could be a viable approach 

to overcome such limitations. It is noted that CT is a ubiquitous phenomenon commonly 

witnessed in semiconductor HSs.6, 7 In a suitably engineered HS, charge travels across 

heterointerfaces, enabling changes in optical responses and making it helpful in improving the 

photocurrent. Innovative engineering of the heterostructure materials could enable an improved 

understanding of device operation/functionality. Thus, the investigation of the CT and 

electronic band structure of the nvdW semiconductor HS is of fundamental interest to predict 

its suitability for different optoelectronic and sensing applications. 

A 2D material-based heterojunction with other low dimensional semiconductors 

possessing high optical absorption, such as halide perovskites, is an excellent choice to 

understand CT and its application in photodetectors. HSs like these could enhance light 

absorption and initiate a high photocurrent and speedy response because of efficient CT and 

high carrier mobility of the 2D materials.8 Among all perovskites, metal halide perovskites 

have promising potential for optoelectronics and solar cell devices with an efficient 

performance because of broadband absorption and low-cost synthesis.9, 10 In contrast to organic 

perovskites, inorganic metal halide perovskites are more stable. CsPbX3 nanocrystals (NCs), 

in particular, CsPbBr3 NCs, exhibit fascinating optoelectronic properties with superior stability 

and high light-harvesting capability.8 These exciting properties make them unique for superior 
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optoelectronic applications. Thus, integrating 2D materials with a halide perovskite layer could 

be a feasible approach to understand the origin of CT enabling high-performance 

photodetection in nvdW 2D materials. Very recently, Fan et al. reported epitaxial growth of 

perovskite nanowires on few-layer Bi2O2Se.11 However, very little has been understood on the 

optoelectronic application of such HS. To our knowledge, there is no report on the systematic 

study of CT mechanism in Bi2O2Se/perovskite heterostructure with the support of DFT 

calculations. The motivation behind choosing the HS system is to explore the synergistic 

effects of the two interesting nanostructured systems, i.e., 2D Bi2O2Se and 0D CsPbBr3, both 

possessing superior optoelectronic properties and secondly, to understand the interfacial CT 

mechanism and its impact on the improved photocurrent in the HS. While most studies on HS 

for photodetection applications have focused on the use of type-II HSs, very few studies have 

focused on type-I HS for such applications.12-14 For two semiconductors: A and B, if the band 

offsets (VBM and CBM) of A stay in between the band offsets of B or vice versa, then the HS 

is called type-I or straddling gap HS. If the band offsets of A are below the band offsets of B, 

then they are called type-II or staggered gap HS. In general, type-I HS are more suitable for 

recombination and light emission application. However, here we have explored the CT and 

photodetection application of type-I HSs.  

To this effect, we investigated the CT mechanism at the Bi2O2Se/CsPbBr3 interface 

primarily through micro-Raman and photoluminescence (PL) measurements. We have 

fabricated a hybrid structure of CVD-grown 2D Bi2O2Se nanoflakes with CsPbBr3 perovskite 

NCs to analyze the photoelectric performance. Interestingly, the hybrid structure forms a type-

I HS. The origin of the high photocurrent and high on/off ratio in the Bi2O2Se/CsPbBr3 HS is 

investigated in detail. The type I interfacial band offset between Bi2O2Se and CsPbBr3 speeds 

up the photoresponse time to a few microseconds, which is much faster than those of other 

Bi2O2Se devices. In the HS, we investigated the mechanism of improved photoconduction 

through DFT calculations of the band structure and density of states. We attempted to pinpoint 

the CT sites through charge density plots of the DFT results. Our study addresses the 

fundamental understanding of the CT across nvdW HSs and sheds light on the enhanced 

photoresponse properties of the Bi2O2Se/CsPbBr3 type-I heterojunction system. Compared to 

the 1D perovskite nanowire, the CsPbBr3 nanocrystal used in this work is a highly light-

absorbing material with a high absorption coefficient and larger surface area, which facilitates 

higher absorption in the lower wavelength region resulting in an improved photocurrent. 
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4.2. Experimental details 

4.2.1. Growth of 2D few-layered Bi2O2Se 

For the growth of few-layer Bi2O2Se crystals, we conducted CVD-growth technique, 

where Bi2O3 powder (Alfa Aesar, 99.999%) and Bi2Se3 powder (Sigma Aldrich 99.999%) were 

the precursors and the high purity argon (99.999%) was carrier gas. Initially, the quartz tube 

was evacuated until a base pressure of 2 × 10−2 mbar was reached. Ar gas (∼300 sccm) was 

purged repeatedly at room temperature (RT) to eliminate the O2 impurity. The source 

temperature was increased to ∼695 °C and maintained for 25 min with a base pressure of 400–

500 mbar. The growth substrates were placed downstream (9-12 cm away from the hot center) 

at ∼580–590 °C to grow few-layer Bi2O2Se nanosheets. 

4.2.2. Synthesis of CsPbBr3 nanocrystals 

A nearly solvent-free mechanochemical process was followed to synthesize the 

CsPbBr3 NCs. The desired amounts of cesium bromide (CsBr, Sigma Aldrich, 99.999%) and 

lead(II) bromide (PbBr2, Sigma Aldrich, 99.999%) were taken as precursors. At atmospheric 

pressure and temperature, these two precursors were added with 40 g of zirconia balls of 

diameter 5 mm in a zirconia vial of volume 50 mL. The sample was ball milled (Retsch, 

Germany) with a rotation speed of 400 rpm. CsPbBr3 powder is obtained in this way after 

milling for 2 hours. Subsequently, the surfactant-assisted milling process was continued for 1 

h with the addition of 0.1 mL of oleylamine. Finally, the CsPbBr3 NCs were extracted and 

immersed in 10 mL of toluene. The mixture was kept for 24 h in a culture tube, and the 

precipitate of the solution was separated, and the colloidal dispersion of CsPbBr3 perovskite 

NCs was stored for further use. 

4.2.3. Fabrication of the hybrid photodetector 

To fabricate the Bi2O2Se/CsPbBr3 hybrid photodetector, the colloidal dispersion of 

CsPbBr3 NCs in toluene was drop cast on the layered Bi2O2Se grown on mica substrates. 

Typically, 5 μL of CsPbBr3 NC dispersion was drop cast on the Bi2O2Se layer. Subsequently, 

it was baked at 50 °C for 15 min on a hot plate to grow the perovskite NC film with a shining 

green color. To make the contact electrodes, a copper grid (without carbon coating) of channel 

width 10 μm was placed carefully over the sample using an optical microscope, which serves 

as a shadow mask. Next, a gold film of thickness ∼100 nm was deposited on the mask by the 
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thermal deposition method. This resulted in an electrode separation of 10 μm for the 

photodetector. For the fabrication of the Bi2O2Se photodetector, we followed the same masking 

and Au electrode deposition procedures directly on the Bi2O2Se layer. 

4.2.4. Characterization techniques 

Optical images, AFM, FETEM, XRD, and Raman characterization of the Bi2O2Se and 

CsPbBr3 have been carried out following section 2.2.3. The samples' UV–Vis absorption and 

diffuse reflectance spectra (DRS) were collected following section 3.3.3. For the steady-state 

PL measurements on the perovskite NCs, a commercial fluorimeter (Horiba Jobin Yvon, 

Fluoromax-4) was used at room temperature. The time-resolved PL (TRPL) decay of different 

samples was recorded using 375 nm pulsed laser excitation (average power ∼1.0 mW), with 

an instrument time response of <50 ps (LifeSpecII, Edinburgh Instruments). The temporal 

response of the photocurrent and I–V measurement of the photodetectors were carried out using 

a microprobe station (ECOPIA EPS-500), a 405 nm laser with TTL modulation (CNI Laser) 

and a source-measure unit (Keithley 2400). The spectral photo-responsivity of the 

photodetector was measured using a xenon lamp (Newport) with a manual monochromator 

(Newport), and a source-measure unit.  

4.3. Computational details 

We used the density functional theory (DFT) based projector augmented wave (PAW) 

method as implemented in the Vienna ab initio simulation package (VASP).15-17 We used the 

Perdew–Burke–Ernzerhof (PBE) functional to implement the generalized gradient 

approximation (GGA)18 for exchange-correlation. We used a kinetic energy cut-off of 600 eV 

for all the calculations. A Monkhorst–Pack19 grid of 4 × 4 × 1 k mesh was used to optimize the 

4 × 4 supercell of Bi2O2Se. The CsPbBr3 NC was optimized at a single gamma point. The 

density of states (DOS) of the 4 × 4 supercell of Bi2O2Se and the HS was simulated using a 6 

× 6 × 1 Monkhorst–Pack k grid. We used the Bader charge analysis code20-23 developed by 

Henkelman's group to examine the charge transfer. 

4.4. Results and Discussion 

4.4.1. Morphological characterization 

Few-layer atomically thin high-quality Bi2O2Se, was grown on freshly cleaved mica 

substrates through the CVD method (schematically represented in Fig. 4.1(a)) similar to 
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Chapter 1. The optical image (Fig. 4.1(b)) exhibits a lateral size of ∼12–20 μm of the Bi2O2Se 

flakes with nearly square morphology. The AFM topography of a single Bi2O2Se flake (Fig. 

4.1(c)) and the corresponding height profile (inset of Fig. 4.1(c)) shows the flake thickness is 

∼6.8 nm, which corresponds to ∼10 layers of Bi2O2Se. The as-synthesized layered Bi2O2Se 

sheets were transferred onto a TEM grid through an HF-etching transfer method following 

section 2.2.2 for the atomic resolution study of the structure and morphology. The HRTEM 

lattice pattern (Fig. 4.1(d)) displays d spacing is 0.28 nm, corresponding to the (110) planes of 

the Bi2O2Se crystal.24 A magnified view of the lattice image (inset of Fig. 4.1(d)) shows 0.19 

nm spacing, which corresponds to the (010) plane. The SAED pattern of the Bi2O2Se flakes 

(Fig. 4.1(e)) confirms the single tetragonal crystal structure of the as-grown Bi2O2Se flake. 

 The morphology of CsPbBr3 perovskite NCs is cubic (Fig. 4.2(a)), as expected.8 Fig. 

4.2(b) shows the corresponding size distribution of the NCs. The average size of the NCs was 

found to be ∼11.4 nm. The HTREM lattice fringes of the CsPbBr3 (Fig. 4.2(c)) display ‘d’ 

spacing of 0.29 nm and 0.41 nm, representing the (200) and (110) planes of CsPbBr3, 

respectively.  

 

Fig. 4.1: (a) Schematic illustration of the CVD process for the growth of few-layer Bi2O2Se. (b) 

Optical microscopy images of the as-grown Bi2O2Se flakes. (c) AFM image of a Bi2O2Se flake. The 

inset shows the height profile of the Bi2O2Se layer on the mica substrate. (d) HRTEM lattice fringe 

of a Bi2O2Se crystal; the inset depicts the magnified view of the d(010) spacing. (e) SAED pattern of 

a Bi2O2Se crystal. 
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To fabricate the Bi2O2Se/CsPbBr3 HS, an optimum volume (5 μL) of the colloidal 

solution of CsPbBr3 perovskite NCs was deposited on the as-grown Bi2O2Se flakes. The 

morphology of the Bi2O2Se/CsPbBr3 HS was first characterized by TEM analysis. Fig. 4.3(a) 

 

Fig. 4.3: (a) TEM image of the Bi2O2Se/CsPbBr3 NC heterostructure. Inset shows the magnified 

view of CsPbBr3 NCs on a Bi2O2Se flake. (b) HRTEM lattice fringes of a Bi2O2Se crystal and CsPbBr3 

NCs in the Bi2O2Se/CsPbBr3 heterostructure. (c) SAED pattern of the Bi2O2Se/CsPbBr3 

heterostructure. (d) TEM elemental mapping image of the Bi2O2Se/CsPbBr3 heterostructure and (e–

j) the corresponding elemental mapping for Bi, O, Se, Cs, Pb, and Br respectively. 

 

Fig. 4.2: (a) TEM image of as-synthesized CsPbBr3 NCs. (b) A histogram of the size distributions of 
CsPbBr3 NCs. The solid line shows the corresponding log-normal fitting to determine the average 
size of the NCs. (c) HRTEM image of a single CsPbBr3 NC. 
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shows the nearly uniform decoration of CsPbBr3 NCs on the surface of the Bi2O2Se flakes. An 

enlarged view of the CsPbBr3 NCs on the Bi2O2Se flake is shown in the inset of Fig. 4.3(a). 

The HTREM lattice fringes of the HS (Fig. 4.3(b)) display ‘d’ spacing of 0.28 nm, representing 

the plane of Bi2O2Se, while the d spacings of 0.29 nm and 0.41 nm, depicting the planes of 

CsPbBr3. The SAED pattern (Fig. 4.3(c)) confirms that crystalline phases of both CsPbBr3 

perovskite and 2D Bi2O2Se are present. Thus, HRTEM and SAED analyses confirm the 

formation of a suitable heterojunction between layered Bi2O2Se and perovskite NCs, which 

were further used for studying the CT process and broadband photodetection. To analyze the 

elemental distribution in the hybrid system, we have performed the scanning transmission 

electron microscopy (STEM–EDS) analysis, as shown in Fig. 4.3(d–j). The FETEM mapping 

of the components of the Bi2O2Se/CsPbBr3 HS is shown in Fig. 4.3(d). Fig. 4.3(e–j) shows the 

distribution profile of the individual elements Bi, O, Se, Cs, Pb, and Br, respectively. The high 

contrast of Bi, O, and Se due to the few-layer Bi2O2Se flakes, while the presence of Cs, Pb, and 

Br confirms the presence of CsPbBr3 NCs on top of the Bi2O2Se flakes.   

4.4.2. Structural characterization 

 

Fig. 4.4: Comparative XRD pattern of CsPbBr3 NCs, pristine Bi2O2Se flakes, and their 

heterostructure. 
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XRD patterns were acquired to get the crystalline phase and quality of Bi2O2Se and 

CsPbBr3 NCs. The comparative XRD pattern of the CsPbBr3 NC film, pristine few-layer 

Bi2O2Se, and the Bi2O2Se/CsPbBr3 heterostructure is shown in Fig. 4.4. Cubic CsPbBr3 NCs 

having diffraction peaks at 15.20° and 30.50° are attributed to the (100) and (200) planes, 

respectively. The Bi2O2Se flakes exhibit major diffraction peaks at 14.49°, 29.23°, and 44.47°, 

assigned to the (002), (004), and (006) planes, respectively. The diffraction peak positions 

reveal the tetragonal crystal phase of Bi2O2Se (JCPDS card no-01-070-1549).24 It is noticeable 

that no significant shift was observed in the XRD peak positions, confirming suitable 

crystallization of the hybrid system after the drop casting of CsPbBr3. 

4.4.3 Optical characterization 

To investigate the optical absorption of bare Bi2O2Se nanoflakes and the 

Bi2O2Se/CsPbBr3 NC HS, diffuse reflectance spectroscopy (DRS) measurement was carried 

out. We deduced the Kubelka–Munk function, F(R), from the DRS data. F(R) is a 

comprehensive measure of the absorption coefficient/absorbance, and F(R) can be calculated 

using the following equation 

𝐹(𝑅) =
(1−𝑅)2

2𝑅
=

𝐾

𝑆
                               (4.1) 

 

Fig. 4.5: (a) Comparison of the K–M function plot for Bi2O2Se flakes and the Bi2O2Se/CsPbBr3 NC 

heterostructure film. Inset shows the UV-vis absorption spectra of CsPbBr3 NCs. (b) Comparative 

Raman spectra for the bare mica substrate, pristine Bi2O2Se layer on mica, and Bi2O2Se/CsPbBr3 

NC heterostructure on the mica substrate. 
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where R, K, and S denote diffuse reflectance, absorption, and scattering coefficient, 

respectively. Fig. 4.5(a) presents the F(R) vs. wavelength plot for Bi2O2Se flakes and the hybrid 

Bi2O2Se/CsPbBr3 NC film. The inset of Fig. 4.5(a) represents the absorption spectra of the as-

prepared CsPbBr3 NCs. The absorption peak for CsPbBr3 NCs was observed at 514 nm, 

attributed to the optical transition from the valence band to the conduction band. Interestingly, 

the absorption coefficient of Bi2O2Se is found to be very high, of the order of ∼105 cm-1, and 

for CsPbBr3, it is ∼104 cm-1. In Fig. 4.5(a), we observed a significant absorption enhancement 

in the UV-Visible region for the Bi2O2Se/CsPbBr3 NC hybrid compared to pristine Bi2O2Se. 

The enhanced absorption is caused by hybridization of CsPbBr3. High absorption in the UV-

visible region for Bi2O2Se/CsPbBr3 helps to obtain high photocurrent in heterojunction. 

 Micro-Raman measurement was performed on pristine Bi2O2Se flakes and 

Bi2O2Se/CsPbBr3 NC HS. The comparative Raman spectra of the as-grown Bi2O2Se flakes on 

a mica substrate, Bi2O2Se/CsPbBr3 NC HS, and bare mica substrate are shown in Fig. 4.5(b). 

The peak at ∼158.5 cm-1 of pristine Bi2O2Se corresponds to the characteristic A1g mode, 

confirming the formation of ultrathin Bi2O2Se flakes. In Bi2O2Se, in the out-of-plane mode, 

A1g originates from the vibration of two ‘Bi’ atoms. Interestingly, the characteristic A1g peak 

in the Bi2O2Se/CsPbBr3 HS was redshifted by 3 cm-1. The redshift in the A1g peak position 

indicates higher n-type doping in Bi2O2Se after the heterojunction formation. It might a result 

of a possible CT from CsPbBr3, which will be discussed later. The peak at 262.8 cm-1 in the 

spectra is attributed to the mica substrate, and it does not show any shift in the HS, confirming 

that shift in the A1g Raman mode arises due to the coupling of Bi2O2Se with the perovskite 

NCs. Notably, the CT in the heterojunction can be made beneficial for photodetector 

application. The doping state of Bi2O2Se can be predicted from the out-of-plane A1g mode due 

to the coupling between electrons and phonons along the c-axis. The Bi2O2Se layer may be 

connected with the perovskite NCs by the van der Waals force in the hybrid structure.  

To better understand the origin of the shift in the A1g mode, we have systematically 

studied the Raman spectra of the Bi2O2Se/CsPbBr3 NC HS for different amounts of the 

perovskite NCs. Fig. 4.6(a) shows the results for three different volumes, 2.5 μL, 5 μL, and 10 

μL, of CsPbBr3 NCs. With the increase in the volume of the perovskite NCs, the A1g Raman 

peak of Bi2O2Se showed systematically higher shifts towards the lower wavenumber. Thus, the 

direct correlation between the perovskite NC amount and the redshift of A1g suggests that CT 

is higher at a higher volume of NCs (up to 5 μL). For a qualitative understanding of the CT 

process, we plot the Raman peak position (A1g mode) as a function of the perovskite volume, 
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as shown in Fig. 4.6(b). A linear relationship between the Raman shift and NC volume was 

discerned up to a volume of 5 L. Note that no further shift in the peak position is observed at 

a higher volume of perovskites, implying no further CT. Likewise, the FWHM (Fig. 4.6 (c)) 

of the Raman peak significantly increases up to a volume of 5 μL and saturated at a higher 

volume. It is due to the uniform surface coverage with CsPbBr3 NCs at 5 μL (see Fig. 4.7). At 

2.5 μL of NCs, we witnessed less coverage of the perovskite NCs over the Bi2O2Se layer (see 

Fig. 4.7(b)). If we add a larger amount, it covers more surface area of the Bi2O2Se flakes (see 

 

Fig. 4.6: (a) Raman spectra of the characteristic A1g mode of Bi2O2Se decorated with CsPbBr3 for 
different volumes. The solid lines are Lorentz fitted, and the arrow indicates the redshift of the A1g 
mode in the presence of CsPbBr3. (b) Evolution of the A1g peak position of Bi2O2Se as a function of 
the CsPbBr3 volume. (c) FWHM of the A1g mode for different volumes of CsPbBr3 NCs. 

 

Fig. 4.7: TEM image of Bi2O2Se flakes with (a) 0 L (b) 2.5 L (c) 5 L of CsPbBr3 NCs.  
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Fig. 4.7(c)). With a larger volume of the solution (>5 μL), CsPbBr3 NCs start stacking on each 

other. The efficiency of the CT depends on the nature of the interface of the perovskite and 

layered Bi2O2Se. It is quite likely that due to the higher bandgap of the perovskite NCs 

compared to the 2D Bi2O2Se, CT takes place from the perovskite layer to the Bi2O2Se layer, 

and this leads to a higher concentration of electrons in the Bi2O2Se.The larger FWHM and 

homogeneous broadening of the Raman peak may originate from the structural relaxation 

caused by charge accumulation.  

The photogenerated CT and recombination dynamics of the photogenerated carriers in 

the Bi2O2Se/CsPbBr3 hybrid system are investigated utilizing steady-state and time-resolved 

PL measurements. The PL spectra of a bare CsPbBr3 NC film and the Bi2O2Se/CsPbBr3 NC 

film with different volumes of CsPbBr3 are shown in Fig. 4.8(a). The PL intensity is 

dramatically quenched in the hybrid system as compared to the pristine perovskite NCs. The 

corresponding data are shown on a magnified scale (5 times) for better visualization. The PL 

peak at 514 nm corresponds to excitonic recombination near the band edge in CsPbBr3. It is 

noticeable that the PL intensity of CsPbBr3 is quenched strongly while it is in contact with the 

Bi2O2Se layer. A significant quenching is noticed at 2.5 μL with a quenching efficiency of 

93.5% (inset of Fig. 4.8(a)), and at 5 μL, the quenching efficiency increases to 96.1%. The 

 

Fig. 4.8: (a) Comparison of PL spectra for CsPbBr3 on the mica substrate and CsPbBr3 on the 
Bi2O2Se/mica substrate at a different volume of CsPbBr3. The inset represents the quenching 
efficiency as a function of the volume of the NC solution. (b) Comparison of the TRPL decay profiles 
for CsPbBr3 and Bi2O2Se/CsPbBr3. Inset shows the steady-state PL emission spectrum of pristine 
CsPbBr3 at room temperature. Symbols represent the experimental data, and the solid line shows 
the Gaussian fitting. 
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quenching efficiency is highest for 5 μL of the perovskite. Maximum quenching is due to the 

uniform surface coverage at 5 μL (Fig. 4.7(c)). Note that above 5 μL, a systematic reduction in 

quenching is observed. This is quite expected since at a higher perovskite volume, most of the 

perovskite NCs are not in direct contact with the Bi2O2Se layer, and hence less quenching is 

justified. Thus, the PL quenching of NCs is attributed to the photoinduced CT from CsPbBr3 

to Bi2O2Se at the hybrid interface. Due to the interfacial CT, radiative recombination reduces 

in CsPbBr3 NCs.  

Time-resolved photoluminescence (TRPL) measurements were performed to 

investigate the photoinduced charge recombination kinetics for pristine CsPbBr3 NCs and the 

Bi2O2Se/CsPbBr3 NC hybrid system. The TRPL decay profiles of the CsPbBr3 NC film and 

the Bi2O2Se/CsPbBr3 NC film are shown in Fig. 4.8(b). The TRPL decay profiles are 

monitored at 514 nm since the steady-state PL spectra revealed a peak at 514 nm for the pristine 

perovskite NCs. The experimental data are fitted using the following equation8 

2

1

( ) exp( / )
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i i

i

A t A t 
=

=

= −               (4.2) 

which is a bi-exponential decay function. In equation (4.2), Ai and τi represent the amplitude 

and lifetime of the i-th decay component, respectively. The emission dynamics of the 

fluorophore can be deduced from the average time the fluorophores reside in the excited state. 

The average lifetime (τavg) was estimated from the TRPL decay profile using the relation8 
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The decay time and amplitude of the CsPbBr3 NC film and the Bi2O2Se/CsPbBr3 NC film are 

tabulated in Table 4.1. Noticeably, two prominent peaks are seen from the Gaussian fitting of 

the steady-state PL spectrum of pristine CsPbBr3 (shown in the inset of Fig. 4.8(b)). The fitted 

TRPL decay profile revealed the average decay time for CsPbBr3 and Bi2O2Se/CsPbBr3 NC 

film as 5.54 ns and 3.06 ns, respectively. The apparent shortening in the average decay time in 

the Bi2O2Se/CsPbBr3 hybrid compared to the pristine CsPbBr3 sample is fully consistent with 

the interfacial CT proposed earlier. Because of the specific type of band alignment, the 

generation and transfer of photoinduced electrons/holes occur from CsPbBr3 to Bi2O2Se, 
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reducing the probability of recombination results in the PL quenching and faster decay of 

carriers in the hybrid device. 

Table 4.1: Details of the fitting parameters of time-resolved PL decay profiles for CsPbBr3 

NCs and Bi2O2Se/CsPbBr3 HS. 

Sample 
1 (ns) 

1A  
2 (ns) 

2A  
ave (ns) 

CsPbBr3 8.65 924 4.55 2916 5.54 

Bi2O2Se/CsPbBr3 4.55 2781 1.60 2828 3.06 

 

4.4.4. Electronic structure calculation of Bi2O2Se/CsPbBr3 NCs and mechanism of 

superior charge transfer 

To thoroughly understand the Bi2O2Se/CsPbBr3 heterojunction, we investigated the 

electronic structure of the individual and hybrid system made of the CsPbBr3 NC and bilayer 

Bi2O2Se. The electronic structures of the CsPbBr3 NC and bilayer Bi2O2Se are calculated 

separately to understand the nature of charge transfer and the type of heterojunction formed. 

Though our Bi2O2Se sample is thicker than the bilayer thickness, to save computation time and 

without the loss of generality, we consider only bilayer Bi2O2Se for the DFT calculation. It has 

been reported from a theoretical study that in the case of layered Bi2O2Se, the change in the 

bandgap with the thickness above two layers is minimal.25 Hence, it is believed that it will not 

affect the conclusion on the CT if we consider higher thickness (more than two layers) for the 

calculation. The total density of states (TDOS) and projected density of states (PDOS) of the 

 

Fig. 4.9: Total density of states (TDOS) and projected density of states (PDOS) for (a) bilayer 
Bi2O2Se (b) CsPbBr3 NCs. 
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bilayer Bi2O2Se and CsPbBr3 NC are shown in Fig. 4.9(a) and (b), respectively. From the 

PDOS data, one can understand the contributions of the valence electrons of each element 

towards the TDOS of the system. The TDOS of the CsPbBr3 NC and PDOS of each element 

consists of neither discrete energy levels like isolated molecules/atoms nor bands like a solid 

system. The electronic states of the NC lie between -2 eV and -4 eV in the valence band region 

and between 1.25 eV and 4.5 eV in the conduction band region. Unlike the CsPbBr3 NC, we 

find states close to the Fermi level in the valence band of Bi2O2Se, contributed by all three 

constituents. Fig. 4.10 shows the TDOS and PDOS of the Bi2O2Se/CsPbBr3 NC hybrid 

structure, which has been obtained from the optimized structure of the hybrid system (Fig. 

4.11(a)). We observe that in comparison with either of the constituents forming the HS, the 

TDOS of the HS shifts towards lower energies. The bottom of the conduction band (around 0.5 

eV) shows contributions from Bi - 6p, Se - 4p, and O -2p states. The availability of additional 

states in the conduction band near the Fermi level (in comparison with either of the constituents 

of the HS) and their characteristics imply that there is CT from the CsPbBr3 NC to bilayer 

Bi2O2Se. The DOS also implies the formation of a type-I heterojunction. The change in the 

DOS and transfer of charges (electrons/holes) is more evident from Fig. 4.11(b), showing the 

TDOS of Bi2O2Se, CsPbBr3 NCs, and the Bi2O2Se/CsPbBr3 hybrid system. The red and blue 

 

Fig. 4.10: TDOS and PDOS of bilayer Bi2O2Se/CsPbBr3 NC heterostructure. 
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vertical lines show the VBM (valence band maxima) and CBM (conduction band minima) of 

the systems, respectively. The band positions of the NCs and bilayer Bi2O2Se confirm the 

formation of the type-I heterojunction. The shift of the VBM and CBM in the hybrid/composite 

system towards the Fermi level suggests electron and hole movement from CsPbBr3 NCs to 

bilayer Bi2O2Se in the conduction and valence bands, respectively. Fig. 4.11(c) shows the 

corresponding charge density plot. The Bader charge analysis corroborates the CT from the 

NC to Bi2O2Se. It shows that the CsPbBr3 NC loses an overall charge of amount 7.68e, which 

is gained by Bi2O2Se. Interestingly, this theoretical interpretation agrees very well with the 

experimental results of the CT between Bi2O2Se and CsPbBr3 systems. Note that the interfacial 

CT in such a system leads to the superior performance of the hybrid photodetector under 

 

Fig. 4.11: (a) Optimized structure at the minimum energy configuration of the bi-layer 
Bi2O2Se/CsPbBr3 NC heterostructure. (b) TDOS of Bi2O2Se, CsPbBr3 NCs and the composite 
(Bi2O2Se/CsPbBr3) system. The red and blue vertical lines show the VBM (valence band maxima) 
and CBM (conduction band minima) of the systems, respectively. (c) Charge density difference plot 
(Δρ = ρ(Bi2O2Se/CsPbBr3) − ρ(Bi2O2Se) − ρ(CsPbBr3)) for the Bi2O2Se/CsPbBr3 heterostructure; the 
blue (yellow) color represents accumulation (depletion) of electrons. (d) Schematic illustration of the 
band bending and photo-induced charge transfer process in the Bi2O2Se/CsPbBr3 heterostructure. 
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external bias, as discussed below. The energy band alignment intrinsically determines the 

charge transport behavior at the vdW HS. The band edges of Bi2O2Se and CsPbBr3 suggest a 

type-I band alignment in the HS, shown in Fig. 4.11(d).13, 14, 26, 27 When the Bi2O2Se/CsPbBr3 

HS is formed, the higher Fermi level (EF) of CsPbBr3 facilitates the transfer of its electrons to 

Bi2O2Se until the thermal equilibrium state of the complete system with a merged EF. Because 

of the type-I band alignment, photoinduced charges are transferred efficiently at the 

heterojunction.12 Though both the electrons and holes are transferred to the underlying Bi2O2Se 

layer, due to the applied external bias, these carriers can avoid recombination and contribute to 

the photocurrent in the external circuit. It results in an improved photocurrent in the HS device 

compared to the Bi2O2Se device. Thus, the electronic structure calculation confirms the 

experimental findings. It provides valuable insights into the mechanism of the CT process and 

its implication for the performance of the photodetector. 

4.4.5. Photoresponse properties of the Bi2O2Se/CsPbBr3 heterostructure 

To study the photoresponse performance of pristine Bi2O2Se and the Bi2O2Se/CsPbBr3 

heterojunction, two-terminal devices were fabricated. A copper grid with a gap of 10 μm is 

used to pattern the electrodes with Au film. A schematic representation of the hybrid 

Bi2O2Se/CsPbBr3 NC photodetector is shown in Fig. 4.12(a) (Inset displays the photograph of 

the fabricated device). Fig. 4.12(b) shows the I-V curves of the Bi2O2Se/CsPbBr3 device in the 

 

Fig. 4.12: (a) Schematic illustration of the Bi2O2Se/CsPbBr3 planar heterojunction photodetector. 
Inset shows the photograph of the device. (b) I–V characteristics of the Bi2O2Se/CsPbBr3 
heterostructure device without and with light illumination (405 nm laser). Inset displays the I-V 
characteristics of the pristine Bi2O2Se device. 
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dark and under light (405 nm laser with an intensity of 2.35 mW.cm-2) at 300 K under 

atmospheric conditions. Interestingly, the dark current in the Bi2O2Se/CsPbBr3 device is lower 

than that of the pristine Bi2O2Se device (see inset of Fig 4.12(b)) for the same applied voltage. 

At the same time, the photocurrent in Bi2O2Se/CsPbBr3 is much higher than in the pristine 

device due to the interfacial CT from the light-harvesting CsPbBr3 NCs to Bi2O2Se. Fig. 

4.13(a) shows the typical photocurrent response of the Bi2O2Se/CsPbBr3 device under 405 nm 

laser (pulsed) illumination at various intensities (0.05 mW cm-2 to 20.06 mW cm-2). The current 

increases with the increase in the laser intensity. The variation of the photocurrent (Iph) with 

the change in the light intensity (P) is fitted with the power-law as  

𝐼𝑝ℎ = 𝐴𝑃𝜃     (4.4) 

where A and θ are the constant and response parameter for a particular wavelength, 

respectively. For the Bi2O2Se/CsPbBr3 photodetector, the θ value is 0.52 in the low intensity 

region and 0.28 in the high intensity region (inset of Fig. 4.13). The sub-linear behavior 

originates from the trapping of charge carriers in interfacial trap states in the hybrid system, 

which helps the photo-excited carriers to recombine.28 Note that the ligand residue in the 

CsPbBr3 NCs can trap carriers, leading to photocurrent saturation at a higher intensity. Since 

our experiments are conducted under ambient conditions, introduction of defects in the 

perovskite NCs is quite likely since these are susceptible to moisture. Photocurrent 

measurement has been carried out for different bias voltages, as shown in Fig. 4.14(a). The 

 

Fig. 4.13: Photocurrent response as a function of the illumination intensity (ON/OFF) for the 
heterojunction photodetector. The inset shows the power-law fitting to the illumination power 
dependence of the photocurrent for the heterojunction device. 
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inset of Fig. 4.14(a) shows a nearly linear increment in the photocurrent with the increment in 

the bias voltage. The photocurrent under the illumination of a 405 nm laser pulse was measured 

for a prolonged duration to check the light stability of the device (Fig. 4.14(b)). The results 

suggest the high stability of the hybrid device under ambient conditions.  

Furthermore, the photo-responsivity (R) and detectivity (D) were calculated using the 

following equations 

𝑅 =
𝐼𝑝ℎ

𝑆𝑃
   (4.5)  

𝐷 =
𝑅

(2𝑞𝐽𝑑)
1
2⁄
   (4.6) 

where Iph represents the photocurrent, P is the laser intensity, S is the operative area, Jd is the 

dark current density, and q is the electronic charge. A comparison of the spectral responsivity 

of pristine and hybrid photodetectors is shown in Fig. 4.15(a) at 3 V (reverse bias) in the 

wavelength range of 390-840 nm. It reveals a relatively higher responsivity in the wavelength 

region of 390-640 nm and a lower responsivity in the higher wavelength region. Higher 

responsivity at the lower wavelength region is primarily due to the higher absorption of the 

Bi2O2Se/CsPbBr3 hybrid, as shown in Fig. 4.5(a). Due to the additional absorption of UV-

visible light by the CsPbBr3 layer, responsivity is higher in the lower wavelength region. The 

 

Fig. 4.14: (a) Photocurrent response under different bias voltages in Bi2O2Se/CsPbBr3 NCs 
heterostructure photodetector. Inset depicts the nonlinear increase in photocurrent with the bias 

voltage. (d) Stability of photocurrent response under prolonged exposure to light pulses. 
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internal reflection of light at the interface of the hybrid structure is also partly responsible for 

higher responsivity of the hybrid device. The highest responsivity was 46 AW-1 at 620 nm and 

39 AW-1 at 400 nm, as shown in Fig. 4.15(a), while for the pristine Bi2O2Se device it was 43 

AW-1 and 34 AW-1 at the respective wavelengths. We notice an enhancement in responsivity 

by ∼35% at 500 nm in the hybrid photodetector, which is attributed to the superior photocarrier 

generation and transport from CsPbBr3 NCs to the Bi2O2Se layer and finally to the external 

circuit due to the bias voltage. Note that the transport of photogenerated carriers avoiding 

radiative recombination in perovskite NCs was probed by Raman, steady-state, and time-

resolved PL measurements, and it was corroborated by DFT-based electronic structure 

calculations. The obtained responsivity value is higher than those of other conventional 

CsPbBr3-based photodetectors.8, 29 The inset of Fig. 4.15(a) shows the responsivity of bare 

Bi2O2Se and the heterojunction photodetector as a function of the illumination intensity. The 

heterojunction photodetector shows a very high responsivity (∼103 AW-1) at an incident 

intensity of 0.05 mW cm-2 for 405 nm, which is excellent as a low-power photodetector. This 

is mainly due to the high absorption coefficient of the Bi2O2Se layer. We further calculated the 

specific detectivity of the hybrid photodetectors using equation (4.6). The peak detectivity of 

the heterojunction photodetector is 2.34 × 1010 Jones, and that of the bare Bi2O2Se 

photodetector is 2.11 × 1010 Jones at 400 nm (Fig. 4.15(b)). At 620 nm, the detectivity is 2.73 

 

Fig. 4.15: (a) Comparison of the spectral responsivity of the pristine Bi2O2Se photodetector and 
heterojunction photodetector in the wavelength 390-840 nm under -3 V bias. The inset shows the 
variation of responsivity with the incident light (405 nm laser) intensity for the pristine Bi2O2Se and 
heterojunction photodetector. (b) Detectivity of pristine semiconducting Bi2O2Se and 
Bi2O2Se/CsPbBr3 NCs. heterostructure. The inset shows the respective excitation intensity-
dependent detectivity at 405 nm. 
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× 1010 Jones for the HS. Thus, the responsivity and detectivity of the hybrid photodetector are 

improved compared to the bare Bi2O2Se based photodetector. 

The response time is a key parameter of a photodetector. The photoresponse speeds of 

bare Bi2O2Se and Bi2O2Se/CsPbBr3 heterojunction photodetectors are quantified, as shown in 

Fig. 4.16(a) and (b), respectively. The experimental data of the photocurrent rise and decay 

processes are fitted by a single exponential function given by 

𝐼(𝑡) = 𝐼0 + 𝐴𝑒(−
𝑡

𝜏
)
   (4.7) 

where τ is the time constant, and I0 and A represent the constants. The photocurrent growth and 

decay time are 62 μs and 601 μs for bare Bi2O2Se, while it comes out to be 12 μs and 28 μs, 

respectively, for the Bi2O2Se/CsPbBr3 heterojunction photodetector, as shown in Fig. 4.16(a 

and b). Remarkably, in the heterojunction system, the response time is comparatively faster 

than the reported values for the bare Bi2O2Se based device.2 The faster photoresponse of the 

hybrid photodetector compared to the pristine Bi2O2Se photodetector is due to the faster 

interfacial CT in the type-I HS. Note that in general a type-I heterojunction with a Bi2O2Se 

layer can limit the performance of a photodetector, as the photogenerated carriers can 

recombine in the Bi2O2Se layer. However, due to the external bias, the probability of 

recombination of carriers in the layer is reduced and this leads to an improvement in the 

photocurrent in the hybrid device. Ideally, a type-II heterojunction on Bi2O2Se could lead to a 

 

Fig. 4.16: (a) Temporal response of the growth and decay of photocurrent (symbols) in the pristine 

Bi2O2Se device and (b) heterojunction photodetector with single exponential fitting (solid line).  
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dramatic improvement in the performance of the Bi2O2Se photodetector. It would be interesting 

to explore such systems for future studies. 

4.5. Conclusions 

We have demonstrated the CVD growth of few-layer 2D Bi2O2Se crystals for studying 

the CT dynamics in the Bi2O2Se/CsPbBr3 hybrid structure. Direct evidence from photoinduced 

CT was provided from the micro-Raman and PL analyses. It is further corroborated by the DFT 

calculation of the density of states and charge density plots. The CT mechanism was 

investigated thoroughly by Raman spectral analysis and steady-state and time-resolved PL 

analyses. Our studies reveal the origin of improved photodetection performance of the 

Bi2O2Se/CsPbBr3 HS compared to bare Bi2O2Se layers. It was demonstrated that the improved 

efficiency of the hybrid photodetector is due to the interfacial CT of photoinduced electrons 

from the perovskite to the Bi2O2Se layer due to the type-I band bending. As a result, we obtain 

a high responsivity of 46 AW-1, a fast response time of 12 μs, and broadband photodetection 

from 390 to 840 nm in the hybrid photodetector. More importantly, understanding of the CT 

process and CT-induced photodetection was first achieved in the Bi2O2Se/CsPbBr3 planar HS. 

Our work on the 2D Bi2O2Se/CsPbBr3 HS opens up a promising ground in the field of highly 

sensitive, fast broadband photodetection. 
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Chapter 5 

Interlayer Charge Transfer Induced 
Photoluminescence Quenching and Enhanced 
Photoconduction in Two-Dimensional Bi2O2Se/MoS2 
Type-II Heterojunction 

This chapter highlights the investigation of interlayer charge transfer across the 2D/2D 

hetero-layers of Bi2O2Se/MoS2. Interlayer charge transfer (CT) based on band alignment is 

vital in high-performing optoelectronic applications, such as PL modulation, superior 

photoconduction, etc. Stacking atomically thin materials with suitable band alignments is an 

efficient approach to witness CT. To study interlayer CT, the stacking of ultrathin vdW 

materials has been studied extensively, while the stacking of vdWs materials with nvdW 

materials is least explored. In this context, we studied the stacking of vdWs 2D MoS2 with 

nvdWs 2D Bi2O2Se layer for understanding the interlayer coupling and charge transfer across 

the 2D interface.  Studies through various spectroscopic and microscopic tools and DFT 

calculations reveal that significant interlayer charge transfer occurs across the hetero-layers 

due to the favourable band alignment of a type-II across the junction. Interestingly, the CT 

from the 2D Bi2O2Se layer to the monolayer MoS2 results in photoluminescence (PL) 

quenching in the MoS2 layer and enhanced photoconduction in the HS. Low-temperature PL 

studies reveal that the robust interlayer coupling between the hetero-layers enhances the CT 

process. The modified Varshni fit reveals that the electron−phonon coupling constant 

(Huang−Rhys factor) is higher for trions (1.13) than for neutral excitons (0.66) in the 

heterostructure. Upon photoexcitation, the trion−phonon coupling is stronger than the neutral 

exciton−phonon coupling in the heterostructure system. The additional doping caused by 

photogenerated CT was quantified by solving the coupled rate equations using a four-level 

model, and the results are fully consistent with the CT estimated from the density functional 

theory (DFT) calculation. These results are significant for understanding the interaction 

between vdW and nvdW 2D heterostructures and further exploration of such 2D 

heterostructures in future optoelectronic applications.   

5.1. Introduction 

2D heterostructures (HS) have been advocated for next-generation electronics and 

optoelectronics integrated devices due to their novel properties and synergistic effects.1-4 

Numerous efforts have been devoted to understanding the 2D HS due to their fascinating 
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electronic and optical properties.5-7 Over the past decades, researchers have shown keen interest 

in  2D-based HS for their applications in broadband, fast photodetection, and on-demand 

sensing.8 VdW pairing among the layers is generally weaker than electrostatically attached 

layers. Many studies9-12 show vdW pairing within different 2D materials, such as TMD/TMD 

vdW-layered materials exhibiting efficient interlayer charge transfer (CT). However, the nature 

and implications of CT across nvdW and vdW stacking have been largely unknown. Earlier 

studies13-16 on TMD/ TMD HS have shown efficient CT and separation due to their vdW 

coupling at the interfaces. HS of 2D layered materials holds a significant lateral contact 

between the layers with atomically sharp interfaces, which is fundamentally different from the 

interfaces in other HS, like 0D/2D and 1D/2D. Within the 2D/2D HS, very little has been 

explored about the CT dynamics in vdW 2D/ nvdW 2D HS. MoS2, a well-known TMD, 

belongs to the vdW family, whereas Bi2O2Se is an nvdW 2D material with weak electrostatic 

staking of layers. Therefore, forming heterostructures by staking of MoS2 with new age 2D 

Bi2O2Se and investigating the fundamental as well as applications of stacked MoS2 and 

Bi2O2Se layers, specifically, charge transport dynamics at the interface is of great interest for 

futuristic optoelectronic applications of such unique heterolayer interface. 

The interlayer CT phenomenon is intrinsic in the 2D HS, facilitating superior 

properties. Notably, efficient photoinduced hot carriers in semiconductors create a 

nonequilibrium distribution of electrons and holes above and below the Fermi energy with 

superior kinetic energy.17  Exploration of CT for nvdW stacking is still warranted for their 

ensuing applications. It is also crucial for the fundamental understanding of inherent interfacial 

optoelectronic properties. In addition, obtaining good-quality 2D materials for stacking is 

challenging. The CVD process has partly solved the problem, as it is a quality approach for 

obtaining highly crystalline 2D materials18, 19. Thus, CVD-grown layered materials are an 

excellent choice for 2D stacking rather than chemically synthesized 2D materials to study the 

CT properties. Usually, a shift in the peak in Raman and PL spectra is observed in 2D HS due 

to induced strain, temperature, layer shrinkage, defects, and CT. Several studies 20-23 have 

demonstrated that CT primarily contributes to the observed peak shift. Therefore, Raman and 

PL measurements are essential tools to investigate the CT at the HS interface. HS-based devices 

can alter the intrinsic doping and chemical reactivity 24, 25 and improve the performance of the 

devices. 

         In this article, we elucidate the CT mechanism in 2D Bi2O2Se/1L-MoS2 hetero-layers via 

different microscopic and spectroscopic tools, and the experimental results are corroborated 

with DFT calculations. A proper stacking of two different layers was confirmed by TEM 
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(HRTEM) imaging and AFM analyses. We show that the redshift of a specific Raman peak 

and the quenching/redshift of the PL peak in the heterojunction could be explained 

systematically through the transfer of photogenerated excess carriers from Bi2O2Se to the 1L-

MoS2, and as a result, the 1L-MoS2 becomes more n-type. Further evidence of the CT process 

is gathered from the optical absorption and PL of the HS system. XPS analysis also indicates 

an electrostatic interface between vdW MoS2 and nvdW Bi2O2Se with probable Mo-O bond 

formation. The nature of the interface and CT is further confirmed by the DFT calculations and 

KPFM measurements. Temperature-dependent PL spectra of HS were acquired to justify the 

temperature effect on CT efficiency. In addition, the electron/exciton-phonon coupling in the 

heterogeneous system could be assessed from a modified Varshni equation fit. We show that 

due to photogenerated CT from Bi2O2Se to 1L-MoS2, the MoS2 layer becomes more n-type 

doped, and trion population is correspondingly increased through the conversion of neutral 

exciton. We collectively estimated the photogenerated charge doping density by solving the 

coupled rate equation involving the four-energy level model and the law of mass-action and 

compared it with the DFT-calculated CT and show that the results are fully consistent with 

each other.  

 

5.2. Experimental details 

5.2.1. Preparation of 2D Bi2O2Se 

For this study, the ultrathin layer of Bi2O2Se crystals was grown on mica substrate via 

CVD process in a single-zone tube furnace, following section 2.2.1 of this thesis. Briefly, Bi2O3 

powder (Alfa Aesar, 99.999%) and Bi2Se3 powder (Sigma Aldrich 99.999%) were used as the 

precursors and the high purity argon (99.999%) was used as carrier gas. The quartz tube was 

evacuated and Ar gas (∼300 sccm) was purged repeatedly at room temperature (RT) to 

eliminate the O2 impurity. The source temperature was increased to ∼695 °C with a ramping 

rate of 11 °C/minute and maintained for 25 min with a base pressure of 400–500 mbar. The 

growth substrates were placed downstream (9-12 cm away from the hot center) at ∼580–590 

°C to grow few-layer 2D Bi2O2Se. 

5.2.2. Preparation of 2D MoS2 

1L-MoS2 was grown on sapphire and SiO2 substrate via CVD process in a two-zone 

furnace, following the earlier reported process.21 In a typical procedure, a quartz boat 
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containing sulfur powder was placed 15 cm upstream inside a quartz tube away from the quartz 

boat containing MoO3 powder. A quartz mask with circular openings was placed on the boat 

containing MoO3 powder, and Si/SiO2 substrates were kept over the mask. The mask allows 

local control of vapor pressure to grow monolayer and bilayer regions separately. High-purity 

Ar gas (99.999%) served as the carrier gas, and a high flow rate of Ar (∼300 sccm) was used 

at first to purge the surface-adsorbed impurities of the sapphire substrates and the tube. 

Afterward, S and MoO3 source temperatures were raised to 150 and 700 °C with ramping rates 

of 15 and 3.5 °C/min, respectively. An Argon flow rate of 10 sccm was maintained for 5 min 

for the growth of MoS2. Then, the system was allowed to cool down to room temperature at a 

cooling rate of 6.5 °C/min. The 1L-MoS2 film was grown on each substrate only on the 

substrate region covered by the quartz mask. In contrast, the directly exposed areas were 

deposited with few-layer and multilayer MoS2. Note that further experiments were performed 

on monolayer MoS2 only. 

5.2.3. 2D Bi2O2Se/1L-MoS2 heterostructure preparation 

The few-layer Bi2O2Se flakes were transferred to the direct CVD-grown MoS2 layer 

grown on sapphire and SiO2 to prepare the Bi2O2Se/1L-MoS2 vertical-type HSs. PMMA-based 

transfer method was adopted following the standard protocol.26 In brief, the PMMA solution 

was spin-coated over the 1L-MoS2 with a spin rate of 2000 rpm for 60 s. Subsequently, it was 

heated for 15 minutes on a hot plate for proper adhesion of PMMA on MoS2. Once it dried 

adequately, it was introduced into a 5% NaOH solution to lift off the sample and kept for a few 

hours. Then the floated PMMA-adhered MoS2 was scooped on a Cu grid for TEM 

characterization. For the TEM characterization, Bi2O2Se was transferred using the HF transfer 

process following section 2.2.2. Similarly, Bi2O2Se layer is transferred on 1L-MoS2 to form 

the HSs. A gentle heat treatment (50℃) was given for proper stacking of the HSs.  

For the spectroscopic measurement of the HS, we transferred the 2D Bi2O2Se layer onto 

1L-MoS2 grown on a sapphire/SiO2 substrate by optimizing the HF transfer method. Au 

electrodes of thickness ~100 nm were deposited through a carbon-free Cu grid (mask) by 

thermal evaporation to fabricate an HS device to measure the photo I-V characteristics on the 

sapphire substrate.27  
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5.2.4. Characterization techniques 

Raman spectroscopy (instrument details same as section 2.2.3) is utilized to obtain the 

crystalline phase of the different samples.  AFM (instrument details same as section 2.2.3) was 

used in tapping mode to examine the topography of the CVD-grown Bi2O2Se and MoS2 layer 

individually as well as for HS. The morphology and structural properties of fabricated HS were 

analysed using a FETEM (instrument details same as section 2.2.3). Room temperature PL 

spectra were acquired using a micro-Raman instrument. X-ray photoelectron spectroscopy 

details are the same as in section 2.2.3. Surface contact potential difference was measured using 

Kelvin probe force microscopy (KPFM) tool incorporated in the above AFM setup. UV–Vis 

absorption measurements were carried out using a commercial spectrophotometer 

(PerkinElmer, Lamda 950). A temperature stage with a remote functioning span of 50X 

objective was integrated with the micro-Raman setup to collect the temperature-dependent PL 

spectra. Liquid nitrogen was used as the coolant. The I-V measurement of the HS device was 

carried out using a microprobe station (ECOPIA EPS-500), a 405 nm laser, and a source meter 

(Keithley 2400) interfaced through a computer. 

5.3. Computational details 

All the calculations were performed using plane-wave DFT-based Quantum 

ESPRESSO code, including projector-augmented wave (PAW) pseudopotential 28, 29 The 

exchange-correlation term was approximated using the generalized gradient approximation 

(GGA) functional of Perdew-Burke-Ernzerhof (PBE) 30 Monkhorest pack k-point 31 12×12×1 

was chosen for the unit cell of the Bi2O2Se/MoS2 HS, and a 5×5×1 grid was utilized for the 

supercell k-points. The plane-wave cutoff energy 80 Ry was used. The Grimme-D3 32 method 

was used to incorporate the long-range dispersion correction, and a vacuum of 40 Å was 

considered along the z-axis to remove periodic image interaction. The convergence of the 

energy threshold is set at 1 ×10-6 Ry. Since the change in the electronic properties above the 

bilayer-Bi2O2Se is minimal 33, we are simply considering bilayer Bi2O2Se to reduce computing 

time. 

To determine the charge density distribution (CDD) between the MoS2 and Bi2O2Se 

layers, equation 5.134 was used, and the figure (see results and discussions) was visualized by 

using the VESTA code35.  

𝜌𝑐𝑑𝑑 = 𝜌𝑀𝑜𝑆2/𝐵𝑖2𝑂2𝑆𝑒 − 𝜌𝑀𝑜𝑆2
− 𝜌𝐵𝑖2𝑂2𝑆𝑒                     (5.1) 
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Here, 𝜌𝑀𝑜𝑆2/𝐵𝑖2𝑂2𝑆𝑒, 𝜌𝑀𝑜𝑆2
, and 𝜌𝐵𝑖2𝑂2𝑆𝑒 represent the charge density of MoS2/Bi2O2Se hetero-

structure, MoS2 monolayer, and Bi2O2Se bilayer, respectively.  

5.4. Results and Discussion 

5.4.1. Growth and characterization of 2D Bi2O2Se and MoS2 

2D Bi2O2Se were grown following section 2.2.1, and monolayer MoS2 was grown by 

CVD process, as discussed above21. Before fabricating HS, the individual morphology and 

phases of as-grown 2D Bi2O2Se and monolayer MoS2 have been confirmed using optical 

microscopy (OM), Raman spectroscopy, AFM, and TEM imaging, as shown in Fig. 5.1. The 

OM image (Fig. 5.1a) and Raman spectrum (Fig. 5.1b) with characteristic A1g mode at 160.7 

cm-1 confirm the crystallinity of 2D Bi2O2Se flakes. AFM (inset of Fig. 5.1b) and TEM 

imaging, including SAED pattern (Fig. 5.1c), confirmed the growth of multilayer flakes 

(thickness ~13 nm) with tetragonal phase. The OM image in Fig. 5.1d shows the growth of 

large area 1L-MoS2. The characteristic Raman mode at 386.6 cm-1 (E2g) and 405.9 cm-1 (A1g) 

confirms the 1L-MoS2 growth (Fig. 5.1e). The inset of Fig. 5.1e depicts the AFM image and 

 

Fig. 5.1: (a) Optical microscopy images of as-grown square-shaped flakes of 2D Bi2O2Se. (b) 

Raman spectrum of the 2D Bi2O2Se and the inset shows the corresponding height profile along the 

black line (c) TEM image of 2D Bi2O2Se. Inset depicts the SAED pattern of single crystalline 

tetragonal 2D Bi2O2Se. (d) Optical microscopy images of as-grown large area 1L-MoS2. (e) AFM 

image of the MoS2, including the height profile (along the white line) at the top right corner. (f) TEM 

image of 1L-MoS2. Inset shows the SAED pattern that confirms the hexagonal crystal structure of 

MoS2. 
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corresponding height profile that further validates the monolayer thickness of as-grown MoS2. 

The TEM characterization (Fig. 5.1f) approves monolayer hexagonal MoS2.  

5.4.2. Fabrication and characterization of HS 

Bi2O2Se/1L-MoS2 HSs are prepared by standard PMMA transfer techniques (see 

section 5.2.3 for detailed information). After fabricating HS, the HSs were first examined with 

OM, TEM, and Raman spectroscopy (Fig. 5.2 & 5.3). Fig. 5.2a illustrates the OM image of 

the HS with the Bi2O2Se flake on top of the 1L-MoS2 film. Further, the Raman spectrum (Fig. 

5.2b) of HS consists of characteristics A1g mode (160.4 cm-1) of Bi2O2Se and E′ (386.4 cm-1) 

and A′1 (404.5 cm-1) modes of monolayer MoS2, suggesting successful stacking of the HS. The 

fabricated HS used for Raman characterization is shown schematically in the inset of Fig. 5.2b, 

demonstrating a vertical stacking of vdW monolayer MoS2 and nvdW 2D Bi2O2Se. In addition, 

Mo-O bond vibration (B2g at ~280 cm-1, shown in Fig. 5.3a) is identified only in the HS, 

 

Fig. 5.2: (a) optical microscopy image showing the transferred multilayer Bi2O2Se on 1L-MoS2 for 

2D Bi2O2Se/1L-MoS2 heterostructure formation. (b) Characteristics Raman spectrum of the HS. 

Inset shows the schematic of HS formed by vertical stacking of 1L-MoS2 (bottom) and 2D Bi2O2Se 

(top) considered for Raman measurement. ‘⊗’ symbol shows the sapphire substrate peak.  (c) 

Transmission electron microscopy image of HS. (d) High-Resolution TEM image of HS contains 

0.28 nm (110) d-spacing of Bi2O2Se and 0.27 nm (101) d-spacing of monolayer MoS2. (e) Lorentzian 

fitted Raman spectra of A1g and E2g Raman modes (1L-MoS2) for pristine and HS, which shows 

peak shift with reduced ∆k. (f) Lorentzian fitted Raman spectra of A1g mode (Bi2O2Se) for pristine 

and HS. Symbols refer to experimental data, whereas solid lines refer to fitted spectra. 
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indicating the incorporation of O in the 1L-MoS2 crystal structure36, 37 due to the formation of 

HS with Bi2O2Se, which is consistent with the XPS spectra discussed later. Such Mo-O bond 

might be formed by incorporating oxygen antisites (present at Se vacancy (OSe) of the outer 

Bi2O2Se surface) at the vacant sulfur site of MoS2 surface. For the TEM analyses of the HS, 

we transferred MoS2 and Bi2O2Se in the same TEM grid via HF and sodium hydroxide (NaOH) 

solution-assisted transfer methods (refer to section 5.2.3). Fig. 5.2c represents a TEM image 

of a typical HS. Fig. 5.2d exhibits a high-resolution TEM image of the heterostructure with a 

d-spacing of 0.28 nm corresponding to the (110) plane of Bi2O2Se and 0.27 nm corresponding 

to (101) of MoS2. Fig. 5.3b shows the atomic arrangement of the HS with tetragonal (red 

square) Bi2O2Se and hexagonal 1L-MoS2 (cyan color), indicating the formation of a formal 

bond at the interface, where the O atom is sitting at the vacant sulphur site (red circled at one 

edge of hexagon) of MoS2 lattice, consistent with Raman and XPS observations. Thus, these 

results confirm the formation of HS with a probable Mo-O bond that is further used for 

understanding the interlayer CT and electron-phonon coupling. It may be noted that the present 

work was conducted at room temperature by a standard wet transfer of few-layered Bi2O2Se 

on as-grown MoS2 (monolayer) without any post-treatment. Therefore, structural 

reconstruction is unlikely in the present case, though the sample was heated at 50 ℃ during the 

transfer process. 

5.4.3. Charge transfer studies 

Raman spectroscopy is a powerful tool for understanding the interlayer CT in 2D HSs. 

Graphene and TMD monolayers show a spectral shift due to the electron-phonon coupling and 

CT at the interface, leading to charge doping.38 The coupling effect and CT at the Bi2O2Se/1L-

 

Fig. 5.3: (a) B2g Raman mode (Mo-O vibrations) observed in the Raman spectrum of HS. (b) Atomic 

resolution lattice image of Bi2O2Se/1L-MoS2 HS with tetragonal Bi2O2Se (red square) and hexagonal 

MoS2 (cyan color). HS junction, i.e., red dashed circle at the edge of cyan hexagon indicates the 

oxygen sitting at a vacant sulfur lattice and forms a Mo-O bond.   
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MoS2 interface have been verified via optical measurements. Individually, the characteristic 

Raman mode was observed at 160 cm-1 (A1g) for Bi2O2Se and at 386.6 cm-1 (E) and 405.9 cm-

1 (A1) for 1L-MoS2. Although all the respective modes were also observed for the HS (Fig. 

5.2b), a distinct redshift (1.4 cm-1) in A1 mode for 1L-MoS2 was noticed, while no apparent 

shift in the E′ mode, as shown in Fig. 5.2e. In the TMD monolayer, the A′1 Raman mode is 

more sensitive to changes in the charge doping density than a change in strain, stress, and 

temperature.38 The contribution of strain to the observed shift can be ruled out since the strain 

would shift all the peaks instead of a selective peak, and it is consistent with the reduction in 

in-plane E′ and A′1 peak difference (∆k). It is noticeable that due to the red shift of one peak, 

the ∆k has been reduced (Fig. 5.2e) from 19.3 cm-1 to 18.1 cm-1. The redshift of A′1 mode on 

different locations of the HS sample (Fig. 5.4) validates the uniformity of the layer and the 

repeatability of the results. Further, we fabricated the HS on the SiO2 substrate to compare the 

results of charge doping with sapphire case. The statistics of reduced ∆k vary from 18.2 to 18.8 

cm-1 on SiO2 substrate, as depicted in Fig. 5.5a. It’s worth highlighting that the redshift is 

 

Fig. 5.4: (a) Comparison of Raman spectra of 1L-MoS2 and HS in pristine and the different HS 

positions on a sapphire substrate. (b) Comparison of Raman spectra of 1L-MoS2 E and A1 peaks 

of the highlighted box of (a) displaying the A1 peak redshift in HS. Inset are the corresponding 

images where the scale bar is 5 m.  The Raman peak marked with the '⊗’ symbol represents the 

sapphire substrate peak. 

 

 

TH-3204_186121014



C h a p t e r  5                                                                                                                     | 108 

 

mainly in A'1 mode on both substrates. Thus, irrespective of the choice of the substrate, the red 

shift of A′1 of MoS2 in HS as compared to the pristine MoS2 sample indicates that the 

photoinduced charge doping in the MoS2 layer originated from the interlayer CT between the 

layers.  Moreover, Δk is reduced on both substrates, and the change is similar in both cases. 

Note that the ∆k value for monolayer MoS2 is found to be ~19.3 cm-1 on the sapphire substrate 

and ~20.0 cm-1 on the SiO2 substrate. Therefore, the significant reduction of ∆k in HS compared 

to the bare MoS2 is attributed to charge doping instead of any strain effect. In fact, any 

compressive strain associated with the transfer of Bi2O2Se layer over the 1L-MoS2 layer would 

cause a blue shift of the A1 mode, which is contrary to the observed red shift. Thus, the red 

shift in A1 mode primarily arises from the change in charge doping density in the 1L-MoS2 

layer.  Consequently, the different energy band structures might be significantly affected by 

the interlayer coupling in the interface of the HS.39 It has been found (Table 5.1) that the 

FWHM of A′1 mode (of 1L-MoS2) is higher (by 1.8 cm-1) in HS than in pristine 1L-MoS2. This 

may be related to charge doping-induced strain caused by the formation of HS. Particularly, it 

might be caused by the formation of Mo-O bond at hetero-interface. In the HS, the additional 

 

Fig. 5.5: (a) Stacked Raman spectra of 1L-MoS2 E and A1 peaks in pristine and the different HS 

positions. Inset are the corresponding images where the scale bar is 5 m. (b) The intensity ratio of 

E and A1 Raman mode (c) Calculated DCT at the different spots across the sample. 
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peak on the right side of the A′1 mode (Fig. 5.2e) possibly originates from the S vacancy.40 We 

observe a broad Raman peak at ~ 450 cm-1 in pristine MoS2, revealing the presence of S 

vacancy (VS)40 and the corresponding peak intensity reduces in the HS, and a peak at ~280 cm-

1 appears (Fig. 5.4a). This suggests the reduction in S vacancy in MoS2 by forming Mo-O bond 

after stacking the Bi2O2Se.  After the formation of HS, the out-of-plane vibration of S-Mo-S 

(A′1) is affected by the out-of-plane vibration of breathing mode (caused by Mo-O bond), 

resulting in an increase of FWHM significantly (by 1.8 cm-1). However, the in-plane vibration 

of S-Mo-S (E′) is barely altered by the additional Mo-O bond vibration, and therefore the 

increase in FWHM is relatively small (0.5 cm-1). Further, we calculated the intensity ratio of 

in-plane E′ and out-of-plane A′1 modes, which reveals an increase in ratio (𝐼𝐸′ 𝐼𝐴1
′⁄ ) after the 

formation of HS (Table 5.1). We relate the variation in intensity ratio (𝐼𝐸′ 𝐼𝐴1
′⁄ )  with interlayer 

CT. Following the earlier report, we estimated the degree of charge transfer (DCT) using the 

modified relation41, 42: DCT= α/(1 + α), where α = (𝐼𝐸′ 𝐼𝐴1
′⁄ ). The intensity of E′ mode at 

386.6/386.4 cm-1 and the A′1 mode at 405.9/404.5 cm-1 for 1L-MoS2/HS have been considered 

for calculating α and DCT. The values for pristine 1L-MoS2 are α = 0.48 and DCT = 0.32, 

whereas the values for HS are α = 0.82 and DCT = 0.45. The α and DCT values across the HS 

(Fig. 5.5b,c) shows that these values are higher for HS than for the pristine 1L-MoS2. The 

higher DCT in HS indicates a stronger interfacial coupling between heterolayers attributed to 

an electrostatic environment across the interface. Fig. 5.2f shows the Lorentzian fitted spectra 

of A1g Raman mode (Bi2O2Se) for pristine Bi2O2Se and HS. Note that we did not observe any 

measurable shift in the A1g mode of Bi2O2Se after the formation of HS, which might be 

attributed to its multilayer nature. In HS, we noticed an apparent reduction and enhancement 

in the Raman intensity of the A′1 mode of 1L-MoS2 and the A1g mode of Bi2O2Se, respectively 

(see Table 5.1), indicating a robust interfacial coupling between the heterolayers in the HS. 

Raman intensity quenching/enhancement is highly correlated with changes in layer numbers, 

lattice orientation, type of stacking, defects, doping, stress/strain, temperature, laser source, the 

variation of electronic and lattice vibration properties, and it could be related to CT, dipole-

dipole coupling, and CT with dipole-dipole coupling.43 We observe a significant quenching 

(60%) in the intensity of the A1 Raman mode of 1L-MoS2 and enhancement (82%) of A1g mode 

in Bi2O2Se in the HS (Table 5.1), and it is primarily due to the absorption/reflection of light at 

the top Bi2O2Se layer, which causes the lower intensity of light to reach the bottom MoS2 layer, 

and as a result, lower intensity of A1 mode. The multilayer nature of HS possibly has multiple 
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interference effects of backscattering of light, which may partly be responsible for the reduction 

in A′1 mode intensity.  

 

Table 5.1 Summary of the Lorentzian fitted parameters (peak positions, FWHM, Raman 

intensity) in Pristine Bi2O2Se, and 1L-MoS2 and HS and ∆K (separation in peak positions of E′ 

and A′1 Raman mode) and intensity ratio of E′ and A′1 of MoS2 Raman modes in pristine 1L-

MoS2 and HS. 

 

Sample E (MoS2) A1 (MoS2)  

∆K 

(cm-1) 

Intensity 

ratio 

1

'

'

E

A

I

I
 

A1g 

(Bi2O2Se) 

 Peak 

position 

(cm-1) 

FWHM 

(cm-1) 

Intensity 

(counts) 

Peak 

position 

(cm-1) 

FWHM 

(cm-1) 

Intensity 

(counts) 

Intensity 

(counts) 

Bi2O2Se  - -  - -  - 68 

1L-MoS2 386.6 2.3 460 405.9 3.9 956 19.3 0.48 - 

HS 386.4 2.8 282 404.5 5.7 341 18.1 0.82 124 

 

To explore further the CT and exciton behaviour of the HS, we conducted the 

absorption spectroscopy measurement. Fig. 5.6a shows the absorption spectra for the pristine 

1L-MoS2, pristine Bi2O2Se, and the HS. The vertical dotted lines correspond to the A, B, and 

C exciton peaks for MoS2. For pristine 1L-MoS2, three excitonic peaks are located at ~ 1.845 

eV (672 nm), ~ 2.009 eV (620 nm), and ~ 2.780 eV (446 nm), respectively. The A and B 

exciton peaks are generated due to the direct excitonic transitions between the maxima of split 

valence bands and the conduction band at the K point of the Brillouin zone.44 The C exciton 

peak is attributed to direct transitions from the deep valence band to the conduction band in 

1L-MoS2. The absorption spectrum of HS illustrates a significant enhancement in absorption 

compared to the sum of the individual contribution to the absorption by 1L-MoS2 and Bi2O2Se 

layers. The higher absorption in the HS may be attributed to the interface scattering and the 

interlayer coupling of light-material interaction in the HS.45 The absorption spectra were taken 

on a large area sample on a sapphire (transparent) substrate with sapphire as the reference for 

absorption measurement. Any interference effect is very unlikely to occur here as the thickness 

of the samples is much smaller than the wavelength of the excitation light. Further, any 

interference effect would give rise to oscillatory data in the spectrum, which is absent in our 

case. To better visualize the resonating behaviour of the A, B exciton peaks in the HS, we 

extracted a second-order derivative of absorption spectra with respect to excitation energy. The 
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A, B exciton peaks appear with significant resonance, and a blue shift in the peak in the HS 

compared to that in pristine 1L-MoS2 in differentiated absorption (d2A/d2E) spectrum can be 

seen in the inset of Fig 5.6a. Resonated A, B excitons with blue shift (11 meV in A and 7 meV 

in B) are attributed to a robust coupling between heterolayer with the p-n junction formation, 

which is consistent with the DFT calculations (discussed later). It may be noted that absorbance 

spectra were collected over a few mm2 of area, giving the overall excitonic feature of the full 

HS sample. The excitonic peaks are consistent with the PL emission spectra of the pristine 

MoS2 and the HS. To study the interlayer CT adequately, PL spectra were recorded for pristine 

1L-MoS2 and the HS (Fig. 5.6b).  1L- MoS2 shows a highly intense PL due to the A and B 

excitonic direct optical transitions at ~ 1.86 eV and ~1.99 eV, respectively.46 In the HS, we 

observed a drastic quenching of 73.5 % in PL (shown in Fig. 5.6b). The dramatic quenching 

with a significant red shift (17.4 meV, shown in the inset of Fig. 5.6b) of PL peak in the HS is 

due to the CT across the interface. The HS-induced change in the dielectric environment may 

 

Fig. 5.6: (a) Comparison of absorption spectra for bare 1L-MoS2, pristine Bi2O2Se, Bi2O2Se/1L-
MoS2 heterostructure. Inset shows the second derivative of absorption spectra with respect to 
perturbed energy. (b) Comparisons of PL spectra for pristine 1L-MoS2, and heterostructure. Inset 
depicts the normalized PL curves for 1L-MoS2 and HS showing the peak shift. (c) PL spectra fitted 
with Gaussian peaks for pristine MoS2 and heterostructure. (d) Spectral weight of neutral exciton 
(A0, violet), trion (A-, dark cyan) in pristine 1L-MoS2 and HS. Inset represents the intensity ratio of 
trion and neutral exciton. 
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have some contribution to the PL peak shift due to a modification of electron-electron and 

electron-hole Coulomb interactions across the layers. Bi2O2Se with a relatively high dielectric 

constant (~20) 47 at 2.3 eV (532 nm) is stacked on a low dielectric constant (~6.3) 48 1L-MoS2, 

which might increase dielectric screening from immediate environment.49  

To identify the contribution of different excitons in the PL emission, the PL spectra 

were deconvoluted with a Gaussian line shape, as shown in Fig. 5.6c. The PL spectral weight 

of A0, A- excitons peak in pristine MoS2 and HS is presented in Fig. 5.6d. In pristine 1L-MoS2, 

the A0 neutral exciton contribution is much higher (47.0%) than that of the HS (24.7%). In 

contrast, the A- trion contribution is higher for HS (54.0%) than for bare MoS2 (39.2%) due to 

the charge separation and transfer of photogenerated electrons from Bi2O2Se layer to 1L-MoS2. 

In HS, the spectral weightage of neutral exciton has decreased by approximately 47.5 %, and 

trion contribution has been ramped up by 37.8 %. The intensity ratio of trion to neutral exciton  

(𝐼𝐴− 𝐼𝐴0⁄ ) increased from 0.83 to 2.19 (inset of Fig. 5.6d) in the HS. The significant increment 

(1.36) in (𝐼𝐴− 𝐼𝐴0⁄ )  signifies that a significant amount of CT occurs in the HS. This is primarily 

due to the transfer of electrons from Bi2O2Se layer to 1L-MoS2, which promotes the formation 

of trions (charged excitons) at the cost of reduction of the neutral excitons. The spectral 

weightage of excitonic peaks (B, A0, A-, X) is tabulated in Table 5.2. The contribution from 

defect-bound exciton (X) also increases (29.7%) due to enhanced radiative recombination of 

bound excitons in the defect-related trap states. Thus, defect contribution is not negligible, and 

these defects may trap the charge carriers, and accordingly the actual amount of CT is less than 

that expected from a defect-free MoS2 layer.  We believe that the defects partially quench the 

neutral excitonic emission and increase the trion population. Excess addition of B exciton 

contribution in HS may relate to the formation of B trion.50 B-excitonic contribution is 

significantly less than A0 and A- excitons for pristine 1L-MoS2 grown on a sapphire substrate, 

consistent with the earlier report.51 Moreover, PL mapping (Fig. 5.7) was recorded to visualize 

Table 5.2 Relative weightage of excitons obtained via Gaussian deconvolution of PL 

spectra in pristine 1L-MoS2 and HS sample. 

 

 Spectral weight of excitonic peaks (%) 

 B A0 A- X 

1L-MoS2 1.0 47.0 39.2 12.8 

HS 4.8 24.7 54.0 16.6 
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the uniformity of the PL quenching of 1L-MoS2 in the HS. During the photon irradiation, the 

photogenerated electrons in Bi2O2Se are transferred to 1L-MoS2 due to the favorable band 

bending, resulting in more n-type nature of MoS2. 

To identify the chemical composition and interface status, we performed XPS analysis. 

The survey scan XPS spectra of different samples (Fig. 5.8) reflect that the samples consist of 

characteristics XPS peaks of Bi, O, Se, Mo, and S elements, as expected. High-resolution XPS 

spectra (Fig. 5.9 (a-c)) were collected to identify the interlayer status. The spectral shift in the 

individual peaks reveals that a static electric field was introduced at the interface due to 

 

Fig. 5.8: XPS survey spectra of Bi2O2Se, 1L-MoS2, and HS (bottom to top). 

 

 

Fig. 5.7: (a) Optical image of HS where PL mapping was conducted. (b) The PL mapping of pristine 

1L-MoS2 and HS (marked with white dashed line). The scale bar is 2 m. 
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interlayer coupling in the HS.52 Fig. 5.9a shows the deconvoluted Mo 3d XPS spectra for 

pristine MoS2 and HS. Mo 3d5/2 and Mo 3d3/2 binding energies (BEs) are 228.7 eV, and 231.8 

eV and 228.6 eV, 231.8 eV in the pristine MoS2 and HS, respectively. In the HS, Mo 3d5/2 BE 

(228.7 eV) becomes lower by 0.1 eV without altering the higher BE (231.8 eV) of Mo 3d3/2. 

The shift of only Mo 3d5/2 (outer electron) without affecting Mo 3d3/2 (inner electron) might be 

attributed to the stronger electrostatic stacking at the interface. At the same time, the BE shift 

(0.1 eV) of Mo 3d5/2  indicates the formation of chemical bond across the two heterolayers and 

the electron transfer from Bi2O2Se to 1L-MoS2.53 The deconvoluted spectrum shows additional 

Mo 6+ peaks at 230.3 eV and 232.7 eV in pristine MoS2, while the peaks appear at 230.6 eV 

and 233.0 eV in the HS. The peak shift (0.3 eV) toward the higher BE indicates the formation 

of a Mo-O bond, which might be ascribed to the incorporation of O atom from Bi2O2Se, and it 

is consistent with the presence of B2g mode in the Raman spectrum. Proper bond formation of 

O atoms with Mo can result in n-type doping in MoS2 in HS. According to first principle 

calculation, the substitution of an S atom by an oxygen atom in a monolayer MoS2 lowers the 

conduction band edge concerning the Fermi level of monolayer MoS2 without affecting the 

valence band edge resulting in n-type doping.54 ‘O’ from Bi2O2Se can be bonded with ‘Mo’ at 

the sulfur vacant sites of the CVD-grown MoS2, eventually resulting in electron doping at the 

interface.  Additionally, the Mo (6+) peak at 234.9 eV in pristine is unchanged in HS, indicating 

that the already formed Mo-O bond (due to the unwanted MoO3 residue from the CVD growth) 

before HS fabrication is not affected.21 S 2s peak positions (226.1 eV and 226.0 eV, Fig. 5.9a) 

are red-shifted by 0.1 eV in HS, indicating the accumulation of electrons via n-type doping. 55 

Since S 2p and Bi 4f binding energies are close to each other, the spectra are deconvoluted to 

obtain each binding energy (Fig. 5.9b). S 2p3/2 and S 2p1/2 BEs are 161.4 eV and 162.6 eV, 

respectively, for pristine MoS2 and 161.5 eV and 162.6 eV for the HS. Careful observation 

shows that the S2p3/2 peak is shifted (by 0.1 eV) toward higher BE. It suggests that due to the 

stacking of nvdW Bi2O2Se, the S 2p state becomes more electronegative in the HS due to the 

induced electric field at the interface after contact, consistent with theoretical charge density 

difference (CDD) calculations. Such an interfacial electric field results in band bending, which 

promotes CT. Therefore, S 2s with higher BE (elimination of the inner electron) get red-shifted, 

while S 2p with lower BE (elimination of outer electron) get blue-shifted. More explicitly, the 

mechanism is that after contact between the hetero layers, they form a positively charged MoS2 

site and a negatively charged Bi2O2Se site at the interface, which initially makes S 2p 

electronegative, but at the same time, due to favorable band bending, electron transfers from 

Bi2O2Se to MoS2 result in the red shift of S 2s. For Bi 4f7/2 and 4f5/2, the BEs are 157.7 eV and 
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163.0 eV, the same for bare Bi2O2Se and the HS (Fig. 5.9b). O 1s peaks are at 528.4, 530.4, 

531.9 eV for Bi2O2Se and 529.7, 531.2, and 532.4 eV for the HS (Fig. 5.9c). The blue shift of 

O1s is ascribed to interlayer electron transfer at an atomically sharp interface from Bi2O2Se to 

1L-MoS2 in the HS through the band bending effect and partially through the formation of a 

formal Mo-O bond.  

The knowledge of the work function/Fermi level of individual and heterostructure 

materials is fundamental to understanding the type of HS and band bending.56, 57 The energy 

offset between CBM or VBM induces interfacial charge transfer at the heterolayer interface. 

To find the origin of the interface's static electric field and the type of HS formed, we conducted 

KPFM measurement on the HS transferred on an indium tin oxide (ITO) substrate. Work 

function can be calculated using the following equation,  

CPD tip sampleeV = −                     (5.2) 

 

Fig. 5.9: (a) XPS spectra of Mo 3d for 1L-MoS2 and HS. (b) S 2p and Bi 4f spectra for pristine 
Bi2O2Se, 1L-MoS2, and HS. (c) O 1s spectra for pristine Bi2O2Se and HS. Symbols indicate the 
experimental data, while the solid line represents the fitted spectra with Shirley's baseline.       
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where  CPDV is the contact potential difference measured from KPFM, and tip  and sample  are 

the work function of the tip used during measurement and the sample, respectively. The 

calibrated work function of the Ti/Ir coated silicon tip ( tip ) is 4.95 eV. From Fig. 5.10a, the 

contact potential difference (VCPD) of the layered Bi2O2Se is 535 mV. The calculated work 

function of Bi2O2Se is 5.485 eV by inserting the values in equation (5.2). Previous studies 

reported that the theoretical work function of  Bi2O2Se is 4.23 eV (2 Layer) and 4.15 eV (1L), 

whereas the experimental value varies between 4.37 and 4.45 eV.58-60 In contrast, we find the 

work function of Bi2O2Se as 5.485 eV, which is much higher. This is attributed to the trapping 

of the electron in the defect states in Bi2O2Se and the corresponding movement of the Fermi 

level away from the conduction band minimum (ECBM) and, thus, the increase in work 

function.61  Similarly, the work function of 1L-MoS2 is 4.435 eV, as reported in our previous 

study.21 Fig. 5.10b displays that the VCPD of Bi2O2Se in the HS is ~85 mV. Thus, the calculated 

work function of Bi2O2Se for the HS is 4.865 eV using equation (5.2). The apparent reduction 

(~0.62 eV) in the work function of Bi2O2Se in HS is attributed to charge accumulation at the 

Bi2O2Se side and charge depletion at the MoS2 side after contact, which is consistent with the 

theoretical CDD analysis. Due to the formation of HS, the Fermi level aligns across the junction 

leading to band bending, as shown in Fig. 5.10c. The schematic of the band alignment of the 

HS under different conditions (before contact and after contact in the dark and photon 

illumination) is depicted in Fig. 5.10c. Fig. 5.10c(i) denotes the energy band positions of 1L-

 

Fig. 5.10: (a, b) Surface contact potential difference topography of the Bi2O2Se and HS sample, 
respectively. (c) Band alignment for the HS, (i) before, and (ii, iii) after contact.  
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MoS2 and Bi2O2Se before making contact. Fig. 5.10c(ii) implies the band alignment after 

contact (dark). It suggests a type-II band bending upon HS formation. After contact, Fermi 

levels of heterolayers become 4.865 eV, which is higher than of 1L-MoS2 and lower than that 

of ultrathin Bi2O2Se. Since the work function of MoS2 is lower than that of Bi2O2Se, the 

electrons will flow from MoS2 to Bi2O2Se after the contact. Consequently, electrons are 

accumulated at the Bi2O2Se side, and holes/positive charges are created at the MoS2 side 

(shown in Fig. 5.10c(ii)). Under equilibrium with equalized Fermi level, a built-in electric field 

directed from MoS2 to Bi2O2Se will be established at the interface, and at the same time, band 

bending will occur. The band alignment from the configuration at equilibrium indicates a type-

II heterojunction. A p-n junction with type-II band bending will facilitate the efficient 

photogenerated electron (hole) transfer from 2D Bi2O2Se (1L-MoS2) to 1L-MoS2 (2D 

Bi2O2Se). Moreover, the work function difference between 1L-MoS2 and Bi2O2Se is ~50 meV 

((Fig. 5.10b), obtained from the contrast difference at the HS junction), which indicates a low 

contact resistance of vdW/nvdW heterojunction. It further suggests that the carrier injection at 

the interface is favorable for efficient CT. Recently, Tan et al. reported a low-resistance contact 

between the 2D Bi2O2Se and the graphene for efficient photodetectors62, which is consistent 

with our explanation.  

To identify the nature of band alignment and the formation of p-n type junction, we 

calculated charge density difference (CDD) across the hetero-layers using density functional 

theory (DFT) calculation, including van der Waals correction. The individual unit cell 

structures of MoS2, Bi2O2Se, and HS are depicted in Fig. 5.11a. The Bi2O2Se/MoS2 HS was 

modeled by keeping the Bi2O2Se above the MoS2 surface with lattice constant a = 3.53 Å and 

b = 3.41 Å. The optimized interlayer distance between the two layers was confirmed by the 

potential energy curve (PEC), as shown in Fig. 5.11b. Fig. 5.11c depicts the Bi2O2Se/MoS2 

heterostructure with the optimized interlayer distance (2.7 Å). A 3×3 supercell of HS was 

considered to calculate the CDD. The calculated CDD plot and the plane-average charge 

density of the MoS2/Bi2O2Se HS are shown in Fig. 5.11d. Systematic accumulation and 

depletion of charge across the HS indicate that CT occurs between the two layers 63 (Fig. 

5.11c), when two phases acquire equalized Fermi level. Further, in the plane average of charge 

density plot (Fig. 5.11d), charge accumulation and depletion reflect the respective positive and 

negative values. The sharp peak in the charge accumulation region present in the Se-layer of 

the Bi2O2Se indicates that significant charge carriers are located in that site, whereas in the S-

layer of MoS2, sharp peaks are present in the charge depletion region. It suggests that when the 
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two layers come in contact with each other, charge transfer occurs from the MoS2 monolayer 

to the Bi2O2Se bilayer. It is calculated that an amount of 0.06 e per unit cell charge transfers 

from the MoS2 to Bi2O2Se, which is quite reasonable.64 The charge (electron) accumulation in 

the Se-site of Bi2O2Se, and charge (electron) depletion in S-sites of MoS2 shows that electron 

is being transferred from the MoS2 layer to the Bi2O2Se layer due to the alignment of the Fermi 

level forming an electrostatic interface, fully consistent with our experimental observation. The 

established built-in electric field across the hetero-layers forms p-n type junction and type-II 

HS that escalates the photogenerated CT from 2D Bi2O2Se to 1L-MoS2. Note that as-grown 

1L-MoS2 is intrinsically n-type, and the 2D Bi2O2Se is p-type in this case, justifying the p-n 

junction behaviour.  

 

Fig. 5.11: (a) Unit cell of (a) MoS2 monolayer, (b) Bi2O2Se bilayer, and (c) Bi2O2Se/MoS2 hetero 
structure. Green, yellow, purple, red and blue balls depict Mo, S, Bi, O, and Se-atoms respectively. 
(b) Potential energy curve (PEC) of Interlayer distance between MoS2 and Bi2O2Se in Bi2O2Se/MoS2 
hetero structure. (d) Charge density difference (CDD) plot of HS. Blue and green colour depicts 
charge depletion and accumulation region in iso-surface value 0.0001 e/bohr3. (e) Plane-average 
charge density difference plot. (f) I-V characteristics of HS device under dark and light. The inset 
shows a schematic of the fabricated HS device. 
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Under light illumination, the type-II band alignment across the junction enables the 

photogenerated electrons in the conduction band of Bi2O2Se to transfer to the conduction band 

of 1L-MoS2 due to suitable band bending (see Fig. 5.10c(iii)). The electrical coupling at the 

interface enhances electrons transfer from Bi2O2Se to MoS2 under light resulting in high 

photocurrent under reverse bias. An HS-based device was fabricated (inset of Fig. 5.11e) to 

validate CT and type-II band alignment via current-voltage analysis. We followed the earlier 

technique to fabricate the HS device with metal electrodes.27 Fig. 5.11e shows the forward and 

reverse bias photocurrent as a function of applied bias. The voltage was spread across the HS 

on the sapphire substrate via gold (Au) electrodes. In dark condition, the I-V curve shows a 

nearly symmetrical nature under reverse and forward bias due to two back-to-back junctions 

formed by the metal contact. However, the I–V curve under 405 nm illumination shows an 

asymmetric diode-like rectifying behaviour (Fig. 5.11e), consistent with the type–II HS 

formation. Surprisingly, the construction of HS suppresses Bi2O2Se dark current to an ultralow 

value <10 nA at 5V. Consequently, the HS photodetector shows a high on/off ratio (current) of 

102 at room temperature. Lower dark current in the HS may be attributed to the depletion 

layer/built-in electric field across the hetero-layers. A p-n junction with type-II band alignment 

under photoexcitation stimulates electron transfer under reverse bias, and excess electron 

density increases with light intensity.  

5.4.4. Low-temperature PL study and estimation of charge doping density  

We conducted low-temperature PL measurements to comprehend the interfacial 

exciton dynamics in the heterolayered system. Fig. 5.12a shows the PL spectral evolution of 

HS from room temperature (293 K) down to 93 K. The results reveal a significant quenching 

of the PL intensity in the HS with respect to the pristine 1L-MoS2 due to the CT, and the 

temperature-dependent data show an apparent redshift in the PL peak with increasing 

temperature. We calculated the PL quenching factor ( 21 ( )

( )
L MoS

HS

T

T
−


) in the temperature 

range of 93-293 K (Fig. 5.12b), where 
21 ( )L MoS T−  and ( )HS T  are the total integrated PL 

intensity of 1L-MoS2 and the HS, respectively, at temperature T. The quenching factor 

increases exponentially from 2.5 to 8.3 with a decrease in temperature, indicating enhanced CT 

at lower temperatures. As the temperature decreases, the interlayer contraction is quite likely 

between the monolayer MoS2 and Bi2O2Se surface.65 Reduction in interlayer separation 
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enhances the CT.66 The interlayer spacing shrinks due to induced lattice anharmonicity during 

a change in temperature. In this case, the built-in electric field at the interface of the 

heterolayers and chemical bonding (Mo-O) across the heterolayers probably favours the 

contraction through electrostatic interaction, and eventually the interfacial interaction results 

in a larger quenching factor that reflects a robust interfacial coupling.65  Significant change in 

the quenching factor due to a change in temperature indicates interlayer CT is the dominant 

 

Fig. 5.12: (a) Temperature-dependent PL spectra of the heterostructure. 253 K, 273 K, 293 K 
spectra are multiplied by 2 and 213 K, 233 K spectra are multiplied by 1.5 for better clarity. (b) PL 
quenching factor i.e. the PL ratio of pristine 1L-MoS2 and HS is plotted as a function of temperature. 
The solid line shows the exponential fitting curve. Upper inset demonstrates comparatively higher 
interlayer spacing results lower quenching factor due to lesser CT and lower inset depicts contracted 
interlayer spacing results higher quenching factor due to higher CT.  (c) Integrated PL intensity of 
neutral exciton and trion vs. T plot. Inset represents the plot of difference between the integrated 
PL intensity of charged exciton (trion, A-) and neutral exciton as function of temperature which 
demonstrate the contribution from trion is much higher than neutral exciton at lower temperature. 
(d) Variation of PL peak energy for A0, A- as a function of temperature. The solid line represents the 
Varshni fit. The symbols are the experimental data.  
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process over other factors, such as the substrate, absorption, scattering, surface quality doping 

from absorbates, etc.65, 67  

To further understand the CT due to interlayer coupling, the integrated PL intensity of 

neutral exciton (A0) and trion (A-) is plotted as a function of temperature, shown in Fig. 5.12c. 

It is apparent that the weightage of both the excitons (neutral and charged) increases with 

lowering of temperature. Noticeably, the variation in spectral weight is much higher due to 

trions than for neutral excitons in the low-temperature region. To visualize the increment better, 

the quantitative differences of trion and exciton weightage have been extracted for each 

temperature and are plotted in the inset of Fig. 5.12c. The higher increment in spectral weight 

of trion is attributed to the CT across the interface due to a reduction in interlayer spacing with 

lowering of temperature. It is obvious that the trion formation increases at lower temperatures 

due to its higher stability at low temperatures. It can be speculated that due to favourable band 

alignment, the exciton formation may occur between the positive charge lying at VBM of 

Bi2O2Se and the negative charge at CBM of MoS2 that is interlayer exciton. However, due to 

the low intensity of PL, it is difficult to distinguish the interlayer excitons that are usually 

observed at ultralow temperatures.  

Temperature-dependent PL analysis also enables the evaluation of the electron-phonon/ 

exciton-phonon coupling in the HS. For this purpose, the spectral energy (peak positions) of 

the neutral excitons (A0) and trions (A-) is plotted as a function of temperature in Fig. 5.12d. 

We use the modified Varshni equation68, 69 for fitting the temperature vs. energy plot,             

( ) (0) coth 1
2

g gE T E S





   
= −   −  

   
                            (5.3) 

which describes the behavior of electron-phonon coupling with temperature for many 

semiconductors. The parameter, S, is called Huang–Rhys factor, implying the strength of 

electron/exciton-phonon coupling70, ħ, and KB are Planks and Boltzmann constants, 

respectively.    is average photon energy. Eg(0) is the emission energy of exciton at an 

absolute zero temperature. The energy shifts of the neutral exciton and trion peak were fitted 

via equation 5.3. The fitted parameters are; (0)gE = 1.90 eV and S = 0.94 for neutral exciton 

(A0), and (0)gE =1.90 eV, S = 1.60 for trion (A-). The higher S value for trion than the neutral 

exciton signifies that the trions contribute more to electron-phonon coupling than neutral 

excitons in the HSs. The observations of the higher S value corresponding to trions than the 
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neutral exciton suggest that trion-phonon coupling is stronger than the exciton phonon 

coupling. However, to the best of our knowledge, there is no report on the trion-phonon 

coupling in the literature and it may require further investigation. It may be noted that due to 

the additional one electron in the trion than the neutral exciton, there may be more sites for 

interaction between electrons and phonons, which may give rise to the higher coupling constant 

(S) for trions.  The A0 exciton emission peak shifts from 1.87 to 1.90 eV (Fig. 5.12d) with 

increasing temperature, which is attributed to the lattice expansion at higher temperatures and 

also additional binding to defects, either via impurities at the sample surface or the 

Bi2O2Se/MoS2 interface.71, 72  

To further estimate the doping density, we followed a four-energy-level model as 

reported by Mawlong et al.21 for 2D MoS2/WS2 system. The corresponding rate equations are  

0

01[ ]A

A A

dN
G k N

dt
−= −  +                           (5.4) 

0 2 3[ ]A

A A A

dN
k N N

dt

−

− −= −  +                    (5.5) 

3 4
X

XA

dN
N N

dt
−=  −                                 (5.6) 

Where G depicts the optical generation rate of excitons. 
A

k − is the formation rate of trion from 

exciton. 1 , 2 , 3 , 4 are the decay rate of neutral exciton, trion, and defect excitons (Fig. 

 

Fig. 5.13: Charge transfer through four energy level model representing the generation rate (G), 

trion formation rate (ktr), decay rate of neutral exciton (Γ1) trion (Γ2, Γ3), defect bound exciton (Γ4). 

 

TH-3204_186121014



123 |    I n t e r l a y e r  C h a r g e  T r a n s f e r  a n d  E l e c t r o n - P h o n o n  C o u p l i n g  i n  2 D  

B i 2 O 2 S e / M o S 2   

5.13). By solving equations 5.4-6, we obtain the population of excitons ( 0A
N ), trions (

A
N − ), 

defect exciton ( XN ) in the steady-state,  

0

1
A

A

G
N

k −

=
 +

                                         (5.7) 

( ) ( )2 3 1

A

A

A

k G
N

k

−

−

−

=
 +  +

                       (5.8) 

( ) ( )
3

4 2 3 1

A
X

A

k G
N

k

−

−


=
  +  +

                   (5.9) 

Assuming the PL intensity of excitons and trions is proportional to their populations, the 

integrated PL intensity of exciton, trion, and defect-bound exciton can be expressed as 

0

0

1
A

A

AG
I

k



−

=
 +

                                          (5.10) 

( ) ( )2 3 1

A

A

A

k AG
I

k

−

−

−

−=
 +  +

                      (5.11) 

( ) ( )
3

4 2 3 1

A X
X

A

k AG
I

k

−

−


=
  +  +

                  (5.12) 

where 0 ,  − , and X are the radiative decay rate of the neutral exciton, trion, and defect-

bound exciton, respectively. A is the collection efficiency of the luminescence. 

The link between the population of the neutral exciton ( 0A
N ), trions (

A
N − ), and the 

charge density ne can be explained using the law of mass-action  

0 0

2

4
exp

e e bA A
B

BA A

N n m m E

N m T− −

   
=   −       

            (5.13) 

where 0A
m , em , and 

A
m − are the effective masses of the neutral exciton, electron, and trion, 

respectively.  and B are the reduced Planck's constant and Boltzmann's constant. T and Eb 

define the temperature and trion binding energy, respectively. The effective masses for the 
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studied system are me = 0.35m0, mh = 0.45m0, mA0 = me+mh = 0.8m0, and mA- = 2me+mh = 

1.15m0, where m0 is the free electron mass. Using these parameters in equations 5.10-12, the 

neutral exciton PL spectral weight can be formulated as 

0

0 0

14

0 0

1 1

1 3.2 10
1

A

A X Xtotal epristine

A A

I

N NI n

N N

 

 

−
−

−

= 
+ 

+ +

                     (5.14) 

0

14

1

1 9.3 10

A

total ehs

I

I n−


+ 
                                                            (5.15) 

Where 0( )total XA A
I I I I−= + + . 

0

0.11



− = and 

0

0.01X


= for a pristine sample; 

0

0.33



− = and 

0

0.06X


= for HS (calculated using equations 5.10-12). The parameters used for the 

calculation are 1 = 0.002 ps−1, 2 = 0.02 ps−1, 3 = 0.05 ps−1, 4 = 0.01 ps-1 and 
A

k − = 0.5 

ps−1 based on the earlier reports.21, 73 The value of 
0




− (0.33) in HS is higher compared to pristine 

sample (0.11), which is ascribed to the formation of trions via efficient CT. Inserting all the 

values in equations 5.14 and 5.15, we obtain ne = 2.99×1013 cm-2 for pristine 1L-MoS2 and 

3.32×1013 cm-2 for the HS. Therefore, the charge doping density (∆ne) is ~ 3.3×1012 cm-2. It 

may be noted that doping density in the present case is relatively lower than the case of other 

vdW-vdW HSs, and this may be due to the electrostatic interaction between the vdW-nvdW 

layers. This is consistent with the observation of relatively small red shift of the Raman peak 

caused by the CT. In the case of MoS2/WS2 QDs, this doping density was reported as 1.5×1013 

cm-2, which is substantially higher than the present case.21  

5.5. Conclusions 

We have demonstrated that the strong interfacial coupling between vdW and nvdW HS 

renders interlayer CT at the 2D Bi2O2Se/1L-MoS2 HS interface. A narrow depletion width is 

formed, and the built-in electric field is directed from MoS2 to Bi2O2Se. The charge transport 

through the heterolayers is governed by type-II band bending, which accelerates the carrier 

transfer from Bi2O2Se to 1L-MoS2. Experimentally, the interlayer CT between 1L-MoS2 and 

Bi2O2Se was substantiated by Raman, PL, and XPS measurements. Analysis of the relative 
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contribution of the excitonic emissions revealed that a significant amount of CT occurs in the 

HS by conversion of excitons to trions. The XPS analyses shows that an electrostatic interface 

with a probable Mo-O bond is created that promotes CT across the surface. Experimentally 

work function analyses from KPFM measurement and theoretically DFT calculations suggest 

that initially (dark), a significant CT occurs at the interface after contact formation from 1L-

MoS2 to Bi2O2Se and forms an electric field across the interface that eventually forms a p-n 

junction with type-II band bending. In addition, asymmetric diode-like rectifying behavior 

confirms type-II HS formation between the layers. I-V characteristics provide an ultralow dark 

current of 10-8 A. As a result, this HS photodetector shows a high on/off ratio of 102 at room 

temperature (300 K). Temperature-dependent PL analysis of HS reveals a larger formation rate 

of trion (due to CT) with decreasing temperature due to the interlayer contraction and stronger 

coupling effect. A higher value of the Huang–Rhys factor for trions indicates that trion-phonon 

coupling is stronger than exciton-phonon coupling in the HS. Considering the four-energy level 

model, the estimated n-type doping density (∆ne) is ~ 3.3×1012 cm-2, which is quite consistent 

with the theoretical estimate from DFT calculation. We believe the proposed 2D Bi2O2Se/1L-

MoS2 HS extends its promising potential in optoelectronics based on its intriguing CT 

properties. Moreover, our work opens up a viable strategy for understanding the interlayer 

coupling in van der Waals / non-van der Waals systems, which will benefit the development 

of heterostructure-based nanodevices. 
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Chapter 6 

Defect-Induced Photogating Effect and its 
Modulation in Ultrathin Free-standing Bi2O2Se 
Nanosheets with Visible-to-Near-Infrared 
Photoresponse 

In this chapter, we have explored the unique structural and optoelectronic 

functionalities of ultrathin Bi2O2Se nanocrystals, synthesized via a scalable chemical reaction 

process with high reproducibility, and their modulation through vacuum annealing. The as-

prepared nanosheets (NS) with monolayer to few-layer thickness possess different kinds of 

defects (e.g., Bi-antisites at Se vacancies, Se vacancies, interstitial O, O antisites at Se 

vacancies) due to their free-standing nature with Se-terminated charged surface. Our study 

reveals that vacuum annealing improves the crystal quality through defect passivation, 

basically through the inter-layer self-assembly via electrostatic interaction. Interestingly, we 

observed self-powered negative persistent photoconductivity (PPC) in as-grown defect-

containing Bi2O2Se NS and positive photoconductivity (PC) in annealed Bi2O2Se NS 

containing fewer defects. The mechanistic origin of such conversion from negative PPC to 

positive PC is discussed in detail, where the energy levels created by the defects serve as photo-

gates. In addition, photoresponsivity (vis-NIR) measurements show a photo-gating effect 

created by defects that play a key role in modulating the wavelength-dependent 

photoconductivity. The peak responsivity of the device is shown to be 0.4 AW-1 at 808 nm. 

This work highlights the possible origin of crystallinity improvement of non-van der Waals 

Bi2O2Se nanosheets through vacuum annealing and their intriguing photoresponse properties 

in visible-to-near-infrared range, which are of fundamental importance and practical 

application in cutting-edge optoelectronics.  

6.1. Introduction 

Low-dimensional materials are promising for the next generation devices due to their 

tunable structural1, and unique optical 2, 3, and electronic properties4, 5. Interestingly, these 

properties depend highly on the crystallinity6, thickness7, 8, and defects9 of the material. Among 

low-dimensional materials, 2D nanosheets have attracted significant attention due to their 

fascinating optoelectronic properties.10-12 Newly emerging nvdW Bi2O2Se has shown 

competitive optoelectronic properties13-16 comapred with its vdW-2Ds (such as MoX2, WX2, 

PdX2 where X= S, Se, Te). Different synthesis techniques have been adopted to obtain the high 
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crystal quality and scalable production of 2D Bi2O2Se (discussed in Chapter 1).14, 17-21 Based 

on its application, researchers have adopted various synthesis/growth routes, such as CVD-

grown milli-meter-sized single crystal of Bi2O2Se for phototransistors17, the catalyst-free 

CVD-growth of Bi2O2Se nanoribbons for phototransistors22, the solution-based top-down 

synthesis of Bi2O2Se quantum dots for cancer photothermal therapy23, etc. However, further 

investigations are necessary to bridge the gap between synthesis and applications in an orderly 

manner by unraveling the hidden properties of Bi2O2Se nanostructures. Many inherent 

properties, such as bolometric effect24, low lattice thermal conductance25-27, high carrier 

mobility28, 29, room-temperature ferroelectricity18, 30, and excimer formation31 have been 

reported in semiconducting Bi2O2Se.  

Generally, in semiconductors, photoexcitation leads to surplus charge carriers, which 

increases the electrical conductivity known as positive photoconductivity (PC). However, in 

exceptional circumstances, negative PC may appear due to a diminished conductivity under 

illumination. So far, many semiconductor nanostructures have exhibited negative PC, e.g., as 

in p-type single-walled carbon nanotubes32, Bi-doped p-type ZnSe nanowires33, n-type InAs 

nanowires34, n-type InN thin films35, Bi2Se3 nanosheets36, etc. Many theoretical predictions and 

experimental studies have been reported and debated to determine the origin of negative PC in 

such semiconductors.37-41 Grillo et al. have observed the coexistence of negative PC and 

positive PC in p-type few-layer PtSe2 due to the physisorption of oxygen at the surface.42 For 

p-type material, photon-assisted oxygen desorption leaves electrons that further recombine 

with holes and reduce the carrier (hole) concentration, resulting in negative PC. By contrast, 

negative PC in an n-type material cannot be explained following such a mechanism because 

the desorption of oxygen leaves electrons and increases electron concentration, which will 

result in positive PC. However, negative PC has also been reported in n-type semiconductors, 

explained in some cases through light-assisted hot electron trapping34 and light-induced 

positively charged gap states35. Other mechanisms, such as the built-in-electric field43, 44, the 

presence of DX (D: donor atom, X: unspecified lattice defect) like centers45, etc, have been 

reported to explain this negative PC. Although different origins of negative PC have been 

reported in different materials, the observation of negative PC in Bi2O2Se is novel, and 

understanding its origin is imperative because of its unique nvdW characteristics. Besides being 

a superior optoelectronic candidate, the intrinsic defects and structural tuning via vacuum 

annealing in Bi2O2Se are interesting to explore because they can profoundly affect the transport 

properties of Bi2O2Se. In addition, these defects can produce Janus structures compared with 
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conventional oxide passivation in metal chalcogenides nanostructures46. The dissimilarity in 

non-vdW materials can create several applications, including ferroelectricity, piezoelectricity, 

etc.47, 48 

In this work, we report negative PC in Bi2O2Se nanosheets (NS) in their pristine form, 

synthesized via a one-pot chemical synthesis process. We study the conversion of negative PC 

to positive PC via vacuum annealing of the as-grown Bi2O2Se nanosheets, and explore the 

origins behind this systematic conversion. Unlike previously reported p-type systems, oxygen 

desorption can hardly explain the origin of negative PC in our study, since the as-grown 

Bi2O2Se contains intrinsic defects (mainly Bi-antisites at Se vacancies/Se vacancies/interstitial 

O/O antisites at Se vacancies), as confirmed from energy-dispersive X-ray spectroscopy and 

X-ray photoelectron spectroscopy measurements. Interestingly, after vacuum annealing, the 

defect density is substantially reduced. X-ray diffraction pattern and Raman analyses have been 

adopted to understand the mechanism of the improved crystallinity of Bi2O2Se after annealing.  

We provide evidence of defect healing in free-standing Bi2O2Se through self-assembly during 

vacuum annealing. Atomic resolution transmission electron microscopy provides evidence for 

inter-layer merging of two layers during vacuum annealing, which reduces the defects. We 

show that the defect-induced shallow energy states serve as a photo-gate that controls the 

negative PC via increasing electron-hole recombination and the trapping of free carriers. Thus, 

the photo-gating effect plays a significant role in tuning the electronic properties of chemically 

synthesized Bi2O2Se NS. We also study the performance of the annealed NS as a photodetector. 

6.2. Experimental details 

6.2.1. Materials 

The following materials have been used for the preparation of Bi2O2Se nanosheets: 100 

mg of Bi(NO3)3.5H2O (Sigma Aldrich) and 13 mg SeC(NH2)2 (Sigma Aldrich), 306.8 mg 

EDTA, 120 mg KOH, and 320 mg NaOH.  

6.2.2. Preparation 

Fig. 6.1 shows the schematic diagram of the synthesis process. At first, 100 mg of 

bismuth nitrate pentahydrate (Bi(NO3)3,5H2O )  was placed in a beaker containing 20 ml of 

distilled water. This was mixed using a magnetic stirrer on a hot plate at 150 1C at 550 rpm for 

10 minutes. Subsequently, 13 mg of selenouria was added, and the experiment was continued 
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for 10 minutes. Next, 306.8 mg of EDTA was added and the reaction continued for 10 minutes. 

The, 120 mg of KOH and 320 mg of NaOH were added, and the reaction was continued for 

another 15 minutes. Later, the product was rinsed with ethanol and DI water. Finally, the 

product was centrifuged at 9000 rpm with ethanol and DI water 4 times consecutively. In the 

end, the product was kept inside a hot air oven for 24 hours with a heat of 80℃ and, finally, 

the Bi2O2Se nanosheets are obtained. For vacuum annealing, the sample were kept inside a 

single zone tube (quartz) furnace, where the tube was maintained at a vacuum of 8.5×10-3 mbar. 

Annealing was carried out for 1 hour at temperature of 200℃, 300℃, 400℃. 

6.2.3. Characterization techniques 

Micro-Raman spectroscopy (LabRam HR800, Jobin Yvon) was carried out to 

characterize the unannealed and annealed Bi2O2Se NS with an excitation wavelength (λex) of 

532 nm with 100× objective lens with a typical spot size of 1 m. X-ray diffraction (instrument 

details same as section 2.2.3) patterns were collected to extract the crystal information. The 

thickness of the samples has been measured with atomic force microscopy (AFM; Cypher, 

Oxford Instruments) imaging in non-contact mode scanning. XPS and ultraviolet photoelectron 

spectroscopy (UPS) measurements were performed using a PHI 5000VersaProbe III instrument 

(ULVAC-PHI, INC). The morphology of unannealed and annealed Bi2O2Se NS was studied 

using a field emission scanning electron microscope (FESEM) (Sigma, Zeiss). FETEM, 

 

Fig. 6.1: Schematic of the synthesis process of Bi2O2Se NS. 
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including high-resolution TEM operated at 200 KV, was performed to study the morphology, 

layer, and self-merging of the Bi2O2Se nanosheets. Energy-dispersive X-ray spectroscopy 

(EDS) of the Bi2O2Se NCs was performed using a scanning transmission electron microscope 

(STEM; JEM 2100F, 200 kV). The Bi2O2Se layer was drop cast onto a TEM Cu grid for the 

TEM measurements and baked on a hot plate at 50 °C for 30 minutes. Absorbance spectra were 

acquired with a UV-VIS spectrophotometer (Lambda 950, PerkinElmer). The transfer 

characteristics of the photodetectors were measured using a microprobe station (ECOPIA EPS-

500) with 808 nm, 532 nm, and 405 nm lasers. Photoresponse data were collected at 808 nm 

and 405 nm facilitated with TTL modulation (CNI Laser) and I-V measurement system 

(Keithley 4200). The spectral photo-responsivity of the photodetector was measured using a 

Xenon lamp (Newport) with a manual monochromator (Newport) and source-measure unit 

(Keithley 2400). 

6.3. Results and Discussion 

6.3.1. Synthesis and characterization 

Bi2O2Se NS was synthesized via a chemical process using bismuth nitrate (Bi(NO3)3) 

and selenourea (SeC(NH2)2) at 150 ℃ in a laboratory atmosphere. A schematic of the synthesis 

process has been depicted in Fig. 6.1. Typically, in step I, bismuth nitrate goes through a 

hydrolysis process in the aqueous medium and forms BiONO3. Subsequently, the addition of 

selenourea decomposes into selenium ions (Se2) in the aqueous medium in step II. In step III, 

BiONO3 reacts with Se2- and produces Bi2O2Se. Thus, bismuth nitrate and selenourea produce 

[Bi2O2]2+ and [Se]2- ions, which further covalently bond and form a layered electrostatic 

structure of Bi2O2Se. Fig. 6.2a shows the electrostatic stacking of [Bi2O2]2+ and [Se]2- layers 

atomically. As shown in Fig. 6.2b (unannealed) and 6.1c (annealed), free-standing nanosheet’s 

are obtained, as captured via FESEM imaging. A mixture of few-layer (Fig. 6.2d) to multilayer, 

including monolayer (Fig. 6.2e), was observed in the as-prepared nanosheets (NS). In Fig. 

6.2d, an edge of the Bi2O2Se flake shows the 5 consecutive layers with a spacing of 0.6 nm, 

confirming the few-layer Bi2O2Se. The inset of Fig. 6.2e demonstrates the thickness of 0.6 nm, 

a single layer thickness of Bi2O2Se.49 To confirm the crystallinity of the NS,  we carried out 

Raman spectroscopy on the as-grown Bi2O2Se NS.  Observation of characteristic A1g Raman 

mode at 154.7 cm-1 indicates the formation of the tetragonal phase of Bi2O2Se.18, 26, 50 
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6.3.2. Evidence for intrinsic defects and their control via vacuum annealing 

Although we observe the characteristic A1g Raman mode, there exists a broad 

asymmetric tail of A1g mode (Fig. 6.3a). To understand the origin of the tail, we carried out 

vacuum (10-3 mbar) annealing of the sample at different temperatures (200-400 ℃). 

Interestingly, the broadening (FWHM) of the A1g mode decreases with the annealing 

temperature. With an increasing annealing temperature, the FWHM of A1g mode decreases 

systematically from 19.2 cm-1 (unannealed) to 17.8 cm-1 (200 ℃, annealed), 14.8 cm-1 (300 ℃, 

annealed), and 11.0 cm-1 (400 ℃, annealed) (Fig. 6.3b). The atomic out-of-plane vibration of 

the Bi-atom about the [Bi2O2] plane is the origin of the A1g mode (154.7 cm-1). The in-plane 

vibration of the Bi atom with respect to the Se atom causes the E2g mode in Bi2Se3 at ~131 cm-

 

Fig. 6.2: (a) Atomic crystal structure of Bi2O2Se showing the electrostatic stacking of [Bi2O2]2+ and 
[Se]2- (b, c) FESEM images of as-synthesized free-standing nanosheet before and after annealing. 
(d) TEM image showing an edge of Bi2O2Se NS containing 5 layers (3 nm thickness). (e) Atomic 
force microscopy image of a single monolayer Bi2O2Se nanosheet. Inset shows the corresponding 
height profile of monolayer Bi2O2Se. 
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1.51 From the Lorentzian fitted spectra (Fig. 6.3a), the extra broad peak at ~138.3 cm-1 ( in the 

as-grown Bi2O2Se), 138.9 cm-1 (200 ℃), 143.4 cm-1 (300 and 400 ℃)) corresponds to neither 

the E2g peak of Bi2Se3 nor the A1g peak of Bi2O2Se. Now, what is the origin of the ~138.3 cm-

1 mode? The intrinsic defect could probably be passivated via vacuum annealing due to the 

quasi-Se-terminated charged surface of Bi2O2Se. Hence, the broad peak at ~138.3 cm-1 

indicates the defective bismuth oxiselenide state. We assigned it to a defect peak. The intensity 

ratio (
𝐼𝐴1𝑔

𝐼𝑑𝑒𝑓𝑒𝑐𝑡
)  of A1g mode and the defect mode (~138.3 cm-1) is found to increase from 1.44 

(before annealing) to 1.55 (200 ℃), 2.1 (300 ℃), and 3.2 (400℃) after annealing, as shown in 

Fig. 6.3c. The vibrational mode caused by defects at ~138.3 cm-1 is reduced significantly after 

annealing. Upon vacuum annealing, the decrease in FWHM and the increase in 
𝐼𝐴1𝑔

𝐼𝑑𝑒𝑓𝑒𝑐𝑡
 suggest 

an improvement in crystallinity through defect reduction due to built-in electrostatic 

interactions among the layers.  

 

Fig. 6.3: (a) Comparison of Raman spectra of unannealed & annealed Bi2O2Se samples. (b) FWHM 
of A1g mode as a function of annealing temperature. (c) Intensity ratio of A1g Raman mode to defect-
induced mode as the function of annealing temperature reflecting that A1g becomes prominent with 
increasing annealing temperature.  
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To find the mechanism of defect reduction, elemental mapping was carried out. Fig. 

6.4a (i-iv) shows the STEM mapping of each element of unannealed Bi2O2Se NS, and the 

corresponding EDX spectrum is depicted in Fig. 6.4b with atomic percentage. Fig 6.4a(i) 

shows a cluster of free-standing nanosheets, and Fig 6.4a(ii-iv) shows the corresponding Bi 

(yellow), O (green), and Se (red) colour mapping, which shows elemental uniformity over the 

cluster. The atomic percentage of Bi, O, and Se is 45.8 %, 40.7 %, and 13.5 %, respectively, 

for the pristine sample. This deviates from the ideal Bi2O2Se crystal with an atomic ratio of 

2:2:1 and reflects the formation of the Se poor and Bi-rich state. The formation of such Se-

poor, Bi-rich state probably arises due to low-temperature chemical growth. According to DFT, 

considering 90 atom's Bi2O2Se supercell, under Se-poor and Bi-rich conditions, besides the Se 

vacancies and O vacancies, the formation of ‘Bi antistites at Se vacancies’ and ‘presence of 

interstitial oxygen’ is most likely.52 In addition, Wei et al. found from the first-principle 

 

Fig. 6.4: (a, c) Bright-field TEM image of unannealed and annealed Bi2O2Se NS (i-iv) corresponding 
STEM mapping of Bi (yellow), O (green), Se (red) in each case. (b, d) STEM EDX spectra showing 
the atomic percentage of different elements in unannealed and annealed samples, respectively. (e) 
Plausible route of structural modification after annealing. Left panel: Defects present in unannealed 
NS. Right panel: Self-assembly of atomic layers after annealing showing defect passivation.  
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calculations that the formation energy of O antisite at Se vacancy (OSe) is slightly higher than 

the Se vacancy.53 In line with this, we found the atomic stoichiometry of unannealed NS to be 

Bi2O1.78Se0.59, which reveals the possible presence of multiple point defects, such as Se 

vacancies (VSe), oxygen vacancies (VO), Bi antisites at Se vacancies (BiSe), interstitial oxygen, 

O antisites at Se vacancies (OSe). By contrast, elemental mapping of the annealed Bi2O2Se 

cluster shows an improved elemental uniformity, as revealed from Fig. 6.4c(i-iv). In annealed 

Bi2O2Se NS, the atomic percentage of Bi, O, and Se are 50.8 %, 29.6 %, and 19.6 %, 

respectively, as shown in Fig. 6.4d. After annealing, the oxygen concentration decreases, and 

the Se-poor, Bi-rich conditions remain similar, although the crystallinity improves. In the 

unannealed sample, Bi : Se is 3.4, and in the annealed sample, the ratio decreases to 2.6 (closer 

to the ideal value of 2.0), indicating defect healing (Bi antisites at Se vacancy). The evolution 

of O : Se = 3.0 (unannealed) to 1.5 (annealed) indicates the partial removal of interstitial oxygen 

atoms and the passivation of OSe during annealing. The changed atomic stoichiometry (from 

Bi2O1.78Se0.59 in the unannealed NS to Bi2O1.17Se0.77 in the annealed NS) suggests that Se 

vacancies are reduced in the annealed sample.  

To better illustrate the defect healing, in Fig. 6.4e we present a schematic representation 

of the four types of defect (BiSe, Oin, OSe, and VSe) in the unannealed sample and their healing 

upon annealing. These defects are reduced via self-assembly and form better crystals (favorably 

even numbers of layers to terminate as the complete unit cells) after annealing due to built-in 

electrostatic interaction between the layers of Bi2O2Se, as shown in the right panel of Fig. 6.4e. 

In an ideal scenario, two monolayer surface with 50% Se vacancies can self-assemble through 

electrostatic interaction under vacuum annealing to form one Se-layer with no vacancies 

between two [Bi2O2]+ layers.54 The oxygen concentration is reduced in the annealed sample 

(1.17) compared with the unannealed sample (1.78), indicating partial removal of loosely 

bound surface oxygen during annealing, which is consistent with the XPS analysis discussed 

below. Due to these defects, a lower frequency Raman mode is observed for the defects at 

~138.3 cm-1.   

To confirm our claim of intrinsic defects in the as-grown Bi2O2Se NS, we conducted 

XPS measurements on unannealed and annealed (400 ℃) Bi2O2Se NS. The XPS spectra of Bi 

4f, O 1s, Se 3d, and C 1s are presented in Fig. 6.5(a-d), and their deconvoluted peak positions 

are tabulated in Table 6.1. In the unannealed NS, deconvoluted Bi 4f peak positions are located 

at 158.1 eV (Bi 4f7/2) and 163.4 eV (Bi 4f5/2) (Fig. 6.5a, lower panel). In the annealed NS, the 

respective peak positions are at 153.2 and 163.5 eV (Fig. 6.5b, upper panel). The spectral shift 
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(0.1 eV) of Bi 4f towards higher binding energy is attributed to interlayer self-assembly. In 

addition, the peaks centred at 159.1 eV (159.2 eV), and 164.2 eV (164.6 eV) in the unannealed 

(annealed) NS indicate the presence of Bi antisites at Se vacancies (Fig. 6.5). The lower BE of 

the peaks at 159.1 eV and 164.2 eV in the unannealed NS compared with the annealed NS at 

159.2 eV and 164.6 eV suggests that the BiSe located at the outer surface merges and forms 

intra-layer BiSe after annealing (see Fig. 6.4e right panel). The O 1s spectra in unannealed NS 

are deconvoluted into three peaks located at 529.1 eV (O 1s I), 531.0 eV (O 1s II), and 532.8 

eV (O 1s III), and those in the annealed NS are at 529.4 eV (O 1s I), 531.6 eV (O 1s II), and 

533.6 eV (O 1s III) (Fig. 6.5b). The peak shifts of 0.3 eV (O 1s I), 0.6 eV (O 1s II), and 0.8 eV 

(O 1s III) are attributed to the self-assembly or amalgamation of layers, consistent with the Bi 

4f peak shift. O 1s I is attributed to O2- (lattice oxygen), and O 1s II originated from O- state, 

indicating the presence of OSe and interstitial oxygen (SeO- ions).55 Upon annealing, the 

intensity ratio of O 1s I and O 1s II increased from 0.78 (unannealed) to 0.98 (annealed) NS. 

Hence, the higher ratio of O1s I and O1s II suggests that the lattice crystallinity improves via 

the partial removal of interstitial (SeO- ions) and OSe. Although annealing decreases the 

oxygen-to-selenium ratio (O/Se) from 3.0 to 1.5 (as obtained via elemental analysis), 

atmospheric exposure before XPS measurement possibly creates an oxide layer over the NS 

 

Fig. 6.5: (a-d) XPS spectra of Bi 4f, O 1s, Se 3d and C 1s, respectively, of unannealed (lower panel) 
and annealed (upper panel) NS. 
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surface, which results in an O 1s II peak in annealed NS.56 The additional peak centred at 532.8 

eV (O 1s III) may be associated with loosely bound surface oxygen, which might be integrated 

during the chemical reaction process.57 The annealing process partially removes such 

functional groups and, consequently, the areal intensity of O 1s III decreases from 14 % 

(unannealed) to 7 % (annealed), consistent with the STEM analysis. To confirm the presence 

of loosely bonded surface oxygen, we deconvoluted the C 1s spectra with four peaks 

(unannealed) and three peaks (annealed), as shown in Fig. 6.5d. In the unannealed NS, the 

extra peak at 288.4 eV arises due to the chemi-adsorbed oxygen functional group (C-(O)-C).58 

The corresponding peak is absent in annealed NS, which indicates the removal of oxygen 

functional groups in the annealed NS. The oxygen at the top surface is integrated with the C 

element during the reaction process from the carbon-containing selenourea, and those oxygen 

functional groups are removed after annealing. In the unannealed NS, the deconvoluted Se 3d 

peaks are located at 52.3 eV (Se 3d5/2), 53.1 eV (Se 3d3/2), and 54.0 eV (Fig. 6.5c, lower panel). 

In the annealed NS, the respective peaks are at 52.6 eV, 53.4 eV, and 54.4 eV (Fig. 6.5c, upper 

panel). The lower binding energy of Se 3d in the unannealed NS compared with the annealed 

NS indicates the presence of Se-vacancies (VSe) at the outer surface. In the annealed NS, the 

binding energy of Se 3d increases by 0.3 eV (Se 3d5/2), 0.5 eV (Se 3d3/2), and 0.4 eV, which is 

ascribed to inter-layer self-assembly (the outer surface of two Se layers merges and forms one 

Se layer and therefore the binding energy of Se 3d increases in the annealed NS), which is 

consistent with Bi 4f and O 1s peak shifts. Thus, the lattice crystallinity and the chemical 

environment of the as-synthesized NS evolve and improve after vacuum annealing. 

Table 6.1: XPS peak positions of all elements of unannealed and annealed NS. 

Element Binding energy (eV) 

Unannealed NS Annealed NS 

Bi 4f Bi 4f7/2 158.1 153.2 

Bi 4f5/2 163.4 163.5 

O 1s O 1s (I) 529.1 529.4 

O 1s (II) 531.0 531.6 

O 1s (III) 532.8 533.6 

Se 3d Se 3d5/2 52.3 52.6 

Se 3d3/2 53.1 53.4 

C 1s C 1s 284.8 284.8 

C-(O)-C 288.4 absent 
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Furthermore, an XRD pattern was collected to investigate the phase evolution of the as-

synthesized NS after annealing (200℃- 400℃). A broad peak is observed in the range of 15-

35˚ for the unannealed Bi2O2Se NS, which is consistent with the earlier report by Ghosh et al.18 

With increasing annealing temperature (200-400℃), the characteristics XRD peaks of the 

tetragonal phase of Bi2O2Se (space group: I4/mmm) start to appear, as shown in Fig. 6.6a. The 

XRD peak positions lie at 29.1˚ (004), 31.7˚ (103), 44.3˚ (006), 46.9˚ (200), and 57.8˚ (213) 

for the tetragonal Bi2O2Se after annealing. The intensity of the XRD peak is higher for the 400 

℃ annealed sample. The appearance of an XRD peaks after annealing is due to defect reduction 

in the electrostatic layers. The positively charged surface of Bi2O2 and the negatively charged 

Se surface influence the free-standing layers to self-assemble/merge. As annealing at 400 ℃ 

yields the highest peak intensity, we carried out FETEM analysis of the sample to better 

understand the mechanism of defect reduction. Fig. 6.6b shows a low-resolution FETEM 

image of free-standing nanosheets of Bi2O2Se lying tilted on a TEM grid. To find the crystal 

 

Fig. 6.6: (a) XRD pattern of Bi2O2Se crystals before and after annealing at different temperatures. 
(b) Low-resolution TEM image of free-standing Bi2O2Se NS after annealing. (c) Atomic resolution 
TEM image of tilted Bi2O2Se NS showing Se layers of two monolayers merge and form one Se 
layer. (d) The corresponding model of merging of two railway tracks resembling the present case. 
(e, f) experimental observation and atomic model of merging of layers. (g) Two Bi-Bi-Se rows of fig. 
(e) showing spacing of Bi-Bi is 0.27 nm and of Bi-Se is 0.27 nm, (h) the corresponding intensity 
profile along the red dotted line. (i) Atomic model of two Bi-Bi-Se rows denoting Bi-Bi distance of 
0.27 nm and Bi-Se distance of 0.27 nm. 
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structure, atomic resolution analysis of a tilted edge of the annealed NS was carried out. The 

outer surface with Se layer of two Bi2O2Se NS merges and completes the tetragonal phase, as 

shown in Fig. 6.6c. Unlike van der Waals gap materials, in Bi2O2Se, 50% Se of one surface 

can merge with another surface and form one Se layer without having any gap within the 

layers.54 Due to its symmetrical crystal structure, it can merge along the a-c plane/a-b plane/b-

c plane, which enhances the possibility of quick self-merging. This resembles the merging of 

two railway tracks, as shown in Fig. 6.6d. Fig. 6.6e shows the merging of two monolayers as 

represented by the atomic model in Fig. 6.6f. Fig. 6.6g shows an expanded portion of the region 

highlighted in green in Fig. 6.6e. The experimentally observed atomic spacing of Bi-Bi for a 

free-standing NS is 0.27 nm, and that of Bi-Se is 0.27 nm (as shown in Fig. 6.6h), which 

matches well with the atomic structure of Bi2O2Se (as depicted in Fig. 6.6i). Therefore, we 

attribute the defect reduction in annealed Bi2O2Se to self-merging caused by the built-in 

electrostatic interaction. As the sample annealed at 400℃ shows better crystallinity, further 

experiments are carried out with the 400℃-annealed sample and compared with the unannealed 

samples. 

6.3.3. Photoresponse properties of unannealed and annealed Bi2O2Se NS 

We measured the photoconductivity of unannealed and annealed Bi2O2Se nanosheets 

to compare their optoelectronics properties. To fabricate a two-terminal device, we drop-casted 

the free-standing nanosheets over commercially procured interdigitated Au electrodes. Fig. 

6.7a shows the I-V characteristics of the unannealed NS under the dark and 808 nm laser 

illumination (50 mW/cm2) under ambient conditions. Interestingly, we observe negative 

photoconductivity (negative PC) effect, i.e., the current under illumination is lower than the 

dark current. The lower inset of Fig. 6.7a shows a photograph of the measurement set up for 

measuring the transfer characteristics.  

Negative PC has been observed earlier in inorganic/organic materials, and different 

origins of negative PC have been reported, such as the photogating effect40, 59, 60, bolometric 

effect61, and the interaction of adsorbates42, 62. The origin also depends on factors such as 

relative humidity, composition, and measuring environment (temperature, pressure). As we 

conducted our experiments under ambient conditions, oxygen adsorption is likely from the 

atmosphere. However, the STEM elemental distribution recorded under a high vacuum reveals 

that the oxygen concentration is higher in the unannealed NS than in the annealed NS. 

Therefore, oxygen adsorbates are introduced mainly during the chemical preparation of 
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Bi2O2Se nanosheets, instead of the ambient exposure. From the first-principle calculation, Li 

et al. found that interstitial O (Oin) is energetically favorable and forms SeO-2+q ion (where 

charge state, q varies from -2 to +2).52 We have observed O antisites at Se vacancies (OSe) in  

the STEM and XPS analyses of our sample. In addition, Li et al. suggested that Se vacancy 

dimers of the Bi2O2Se surface are active adsorption sites for oxygen molecules63, which 

integrate functional groups, as understood via XPS analysis ( described in the preceding 

section). This additional oxygen can decrease the photo-carrier density and mobility of 2D 

Bi2O2Se. Therefore, the channel resistance increases significantly. Consequently, we observe 

lower/higher channel current/resistance before annealing.  

Interestingly, after vacuum annealing, we do not observe any negative PC even under 

ambient conditions, which is primarily due to the reduction of defects. This is also partly due 

to the desorption of OSe/Oin/oxygen molecules from the outer surface atomic layers, and the 

assembly of such inter-layers is consistent with atomic stoichiometry observed from the 

elemental analysis. The upper inset of Fig. 6.7a shows the unannealed device on/off current 

under pulsed illumination, measured at 2V. At equilibrium, under dark condition, the dark 

current is 277 pA. When the light is on, the current decreases slowly and reaches a value of 

245 pA. The behavior of decreasing conductivity under illumination involves the trapping of 

extrinsic photoelectrons with a slower response time (of the order of seconds) and the 

dominance of traps in the material. Subsequently, when the light is ‘off’, the current reaches 

 

Fig. 6.7: (a) Dark and photo I-V characteristics of unannealed Bi2O2Se NS. The lower inset shows 
the photograph of microprobe system for I-V measurement. The upper inset shows the photocurrent 
under 808 nm excitation at 2V, showing current decreases when light is turned on implying negative 
photoconductivity. (b) Dark and photo I-V characteristics of annealed Bi2O2Se NS sample. The inset 
shows the positive photoconductivity under 808 nm excitation at 1 V.  
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273 pA, and, again, when the light ‘on’ the current reduces to 244 pA. The change of the dark 

current in consecutive cycles indicates the loss of intrinsic carriers trapped by defect-induced 

photo-gate in the highly defective unannealed Bi2O2Se NS-device. In addition, we found a 

photocurrent, Iph~ 3 pA (Idark-Ilight) without any external bias (0V), which reveals the self-

powered feature of the unannealed NS-based device (shown in Fig. 6.8a). We ascribed this 

self-bias behavior to defect-induced photo-gating effect.  

By contrast, the device made of annealed Bi2O2Se exhibits positive photoconductivity 

under identical measuring conditions (a 808 nm laser with 50 mW/cm2, room temperature), as 

shown in Fig. 6.7b. As revealed in our earlier analyses, the stoichiometry of bismuth 

oxiselenide changes after annealing, i.e., Se vacancies, Oin, OSe, and BiSe in a unannealed NS 

are partly removed during annealing through inter-layer/intra-layer self-assemble/merging due 

to the electrostatic interaction within the Se-terminated charged surface. In the pristine sample, 

the photogenerated electrons are trapped by O-rich acceptor surface states act as a photo-gate. 

However, in an annealed sample, Se-vacancies/Oin/OSe/BiSe were partly removed/passivated 

through inter/intra layer merging. Therefore, due to the reduced trapping of the carriers by the 

photo-gate, the photo-generated carriers escape recombination, which leads to positive 

photoconductivity. The inset of Fig. 6.7b shows the on/off cycles at 1V (low powered) in 

annealed Bi2O2Se. Under equilibrium, the dark current is 393 pA. When the light is turned on, 

the current increases promptly to 1644 pA. In contrast to unannealed Bi2O2Se, the conductivity 

rises upon illumination in annealed Bi2O2Se. And unlike unannealed Bi2O2Se-based device, 

 

Fig. 6.8: (a) Photocurrent as a function of time at 0V for unannealed Bi2O2Se NS shows the self-

powered feature. (b) Photocurrent as a function of time of annealed NS for two laser intensities 

showing the bolometric effect at a higher power. 
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the photocurrent (1251 pA) remains the same after the on/off cycle. However, at a high 

illumination intensity (50 mW/cm2), the photocurrent increases over time (Fig. 6.8b). This 

arises due to the localized heating effect known as a bolometric effect.24 Apparently, due to the 

laser light, the local temperature increases; therefore, the carrier density increases, and thus the 

photocurrent increases.  

The mechanism of zero-biasd negative PC and biased positive PC is explained further 

in the unannealed and annealed Bi2O2Se NS. Photo-generated carriers (free electrons/holes) 

are the origin of photoconductivity, which is usually positive. Defects in the unannealed NS 

give rise to electron donor/acceptor surface states. The photo-generated electrons are trapped 

by the holes present at acceptor defect states for recombination. These donor/acceptor states 

act as localized floating gates and modulate the channel current. This phenomenon is known 

as the photo-gating effect.40 Due to the presence of a floating gate, electrons can transfer from 

the conduction channel to the floating gate filled with holes. And due to more recombination 

than separation, the photocurrent decreases, which results in negative photoconductivity. A 

schematic of the mechanism of negative PC is illustrated in Fig. 6.9a. In the presence of defect-

induced trap levels (Et1, Et2), the photocarriers (e/h) are trapped largely by those trap levels and 

therefore cannot take part to produce a photocurrent (‘×’, which symbolizes the elimination of 

carriers in Fig. 6.9a), and thus we observe negative PC. By contrast, partial removal of the 

defect trap levels in annealed NS results in low trapping, which creates a higher carrier 

separation than recombination/trapping, which causes the positive PC in the annealed NS, as 

 

Fig. 6.9: Schematics of the mechanisms of (a) negative PC due to the high trapping of carriers in 
unannealed NS, and (b) positive PC in the presence of fewer traps in annealed NS.  
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shown in Fig. 6.9b. To further our understanding of the photo-gating effect in the unannealed 

Bi2O2Se device, we measured the negative PC over a prolonged period (53 min, which includes 

one light ON and one light OFF condition), as shown in Fig. 6.10. This reveals that the current 

under light illumination decreases monotonously and continues slowly, as monitored up to 

1250 s, and when the light is turned OFF the current increases continuously and slowly 

(monitored up to 1950 s). Such a phenomenon of very slow change in PC is known as persistent 

photoconductivity (PPC), which causes a semiconductor material to remain conducive for 

hours/days, even without light.64 Interestingly, in the present case, it is persistent negative 

photoconductivity (PNPC), which is primarily due to the presence of multiple point defects 

such as BiSe, VSe, Oin, and OSe in the NS. It has been reported that Bi-antisite (BiSe) defect 

(donor) levels occur 0.3 eV above the valence band maxima52 and Se vacancies acting as a 

donor level lie below the conduction band53, which can produce free electrons in the conduction 

band upon photon irradiation/thermal excitation.45 When the light is turned on, initially, the 

electrons jump to the conduction band from (i) the valance band and (ii) the VSe/BiSe defect 

donor level, which results in an initial spike in the photocurrent (shown in the inset of Fig. 

6.10). At the same time, the presence of acceptor level created by OSe and Oin (which stay in 

ionized form SeO-2+q or in the form of oxygen functional groups) suppress the increase in 

positive PC (shown in the inset of Fig. 6.10) and form DX-like (D: donor, X: acceptor lattice 

defect) centers.  

 

Fig. 6.10: Upper panel: the applied light pulse signal; lower panel: the output photocurrent signal, 
which represents the negative persistent photoconductivity effect. 
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The crystal defects responsible for the recombination and trapping of carriers, which 

reduce the free carrier density, are shown schematically in Fig. 6.11a. The defects, such as 

BiSe, and VSe, are the electron donors, whereas OSe is an electron acceptor. Upon 

photoexcitation, photogenerated carriers go through trapping as well as recombination, which 

is responsible for the reduction in free photocarrier density, and eventually, that reduces the 

photoconductivity below the dark current level, and this is dominant in the defect-rich Bi2O2Se 

NS.  

UPS measurements were carried out to construct the band diagram of unannealed and 

annealed NS for understanding the impact of defects on persistent negative PC. The work 

function and VB maximum values for unannealed NS are -5.18 eV and - 6.29 eV, respectively, 

which are extracted from the UPS spectrum (Fig. 6.11b). The bandgap the NS is found to be 

1.38 eV. The band gap is higher (1.38 eV) than the bulk (~ 0.8 eV) due to few-layer thickness. 

Thus, the conduction band minimum is - 4.91 eV. The measured work function (-5.18 eV) of 

 

Fig. 6.11: (a) Schematic illustration showing the various kinds of crystal defect that are responsible 
for recombination and the trapping of carriers in unannealed Bi2O2Se NS, which reduces the free 
carrier density. (b) Ultraviolet photoelectron spectrum of unannealed Bi2O2Se NS showing its 
valence band edge (left panel) and work function (right panel). (c) Comparison of band positions for 
bulk Bi2O2Se and unannealed Bi2O2Se NS. (d–f) Persistent negative PC mechanism band 
diagrams. (d) For the trapping of free electrons from the CBM and donor levels (VSe/BiSe) by trap 
the level (Et), resulting in a decreasing current with time before turning the light on. (e) 
Recombination and trapping of photo-excited electrons by the trap level (Et), and the acceptor (OSe) 
level when the light is turned on. (f) De-trapping of the electrons after the light is turned off. 
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the nanosheets reveals that the Fermi level is closer to the conduction band minimum (-4.91 

eV), which suggests that the nanosheets are intrinsically n-type in nature. The band diagrams 

of the unannealed nanosheets (Bi2O1.78Se0.59) are drawn schematically in Fig. 6.11b and 

compared with the Bi2O2Se bulk. In the NS with defects, the work function is higher than for 

the pure Bi2O2Se bulk, and the Fermi level moves away from the CB, suggesting that the NS 

becomes less n-type, which is attributed to defect-induced trapping.65 To explain the PNPC 

effect, we propose the band diagrams shown in Fig. 6.11(d-f) that illustrate the different 

processes taking place in the absence and presence of light. The band positions/alignments in 

Fig. 6.11d are drawn based on the preceding discussion. The BiSe defect level appears between 

the VBM and CBM (at 5.99 eV, considering that the value exists 0.3 eV above the VBM52), 

VSe and OSe appear between the VBM and CBM53. Before the light is turned on, the current 

decreases with time (inset of Fig. 6.10) due to the continuous trapping of electrons by the 

acceptor levels (such as, OSe and Oin). When the light is turned on, the photogeneration (G) of 

carriers takes place and the donor levels (such as BiSe, VSe) provide extra carriers, which 

initially increases the photocurrent instantaneously (inset of Fig 6.10). Besides the band-to-

band recombination (R), the photo-excited electrons from the BiSe/VSe donor level can 

recombine with the holes produced by OSe/SeO-2+q acceptor level, and thus, we see a fast decay 

of PC resulting in negative PC initially, and to become energetically stable, the acceptor levels 

trap the electrons (see Fig. 6.11e) further; hence we observe persistent negative 

photoconductivity. Next, again when the light is turned off, photo-excited electrons are not 

generated monotonously. However, due to the de-trapping of electrons/holes (see Fig. 6.11f), 

a persistent conductivity is observed during dark conditions after several minutes of light 

irradiation, and the current increases slowly (see Fig. 6.10). In addition, light-induced trap 

centers may contribute to the PNPC. To acquire any signature of light-induced trap centers, the 

absorption spectra are acquired for different (light) exposure times, as shown in Fig. 6.12. The 

systematic increase in effective absorption with increasing exposure time of light indicates the 

generation of light-induced trap centers and the absorption of photons, which are responsible 

for persistent negative photoconductivity. According to literature66, three different mechanisms 

of PPC are proposed; i) a macroscopic barrier (MB) that is usually found in heterostructures, 

ii) large lattice relaxation (LLR), and iii) random-local-potential fluctuations (RLPF). Both 

LLR and RLPF may play some roles in the present case. RLPF may be induced by 

compositional fluctuations and may result in PNPC in unannealed NS.67 However, we do not 

observe PPC in annealed NS, which indicates that the LLR model may dominate in the present 

case due to the likely formation of DX-centers in unannealed sample. In annealed samples, 
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such DX-like centers are absent due to defect annealing/passivation. Although we do not 

observe persistent photoconductivity in annealed Bi2O2Se, the presence of defects in Se poor, 

Bi-rich conditions introduces photo-gating effect, and slows down the photoresponse. 

To determine photo-response under different intensity of light, photocurrent has been 

measured and plotted as a function of light intensity. Usually, the power law is followed 

for the photocurrent (I), where P is the incident light intensity and θ measures the response 

capability of a photodetector. For an ideal photodetector, θ =1, as it corresponds to the linear 

nature. We found that unannealed Bi2O2Se NS exhibits θ value of 0.67 with negative PC under 

808 nm (Fig. 6.13a). The lower θ (0.67) is attributed to the photo-gating effect as it tends to 

reduce the θ. In annealed Bi2O2Se, the logarithmic Iph vs. intensity plot shows a sub-linear 

nature with θ values 0.54 and 0.94 under low and high intensity illumination of 808 nm, 

respectively, as shown in Fig. 6.13b. The lower θ (0.54) at the lower intensity (10-50 mW/cm2) 

is ascribed to the photo-gating effect, and the higher θ (0.94) at the higher intensity illumination 

(50-70 mW/cm2) is attributed to the bolometric effect (the change in resistance due to localized 

heating). Briefly, with high-intensity light, localized heating modulates the carrier 

concentration and increases the photocurrent with time/multiple on-off cycles, as shown in Fig. 

6.8b. Interestingly, the measured θ value under 405 nm illumination is 1.01 (inset of Fig. 

6.13a), suggesting a better photoresponse of unannealed Bi2O2Se NS than with 808 nm 

illumination. This indicates that photoelectron de-trapping is greater with 405 nm (3.06 eV) 

illumination due to its higher energy excitation compared with 808 nm (1.53 eV).   However, 

for the annealed NS, θ = 0.52 under 405 nm, which is less than that with 808 nm illumination 

I P

 

Fig. 6.12: Absorbance spectra of unannealed Bi2O2Se NS after different light exposure times. 
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(inset of Fig. 6.13b), indicating the partial removal of the defect acceptor levels. These defect 

levels act as photo-gate and regulate the device response time.  

 

To quantify the response time of an unannealed photodetector (Fig. 6.13c), a single 

exponential function fitting has been adopted to represent the initial decay, 𝐼(𝑡) =

𝐴1𝑒𝑥𝑝 (−
𝑡

𝜏1
), and 𝐼′(𝑡) = 𝐴2 (1 − 𝑒𝑥𝑝 (

𝑡

𝜏2
)) for the growth of the photocurrent, where τ1 and 

τ2 are the decay and growth time constants, and A1, and A2 are constants, respectively. We 

obtain the decay (recombination) time constant of 1.5 s (τ1) and the growth (recovery) time of 

3.2 s (τ2) under exposures at 808 nm. Note that due to the persistent current, only the initial 

portions of the current decay and growth are considered for the fitting. Similarly, the values 

are 1.4 sec (τ1) and 1.7 sec (τ2) under 405 nm pulsed laser.68 For 532 nm laser illumination, the 

 

Fig. 6.13: Logarithmic plot of photocurrent vs. illuminated intensity with 808 nm laser for (a) 
unannealed (b) annealed Bi2O2Se-based photodetectors. The solid line represents the linear fitting 
of the power law. (c) Photocurrent response time (decay and rise) of unannealed Bi2O2Se 
photodetector under 808 nm pulsed laser. The solid line depicts the dual exponential fitting. (d) 
Photocurrent response time (rise and decay) of annealed Bi2O2Se photodetector with faster photo 
response. 
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values are 1.6 sec (τ1) and 2.0 sec (τ2) in unannealed NS-based device.68 Interestingly, for the 

annealed NS-based device, the growth and decay times are, respectively, 327 ms and 316 ms 

for 808 nm (Fig. 6.13d), 350 ms and 318 ms for 405 nm, and 343 ms and 329 ms for 532 nm, 

as obtained from calculating the time requirement of the maximum photocurrent increasing 

from 10% to 90%.68 Hence, the response time is much faster in annealed sample with a positive 

PC than that with a negative PC of unannealed sample. We attribute the slower response to the 

photo-gating effect/trapping of free electrons by the defect state generated mainly by OSe/Oin 

causes less trapping of free electrons, leading to a faster response time with positive PC. 

Furthermore, annealed samples exhibit a much slower response time (327/316 mS) than the 

CVD synthesized Bi2O2Se (a few milliseconds to microseconds; Table 6.2), which is ascribed 

to the higher defects, multi-grain boundaries, channel width, etc. in chemically grown NS 

compared with the CVD-grown Bi2O2Se.  

Further, we studied the photoresponse properties of annealed Bi2O2Se to gain an insight 

into the photo-gating effect on it (annealed Bi2O2Se) and its impact on figures of merit of a 

photodetector (e.g., the photocurrent, responsivity, detectivity, and EQE). Fig. 6.14a shows the 

positive photocurrent at different bias voltages from -1V to -8V for the annealed NS device. 

Note that the current value is rescaled (multiplied with -1) and plotted in the positive y-axis. 

With increasing external bias, the current under light illumination (808 nm) increases with a 

monotonous increase in the dark current. Consistent with the I-V characteristics (Fig. 6.7b), 

the ‘dark current increase’/’higher carrier separation’ occurs due to the built-in electric field. 

Eventually, the current under light illumination increases while increasing the external bias 

voltage. In the I-V characteristics (Fig. 6.7b), at -8 V, the current under light illumination is 

103 nA, and the dark current is 17 nA: the photocurrent is 86 nA. Nevertheless, in Fig. 6.14a, 

the current under light is 84 nA, and the dark current is 17 nA, showing a photocurrent of 67 

nA with an on/off of 4.9 at -8 V. After replicated measurement, the photocurrent loss (103-84 

=19 nA) might be attributed to electron-hole recombination at surface states. Photocurrent 

increases exponentially (inset of fig. 6.14a) from 1.3 nA at -1 V to 67 nA at -8V while varying 

bias in Au-annealed Bi2O2Se-Au device under pulsed 808 nm laser with an intensity of 50 

mW/cm-2. Furthermore, we verified the photodetection of annealed Bi2O2Se under 405 nm, 

532 nm, and 808 nm laser at 3V external bias for measuring the photocurrent quantitively. At 

3 V external bias, under 405 nm illumination the photocurrent is 2 nA (Ion/Ioff = 1.3); under 532 

nm illumination, it is 8 nA (Ion/Ioff = 2.3), and under 808 nm, it is 34 nA (Ion/Ioff = 6.4). The 

higher on/off ratio with 808 nm than 532 nm and 405 nm wavelength may be attributed to the 

lower carrier trapping due to the lower energy excitation. In addition, wavelength-dependent 
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responsivity is extracted using the formula 𝑅 =
𝐼𝑝ℎ

𝑆𝑃
  (where 𝐼𝑝ℎ is the photocurrent, S is the 

exposed effective area under the light, P is the light intensity), as shown in Fig. 6.14c (left y-

axis). The higher responsivity of annealed Bi2O2Se photodetector exhibited over the visible-

to-near-IR region is ascribed to the inherent absorption and lower recombination in Bi2O2Se 

over the region (shown in Fig. 6.14c, right y-axis). In the wavelength region of ~750 to 850 

nm, the absorption spectrum and responsivity spectrum are in parallel, indicating that most of 

the generated photoelectrons rake part in generating the photocurrent. However, in the low 

wavelength regions (~380-700 nm), more trapping of the generated photoelectron (via photo-

absorption) at the defect (surface) states is consistent with the lower θ value observed at 405 

nm compared with 808 nm (refer to Fig. 6.14b). Principally, the change in photocurrent with 

laser intensity is lower under 405 nm laser illumination than at 808 nm. In the case of 405 nm, 

the transition of electrons from the valance band to the conduction band must occur for a high 

 

Fig. 6.14: (a) Pulsed photoconductivity of annealed Bi2O2Se under 808 nm excitation at different 
applied biases. Inset represents the photocurrent as a function of applied bias voltage. (b) On/off 
photocurrent of the annealed samples under 405 nm, 532 nm, and 808 nm excitations showing UV-
visible to NIR photoresponse. (c) Spectral responsivity (left y-axis) and absorbance spectrum (right 
y-axis) of annealed Bi2O2Se NS. The inset shows the responsivity (R) as a function of illumination 
intensity at 808 nm. (d) Detectivity as a function of wavelength. The inset shows the detectivity (D) 
as a function of illumination intensity at 808 nm. (e) EQE as a function of wavelength. The inset 
shows the EQE as a function of illumination intensity at 808 nm. (f) Photocurrent response with long 
duration exposure to 808 nm excitation at frequency of 2 Hz of the annealed device showing the 
high stability of the device.  
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energy gap (3.06 eV) and consequently more defect (surface) states than the low energy gap 

(1.53 eV) are caused at 808 nm. Hence, carrier trapping is favourable under 405 excitation, 

which has a higher energy. Accordingly, we observe lower responsivity at lower-wavelength 

(higher-energy) regions even though high absorption occurs. In the visible-to-near-IR region, 

the responsivity varies from 35 mA/W at 470 nm to 180 mA/W at 770 nm. The responsivity is 

higher at a lower illumination intensity (808 nm), as shown in the inset of Fig. 6.14c. 

Furthermore, detectivity (D) is evaluated using the following formula, 𝐷 =
𝑅𝜆

(2𝑞𝐽𝑑)
1
2⁄
 , where 𝑅𝜆 

and 𝐽𝑑 represent the photoresponsivity and the dark current density of the photodetector, 

respectively. The detectivity of the annealed NS is found to be ~108 jones, as shown in Fig. 

6.14d. The detectivity value is 0.4 × 108 Jones at 470 nm and reaches to 2.3 × 108   Jones at 

800 nm. The detectivity decreases slightly with the increase in illuminating light intensity, as 

shown in the inset of Fig 6.14d. This may be attributed to the higher recombination rate and 

the reduction of lifetime of photogenerated carriers under strong light exposure.69 The external 

quantum efficiency (EQE) value evaluates the conversion efficiency of incident photons into 

participating electrons involved in photocurrent. The EQE is calculated using, 𝐸𝑄𝐸 =
ℎ𝑐𝑅𝜆

𝑒𝜆
  

where 𝑅𝜆 is the photoresponsivity at wavelength 𝜆, and h, c and e are the Planck constant, the 

light velocity, and the electron charge, respectively.  The wavelength-dependent EQE is shown 

in Fig.  6.14e. EQE reaches a maximum value of 29 % at 770 nm. The dependence of the EQE 

on the incident light intensity is shown in the inset of Fig. 6.14e. Furthermore, the device's 

on/off ratio is consistent for a long duration of light exposure, as shown in Fig. 6.14f. The 

constant photocurrent with constant dark and light currents over multiple cycles proves the 

good stability of the annealed NS device. Although Bi2O2Se NS has been utilized for high-

performance photodetection earlier13, 70 due to their inherent defect-rich electronic properties, 

the optoelectronics properties are sensitive to the defects. Apart from photodetector application, 

these defect-rich nanosheets can be potential candidate for several sensing applications, e.g., 

gas sensing, biosensing, non-volatile memories, and others.  
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Table 6.2: Comparison of photoconductivity types with device parameters (detection 

wavelength, response time) found in differently synthesized Bi2O2Se. τ1 and τ2 are the rise and 

fall-time constants of the photocurrent in the device. 

 

Materials Synthesis 

process 

Photoconductivity 

type 

Illuminated 

wavelength 

(nm) 

Response time 

Rise/fall  

τ1/τ2 

Ref 

Unannealed 

Bi2O2Se 

Colloidal NPC 405 nm 

532 nm 

808 nm 

1.4 s/1.7 s 

1.6 s/2.0 s 

1.5 s/3.2 s 

This work 

Annealed 

Bi2O2Se 

Colloidal PPC 405 nm 

532 nm 

808 nm 

350/318 mS 

343/329 mS 

327/316 mS 

This work 

Bi2O2Se CVD PPC 808 nm 3.2/4.6 mS 13 

Bi2O2Se CVD PPC 405 nm 62/601 S 71 

Bi2O2Se 

nanoribbons 

CVD PPC 650 nm 2.1/3.2 S 70 

Bi2O2Se 

nanowires 

CVD PPC 808 nm 4.31/4.74 mS 72 

 

6.4. Conclusions 

We have demonstrated an inherent photo-gating effect in defect-containing Bi2O2Se 

NS synthesized via a facile chemical reaction process. Raman, XPS, XRD, and TEM analyses 

reveal that the unannealed Bi2O2Se NS contains multiple defects (VSe/Oin/BiSe/OSe), which are 

partially removed upon vacuum annealing to improve the crystallinity via inter-layer merging 

due to the ubiquitous non-van der Waals characteristics of the NS. Those defects serve as 

photo-gate. The origin of persistent negative photoconductivity is attributed to the formation 

of donor-acceptor trap centers created by intrinsic defects in unannealed Bi2O2Se NS, and the 

LLR model of PPC is affirmed to dominates over the RLPFs model in the present case. The 

conversion of negative to positive photoconductivity is ascribed to defect passivation/partial 

desorption of oxygen in annealed Bi2O2Se. The observation of negative photoconductivity 

without any external bias in pristine Bi2O2Se, indicates potential self-bias photodetection 

nature, which may also be beneficial for sensing, e.g., gas sensing and biosensing. The annealed 

Bi2O2Se NS exhibits a faster response time with positive photoconductivity. The photo 

responsivity observed (in the vis-NIR region) shows the photo-gating effect created by defects, 
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which play a key role in modulating the wavelength-dependent photoconductivity. 

Photodetectors prepared with annealed samples showed a peak responsivity of 0.4 A/W at 808 

nm, which is significant. Thus, we demonstrated the interesting, defect-controlled features of 

chemically synthesized Bi2O2Se nanosheets, which can be exploited in future optoelectronics. 

We believe these findings shed light on the fundamentals of optoelectronics properties of novel 

Bi2O2Se and will help in the tuning of those properties for ensuing applications such as in 

optoelectronic synapses, optical memory, holography, and artificial intelligence. 
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Chapter 7 

Summary and Outlook 

This chapter summarizes the whole thesis highlighting the key findings on newly emerged 

nvdW 2D Bi2O2Se and their future scopes for further fundamental studies and multifunctional 

applications.  

7.1. Summary and Highlights of Thesis  

We have systematically investigated the CVD and chemical growth of 2D nvdW Bi2O2Se and 

its structural, optical, electrical, and thermal properties, including photodetector applications. 

CVD-growth of ultrathin Bi2O2Se has been optimized for controlled growth, and ultrathin 

layers are exploited for finding in-plane thermal conductivity through an optical technique 

(Chapter 2). Optical properties are thoroughly studied on CVD-grown Bi2O2Se on arbitrary 

growth substrates, and interestingly we observe room temperature exciton formation 

established through the spectroscopic studies and theoretical calculations (Chapter 3). Hybrid 

integration of 2D Bi2O2Se with CsPbBr3 NC has been exploited for understanding interfacial 

charge transfer and its application in superior photodetection (Chapter 4). Layer by Layer 

stacking of vdW MoS2 (monolayer) and nvdW Bi2O2Se has been constructed to investigate 

photo-induced charge transfer at the atomically sharp 2D interface (Chapter 5). Finally, free-

standing ultrathin nanosheets of Bi2O2Se are chemically synthesized for photoconductivity 

study that discovers unexplored physical phenomenon (negative PPC) in highly defective 

Bi2O2Se (Chapter 6).   

The significant contributions of the thesis are listed below. 

A. Temperature-dependent Raman studies and Thermal conductivity of direct CVD 

grown non-van der Waals layered Bi2O2Se 

We demonstrated the controlled CVD growth of 2D ultrathin Bi2O2Se with high structural and 

chemical uniformity despite its challenging growth on the mica substrate due to the weak 

electrostatic interaction among the layers. The growth temperature is tuned to obtain ultra-

smooth single crystals of few-layer Bi2O2Se. Temperature-dependent (78 - 293 K) Raman 

studies reveal that the A1g phonon mode of Bi2O2Se varies linearly with the temperature with 

a first-order temperature coefficient (α) of -0.017 87 ± 0.0011 cm-1K-1. The in-plane thermal 

conductivity is estimated to be ∼1.6 W/mK, which is significantly low compared to graphene 
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(~4840 W/mK) and other 2D materials. It demonstrates the potential of 2D Bi2O2Se as a 

suitable thermoelectric material. The results of this chapter elucidate the CVD growth of 

ultrathin Bi2O2Se on mica substrate and develop insights into electron-phonon and phonon-

phonon interactions in nvdW 2D materials. This work has been published in “J. Appl. Phys. 

129, 175102 (2021)”. 

B. Room Temperature Exciton Formation and Robust Optical Properties of CVD-

Grown Ultrathin Bi2O2Se Crystals on Arbitrary Substrates  

We demonstrate the CVD growth of ultrathin Bi2O2Se on various substrates (mica, sapphire, 

SiO2, quartz, glass) and its impact on structural and optoelectronic properties, including 

morphology, lattice strain, optical bandgap, and photo-carrier dynamics. Through careful 

analysis, we discover the formation of multiple excitons, even at room temperature, resulting 

in broadband absorption and PL in the visible to near-infrared (NIR) region in nvdW Bi2O2Se. 

These results are significant for developing nvdW Bi2O2Se for ensuing applications. This work 

has been published in “Nanoscale 15, 11222-11236 (2023)”. 

C. Interfacial Charge Transfer in the CVD-grown Bi2O2Se/CsPbBr3 Nanocrystal 

Heterostructure and its Exploitation in Superior Photodetection 

We investigated interfacial charge transfer dynamics in the Bi2O2Se/CsPbBr3 hybrid structure. 

Here, we integrated CsPbBr3 nanocrystals (a high light-harvesting perovskite) on top of a few-

layer Bi2O2Se nanosheet (a superior electron mobility material) for efficient charge separation 

and broadband photodetection. The band alignment reveals a type-I heterojunction, and the 

device under illumination and reverse bias display a fast response time of 12 μs/24 μs (rise 

time/fall time) and an improved responsivity in the 390 to 840 nm range due to the effective 

interfacial charge transfer and efficient interlayer coupling at the Bi2O2Se/CsPbBr3 interface. 

A photodetector with a better light on/off ratio and a peak responsivity of ∼103 AW-1 was 

achieved in the Bi2O2Se/CsPbBr3 hybrid photodetector due to the synergistic effects in the 

hybrid structure under ambient conditions. The DFT analysis of the density of states and charge 

density plots in the hybrid structure revealed a net transfer of electrons from perovskite 

nanocrystals to Bi2O2Se layers and additional density of states in Bi2O2Se. These results are 

significant for developing nvdW hybrid structure-based high-performance, low-powered 

photodetectors. This work has been published in “Nanoscale 13, 14945 – 14959 (2021)”. 
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D. Interlayer Charge-Transfer-Induced Photoluminescence Quenching and Enhanced 

Photoconduction in Two-Dimensional Bi2O2Se/MoS2 Type-II Heterojunction 

We demonstrate layer-by-layer stacking of a vdW 2D MoS2 (monolayer) on a nvdW Bi2O2Se 

layer and study the interlayer electron-phonon coupling and charge transfer across the hetero-

layer interface. The unique combination of nvdW 2D Bi2O2Se and vdW MoS2 hetero-layer 

interface offers significant photogenerated charge transfer due to the favorable type-II band 

alignment via forming a p-n junction. Low-temperature PL studies reveal that the robust 

interlayer coupling between the hetero-layers enhances the charge transfer process. Our study 

reveals that upon photoexcitation, the trion-phonon coupling is stronger than the exciton-

phonon coupling in the heterogeneous system. These results are significant for understanding 

the interaction between vdW and nvdW 2D heterostructures and further exploration of such 

vdW/nvdW 2D heterostructures in future optoelectronic applications. This work has been 

published in “ACS Appl. Nano Mater. (2023) DOI: 10.1021/acsanm.3c00759”. 

E. Defect-Induced Photogating Effect and its Modulation in Ultrathin Free-standing 

Bi2O2Se Nanosheets with Visible to Near-Infrared Photoresponse 

We studied the structural/optoelectronic properties of ultrathin Bi2O2Se nanocrystals 

synthesized via a chemical reaction process (colloidal synthesis). It provides the scalable and 

rapid synthesis of free-standing Bi2O2Se nanosheets with controllable defects. Vacuum 

annealing is a simple but effective way to control intrinsic defects of Bi2O2Se. Interestingly, 

we found an unusual physical phenomenon: self-powered negative persistent 

photoconductivity (negative PPC) in highly defective Bi2O2Se and positive photoconductivity 

(positive PC) in annealed/less defective Bi2O2Se. The origin of conversion from negative PPC 

to positive PC is the defect-induced photo-gating effect in ultrathin Bi2O2Se nanosheets. The 

observation of negative PPC in Bi2O2Se is novel. The intrinsic defect-induced photo-gating 

effect plays a significant role in tuning the electronic properties of chemically synthesized 

Bi2O2Se. Besides being a superior optoelectronic material, the inherent defects and further 

structural tuning via vacuum annealing in Bi2O2Se can profoundly affect its transport 

properties, which are fundamental to electronic devices. These findings shed light on the next-

generation novel Bi2O2Se-based electronics devices. This work has been published in “J. 

Mater. Chem. C, 11, 6670-6684 (2023)”. 
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7.2. Future scopes 

In the present thesis, we have demonstrated the controlled growth of ultrathin Bi2O2Se and 

integrated them with perovskite nanocrystals, monolayer MoS2 for optoelectronic properties, 

and broadband photodetection. However, the development of 2D Bi2O2Se is at a preliminary 

stage compared to graphene and other 2D materials; many more opportunities exist to explore 

2D Bi2O2Se. A few of the scopes are listed below, 

1. Ultrathin Bi2O2Se exhibits ultralow lattice thermal conductivity, enabling the scope for 

studying the thermoelectric properties of 2D-Bi2O2Se. 

2. 2D Bi2O2Se could be used for high-performance photovoltaic devices due to low 

exciton binding energy with multiple exciton generations, as established in Chapter 3. 

3. Heterostructuring with other 0D/1D/2D materials like perovskites, GO, TMD, Black 

phosphorus, h-BN, and Mxene could tune their photoelectrical properties to enable 

high-performance Bi2O2Se-based devices. 

4. The defect-rich Bi2O2Se nanosheets could be utilized for applications like gas sensing, 

biosensing, non-volatile memories, etc.  Defects (e.g., Se vacancies) in Bi2O2Se 

nanosheets enable the adsorption of foreign molecules, rendering the scope for gas 

sensing or biosensing. In addition, functionalizing them with carbon dots and metal 

nanoparticles may be advantageous for highly selective sensors. The defect-rich 

Bi2O2Se exhibits negative persistent photoconductivity and ferroelectric properties, 

which suggest its applicability in memory devices. 

5. Since 2D Bi2O2Se possesses electronic properties comparable to matured silicon, the 

2D Bi2O2Se could be an alternative for next-generation optoelectronics, energy storage, 

and other applications.   
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