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ABSTRACT 

High entropy alloys (HEAs) are a novel class of alloys that contain multiple principal 

elements. HEAs possess high mixing entropy that inhibits the formation of multiple phases in 

them by reducing their Gibbs free energy, especially at high temperature. Refractory high 

entropy alloys (RHEAs) generally have BCC structure and possess very high mechanical 

strength at elevated temperatures. Fabrication of RHEAs is difficult due to the high melting 

point of individual elements. Transition metal HEAs contain transition elements. These 

HEAs often contain Al that tailors the fraction of BCC or FCC phases. Transition metal 

HEAs containing Cu are difficult to crystallize due to their low solid solubility that causes 

segregation of Cu-rich phases. Guo et al. proposed the basic criteria to design the equiatomic 

HEAs in order to achieve high solid solubility by considering three design parameters such as 

enthalpy of mixing (∆𝐻𝑚𝑖𝑥), entropy of mixing (∆𝑆𝑚𝑖𝑥) and radius ratio (𝛿). In this research 

work, two RHEAs such as WMoVCrTa and W23Mo23V17Cr8Ta7Fe22, and one Al and Cu 

contained transition metal HEA such as (Al)10(FeCoNiCu)90 were designed based on alloy 

design criteria of Guo et al. and Takeuchi et al., and fabricated subsequently. To minimize the 

difficulties in processing the alloys, mechanical alloying by ball milling was done prior to the 

consolidation. Milling characteristics of the alloys were established. The milled WMoVCrTa 

powder revealed two BCC phases such as BCC1 and BCC2 having the lattice parameters of 

3.16 Å and 2.88 Å respectively. The milled W23Mo23V17Cr8Ta7Fe22 powder revealed a single 

BCC phase having the lattice parameter of 3.143 Å. The milled (Al)10(FeCoNiCu)90 powder 

revealed two FCC phases such as FCC1 and FCC2 having the lattice parameters of 3.60 Å 

and 5.21 Å respectively. The as-milled WMoVCrTa and W23Mo23V17Cr8Ta7Fe22 powders 

were cold compacted followed by vacuum arc melted and heat treated, whereas the milled 

(Al)10(FeCoNiCu)90 powder was cold compacted and sintered to fabricate the alloy ingots. 

The structure, mechanical and tribological properties of the alloys were determined. The two 
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RHEAs show very high mechanical strength at room and elevated temperatures. WMoVCrTa 

and W23Mo23V17Cr8Ta7Fe22 respectively exhibited yield strength retention of 79% and 90% 

of the room temperature value, at 1000 °C. They also have reasonable ductility both at room 

and high temperature, and very high hardness. The Al10(FeCoNiCu)90 exhibits high 

mechanical strength and ductility. The two RHEAs have higher wear resistance than that of 

high-speed steel (HSS). The valuable mechanical and tribological properties possessed by 

these alloys indicate that they are viable materials for high temperature applications viz., 

turbine blade coating, refractory lining, nuclear reactor walls, coating on cutting tools, etc.    
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Chapter 1 

Introduction 

High entropy alloys (HEAs) are a new class of alloys containing multiple principal elements 

and exhibiting very high strength with reasonable ductility [1-3]. The special characteristics of 

these alloys are that their microstructure and mechanical properties are stable from room 

temperature to very high application temperatures. Till the beginning of the 21st century, alloy 

developments by researchers were based on the concept of having a major metallic element into 

the lattice of which small amount of other metals were added in order to achieve some specific 

properties. Some of these alloy developments were the alloys of Fe, Al, Mg, Cu, etc. and the 

later being the Ni super alloys. The major technological advancements were achieved during the 

last century in the development of Ni-based super alloys for high temperature gas turbine 

materials especially for aerospace applications. Ni-based super alloys have been developed for 

applications up to 1130 C [4], which is above 78% of the melting point of Ni and a far higher 

homologous temperature than any other structural material. Currently the development of Ni-

based super alloys has almost reached saturation. Hence researchers are focusing their attention 

in development of new alloys that demand still higher working temperature for future 

applications. 

 In the pursuit of developing novel materials with enhanced properties to further increase the 

efficiency of the engines working at high temperatures, novel alloy design strategy has evolved 

since 2004. This led to the development of HEAs which was centered on mixing of at least 5 

principal metals with atomic percentages from 5 to 35 [1, 2]. The proposed philosophy was 

based on the thermodynamics of solutions where the alloy should have the mixing entropy 

(ΔSmix) of ≥ 1.61R, where R is the universal gas constant. This was based on the hypothesis that 

the ΔSmix ≥ 1.61R can reduce the Gibbs free energy and eases the yield of solid solution phases 
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by suppressing the formation of a number of intermetallic compounds in the HEAs. This led to 

evolve of different definitions and terminologies for these HEAs on later periods and at the same 

time evolution of different design criteria.  

New alloys that have been developed based on the proposed HEA design criteria are 

capable for use in a wide range of applications due to their combination of stable microstructure 

and properties over a wide range of temperature, viz, high hardness, high strength at room and 

elevated temperature, unique electrical and magnetic properties, high wear resistance, high 

oxidation and corrosion resistance etc. [5]. The rationales behind achieving these outstanding 

properties have been assumed to be due to four core effects viz, severe lattice distortion, sluggish 

diffusion, high entropy, and cocktail effects [12]. In spite of these assumptions, extensive 

investigation is highly required to have a fundamental understanding of the alloy formation, 

viable processing techniques, micro-structure that can be formed and processing-structure-

property correlation in HEAs.  

Over the past decade the characterization, design, and optimization of the high entropy 

alloys were mostly focused on achieving a Face-Center Cubic (FCC) structure in the alloy 

containing transition metal elements such as: Fe, Ni, Co, Cr, Mn, Zn, Ti, Cu, Sn, Zn etc) [11, 13-

18, 24, 25]. Some of these HEAs were processed by addition of aluminum with atomic 

percentage ≤ 10, to obtain stable FCC structure [5]. The investigations carried out in the FCC 

HEAs revealed good phase stability, superior mechanical properties, stable microstructure and 

very good corrosion resistance at high temperatures below 800°C. The excellent high 

temperature properties by the FCC alloys are generally associated with high stacking fault 

energy. However, the transition metal HEAs that contain Copper as one of the constituents are 

difficult to crystallize in only FCC phases due to the segregation of Cu-rich phases [3, 5, 19-21, 

126]. Though the Copper causes segregation, it facilitates nano-twin that enhances the work 

hardening of HEAs [34]. Proper processing methods to fabricate Cu-contained HEAs are 
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required to be identified to minimize the segregation effect. The method of ‘mechanical 

alloying’ by ball milling of powder mixtures has been found to be effective for eliminating the 

segregation in one of the Cu-contained HEAs [22]. This shows the feasible direction in 

processing the Cu-contained HEAs in order to crystallize them in only FCC phase.  

 Recently few refractory HEAs (RHEAs) containing high melting point elements such as W, 

Mo, V, Cr, Nb, Ta, Hf and Ti  have been developed to obtain enhanced mechanical properties 

and stable alloy structure for very high temperature applications [7-10, 26]. These RHEAs were 

found to have BCC crystal structure and some of them exhibited very high mechanical strength 

at temperature above 1000°C [7-10, 26]. Senkov et al. reported that the two alloys of NbMoTaW 

and VNbMoTaW, processed by arc melting technique show excellent compressive yield 

strengths up to 1600°C [9]. Guo et al. reported equiatomic MoNbHfZrTi RHEA possessing 

excellent compressive yield strength up to 1100°C [10]. Juan et al. processed two alloys of 

HfMoTaTiZr and HfMoNbTaTiZr exhibiting high compressive strength up to 1200°C [26]. 

Chen et al. reported the results on NbMoCrTiAl alloy that indicated high compressive strength 

up to 1000°C [27]. Though the RHEAs exhibit excellent strength, their ductility has been found 

to be poor [9-10, 18, 27-29].    

Despite the fact that RHEAs possess very good mechanical properties for high temperature 

applications, the processing of these alloys still remains a challenge. Major difficulties 

encountered while processing them by liquid melting techniques are: (a) conventional crucible 

materials are incapable to hold the molten RHEA due to its extremely high melting temperature; 

(b) large variation in the melting temperature of the constituent elements of RHEA, hence some 

of the elements start vaporizing at the melting temperature of high melting point elements (eg. 

Boiling point of Cr is 2672 °C where as the melting point of W is 3422 °C) resulting in porous 

alloy and at the same time obtaining inconsistent composition and non-homogeneity in structure 

like coring and segregation, (c) the large difference between the densities of the constituents in 
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RHEAs resulting in inherent defects [30]. It appears that RHEAs can be processed by PM 

technique that has the following advantages over the solidification [8, 30]. (i) The intrinsic 

enthalpy of reaction during processing is the thermally efficient driving force for densification 

thereby overcoming the requirement of very high furnace temperatures, (ii) The material can be 

processed at low (sintering) temperatures where volatilization of the low melting point elements 

is prevented resulting in  a  non-porous and chemically homogeneous material, (iv) The 

technique has the unique advantage of successfully processing several alloys and compounds 

which cannot be prepared by conventional melt techniques, especially in systems containing 

elements with remarkably different melting points. (v) The material processed by P/M technique 

is free of coring and segregation that are observed in the products produced by melting 

technique, (vi) Grain size distribution is narrow in materials prepared by P/M route, (vii) Near 

net shaped components can be obtained ensuring minimum material wastage and circumventing 

the need of machining process.  

  The Vacuum arc melting process is a viable method to produce the RHEAs due to the 

extremely high arc temperature (~3000 °C). However, the melting point of some refractory 

elements such as W and Ta (i.e. 3017 °C for Ta and 3422 °C for W) are such higher than the 

expected arc temperature that a proper melting of these elements to obtain a homogeneous alloy 

will be difficult. In such cases, the melting point can be reduced if the raw material for the 

melting is in the form of a homogenous alloy powder which can be achieved by mechanical 

alloying (i.e. by ball milling). Ball milling is a complex process where the deformation between 

different powder particles occur due to the impact between balls, hence atoms of different 

elements are forced into non equilibrium positions. Hence through ball milling, the mixture of 

metal powders transforms to alloy powder by cold welding / fracturing resulting in 

homogeneous solid solution alloy at the atomic level. This lowers the melting temperature of the 

alloy thereby facilitating processing the alloy by arc melting. For example, melting temperature 
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of the ball milled alloy powder of WMoVCrTa and W23Mo23V17Cr8Ta7Fe22 are estimated to be 

2849° C and 2880° C respectively [132]; whereas that of W is 3422 °C and Ta is 3017 °C. 

Hence the combination of ball milling and subsequent arc melting appears to be a viable method 

for processing the RHEAs.  

The broad objectives of the present study are to design and fabricate three alloys (two 

RHEAs having BCC structure and one transition metal HEA having FCC structure) for high 

temperature applications; study the extent of mechanical alloying; characterize the 

microstructure of the alloys and investigate their mechanical properties.  

The thesis contains five chapters. Chapter 1 briefly introduces the research area and explains 

the main significance of the thesis work. A detailed literature survey related to the present topic 

is summarized in Chapter 2. The research gaps and objectives of the thesis work are also 

discussed at the end of this chapter. Chapter 3 is the ‘Experimental Procedure’ that describes the 

detailed procedures followed for the fabrication and characterization of  the alloys which 

includes ball milling of powder mixture, extend of alloying, characterization techniques like 

particle size analysis, XRD, SEM, TEM, UTM, Micro-hardness testing, etc. In Chapter 4, the 

results obtained have been presented and discussed in detail.  The main conclusions arrived at 

from the present work and the future scopes of investigation have been highlighted in Chapter 5. 

This is followed by references.   
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Chapter 2 

Literature Survey 

2.1 Introduction 

The concept of HEAs was first proposed by both Yeh and Cantor in 2004; however the 

progress in this topic was slowed down till 2010. But thereafter the advancement of HEAs took a 

leap that more than 10000 research articles have been published globally on this field till now. In 

the last two decades the reports were mainly based on the HEAs containing 3d transition metals 

(from atomic number of 21 to 29 in periodic table) that exhibited superior properties than 

superalloys. The structure-property correlation was also established to some extent for these 

HEAs. The design principles for choosing those HEA combinations was also established but not 

fully justified due to some mismatch with the experimental results. Hence the HEAs processed 

by a suitable alloy design principle were less followed. Beyond 3d transition metals, a few 

reports were obtained for the HEAs consisting of refractory metals (W, Mo, V, Cr, Ta, Hf, Zr, 

Nb, Ti, Re, Ru, Os, Rh) that exhibited very promising and superior properties than the 

conventional super alloys. To rationalize these promising properties, some most allied 

thermodynamic and other basic concepts were established for both 3d transition metal and 

refractory HEAs. In this chapter, these concepts were briefly discussed and successively the 

fundamental design principles for HEAs were explicated. The structure, notable properties and 

their rationalizations for some most important 3d transition metal HEAs and refractory HEAs 

were subsequently highlighted.   

2.2 Thermodynamic concept 

HEAs are multi element alloys. The basic principle behind HEAs is the high mixing entropy 

which tends to stabilize the solid solution phases in the alloy rather than forming a number of 

inter-metallic phases, especially at high temperatures. Inter-metallics are usually ordered phases 
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with lower configurational entropy whereas the HEAs have disordered phases. The reason 

behind possessing high entropy in HEAs evolves from the application of statistical 

thermodynamics for determining the stability of the alloys. The statistical entropy of any solid 

material can be obtained considering the degeneracy in the energy states of a typical crystalline 

solid which mainly has three primary sources such as (a) electronic entropy, (b) Vibrational 

entropy and (c) configurational entropy which are explained below. 

A.  Electronic entropy (Se): The valence electrons in the solid can be distributed in many 

different ways over the quantum states available to them, which produce the electronic 

entropy, Se. The electronic entropy is much higher in a metal than in a semiconductor or 

insulator. There are many empty electron states that have energies comparable to those that 

are occupied by the valence electrons, and hence there are many distinguishable ways in 

which the electrons can be distributed without changing the energy or violating the Pauli 

Exclusion Principle. The electronic entropy of a semiconductor or insulator is much smaller 

since almost all of the valence electrons are confined to particular atomic or bonding states 

that are very nearly full. 

 

B. Vibrational entropy (Sv): Crystalline solids have vibrational entropy. It occurs due to the 

thermal oscillation of the atoms about their equilibrium positions in the crystal lattice. The 

motions of the individual atoms are correlated in quantized vibrational states called phonon 

and hence the degeneracy remains finite. The small displacements associated with the lattice 

vibrations significantly increase the degeneracy of the crystalline phase. The vibrational 

entropy decreases with the strength and directionality of the crystal bonds, thereby inhibits 

atom displacements. Further, the Sv increases with the openness of the crystal structure. 

Hence very stable, high-melting temperature solids tend to have relatively low vibrational 

entropies. Metals with the more open structure like BCC structure tend to have higher 
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vibrational entropies compared to the same metals in the close-packed structures like FCC or 

HCP crystals. 

C. Configurational entropy (Sc): In multi-component solids, various chemical species can be 

distributed over different atom sites in its structure in many different ways. Hence they have 

configurational entropy. The number of distinct configurations can be calculated by assuming 

a system with N total sites. Out of the N atom sites there are NA atoms of type A and NB 

atoms of type B. Hence N = NA + NB. The different ways of distributing N atoms over N sites 

are N!.  However, distributions that differ only through the interchange of A atoms with one 

another or B atoms with one another are physically indistinguishable.  Since there are NA! 

ways of redistributing the A atoms over the sites occupied by A atoms in a given 

configuration, and NB! ways of redistributing the B atoms, the total number of distinguishable 

configurations is 

!

! !A B

N

N N
 =                                                                              (1) 

Ω is the randomness of the system. If the energy of the crystal is independent of the way in 

which the atoms are distributed then its configurational entropy is 

( )ln [ln( !) ln( !) ln( !)]c A BS k k N N N=  = − −                                               (2) 

Where k is the Boltzman’s constant. 

By the sterling approximation,  

ln( !) ln( )N N N N= −                                                                     (3) 

Hence the configurational entropy can be written as  

[ ln( ) ln( ) ln( )]

[ ln( ) (1 ) ln(1 )]

c A A B BS k N N N N N N

kN x x x x

= − −

= − + − −
                                                   (4) 

where x is the atom fraction of A.   
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Unlike the crystalline solids, in the glass or amorphous solids the atom positions are distributed 

in a less regular way and are not confined to any crystal lattice and hence has additional entropy. 

Hence the entropy of the solids with amorphous configuration of atoms or molecules is always 

greater than that of the same metal with crystalline structure. Although total mixing entropy has 

four contributions such as configurational, vibrational, magnetic dipole, and electronic 

randomness, the configurational entropy is dominant over other three contributions. 

From equation (4) the mixing entropy change per mole for the formation of a solid solution from 

N elements with 𝑥𝑖 mole fraction is   

∆S𝑚𝑖𝑥 =  −R ∑ xi ln xi

N

i=1

 

(5) 

Where R is the universal gas constant (8.314 J/K mol)  

From the above equation, ∆𝑆𝑚𝑖𝑥  for equiatomic alloy system is R ln (N). For five element 

∆𝑆𝑚𝑖𝑥 is R ln (5) = 1.61R. For a non-equiatomic HEA, the mixing entropy would be lower than 

that for an equiatomic alloy. Table 2.1 shows the mixing entropy values of equiatomic alloys 

with constituent elements up to 13. Hence the entropy increases as the number of element 

increases.   

Table 2. 1 The mixing entropy values for alloys with different number of equi-atomic 

elements.    

N 1    2 3 4 5 9 7 8 9 10 11 12 13 

∆𝑆𝑚𝑖𝑥  0 0.69R 1.1R 1.39R 1.61R 1.79R 1.95R 2.08R 2.2R 2.3R 2.4R 2.49R 2.57R 

 

From Richards’ rule,   

ΔHf / T = ΔSf ≈ R (6) 

where, ΔHf is the enthalpy change or latent heat per mole, T is the melting point of the 

alloy. The entropy change per mole, ΔSf, during solid to liquid is about 1R, and ΔHf can be 
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estimated as RT. In a random solid solution, the mixing entropy of R per mole (i.e ∆𝑆𝑚𝑖𝑥 = 1𝑅) 

is large enough to lower its Gibb’s free energy of mixing ∆𝐺𝑚𝑖𝑥 by the amount of RT, since 

∆𝐺𝑚𝑖𝑥 = ∆𝐻𝑚𝑖𝑥 − 𝑇∆𝑆𝑚𝑖𝑥. The free energy lowering causes the solid solution phases to have a 

higher stability compared to inter-metallic compounds which usually have much lower ∆𝑆𝑚𝑖𝑥  

due to their ordered nature. This indicates that the tendency to form the mixing state of elements 

is higher in HEAs due to increased mixing entropy, especially at high temperatures. In addition, 

mixing entropy smaller than 1R is expected to have less power to compete with the strong 

bonding energies. It is evident from the Table 2.2 (see below) that the traditional alloys have 

entropy smaller than 1R whereas some concentrated alloys of Ni-base, Co-base super alloys, and 

BMGs have entropy between 1.13 and 1.37R. That means none of the traditional alloys have 

mixing entropy ≥ 1.61R (mixing entropy for quinary equiatomic HEAs). Hence the stability of 

these traditional alloys at high temperature is less than that of equiatomic quinary HEAs.  

Table 2. 2. Configurational entropies calculated for typical traditional alloys at their liquid 

state or random state. 

Systems Alloys ∆Sconf  at liquid state 

Low alloy steel 4340 0.22R          (low) 

Stainless steel 
304 0.96R          (low) 

316 1.15R        (medium)   

High speed steel M2 0.73R          (low) 

Mg alloy AZ91D 0.35R          (low) 

Al alloy 2024 0.29R          (low) 

7075 0.43R          (low) 

Cu alloy 7-3 Brass 0.61R          (low) 

Ni base super-alloy Inconel 718 1.31R         (medium)   

Hastelloy X 1.37R         (medium)   

Co base super-alloy Stellite 6 1.13R         (medium)   

 

BMG 

Cu47Zr11Ti34Ni8 1.17R         (medium)   

Zr53Ti5Cu16Ni10Al16 1.30R         (medium)   
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2.3 Core Effect concepts of HEAs  

The concepts for remarkable properties in HEAs were first proposed by Yeh et.al called as ‘Core 

Effects’ [33]. The four most basic or core effects that affect the microstructure and the properties 

of the HEAs are: 

a. High entropy effect 

b. Severe lattice distortion 

c. Sluggish diffusion  

d. Cocktail effect 

Briefly, considering thermodynamics, high entropy effect could inhibit the complex phase 

formation. From structural point of view, severe lattice distortion effect could alter alloy 

properties to an extent. The sluggish diffusion effect could slow down the phase transformation 

process. The overall properties of the HEAs can be enhanced by the cocktail effect. 

a. High entropy effect  

High entropy effect is the most important effect because it can enhance the solid solution and 

makes the microstructure much simpler than expected. The entropy of mixing ∆𝑆𝑚𝑖𝑥  is expressed 

in equation 5. ∆𝑆𝑚𝑖𝑥  for equiatomic alloy system is R ln (N). Here N is the number of elements 

in the HEA system. So at high temperatures, and taking more number of elements, the Gibbs 

free energy of the HEA becomes lower due to the contribution of larger ∆𝑆𝑚𝑖𝑥. From the Gibbs 

free energy relationship, a competing effect exists between the enthalpy and entropy. If an 

element in the alloy has strong repulsion force (or large positive mixing enthalpy) to other 

elements, then that element will segregate to form an elemental phase with little solubility with 

other elements. That means, mixing entropy effect is not sufficient to overcome the large 

enthalpy effect. Suppose the element has weak repulsion force (small positive mixing enthalpy) 
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with other elements, its segregation phase will contain reasonable concentration of other 

elements due to mixing entropy effect and becomes a concentrated solid solution with a major 

element. In general, if the enthalpy of mixing for unlike atomic pairs has smaller difference, 

simple solid solution phases would be formed in the equilibrium state.  

b. Severe lattice distortion effect 

Because the multi-component matrix of each solid solution phase in HEAs is a whole-solute 

matrix, every atom is surrounded by different kinds of atoms and thus suffers lattice strain and 

stress mainly due to the atomic size difference.  Besides atomic size difference, different 

bonding energy and crystal structure among constituent elements are also expected to cause even 

higher lattice distortion. This can be due to the non-symmetrical neighboring atoms resulting in 

non-symmetrical bonds and electronic structure around an atom and such non-symmetry varies 

from site to site. Hence the overall lattice distortion would be more severe in HEAs compared to 

the conventional alloys where most matrix atoms (or solvent atoms) have the same kind of atoms 

as their neighbors. Lattice distortion causes electron scattering and significant decrease in 

electrical conductivity. So it reduces the electron contribution to thermal conductivity by 

electron conduction. So lattice distortion reduces thermal effect on HEAs. Also in the heavily 

distorted lattice, large solution hardening results in the increase in hardness and strength.  

c. Sluggish diffusion effect 

HEAs mainly contain random solid solutions and/or ordered solid solutions. Since their 

matrix could be regarded as whole-solute matrix, the diffusion of an atom in the whole-solute 

matrix would be very different from that in the matrix of conventional alloys. A vacancy in the 

whole-solute matrix is in fact surrounded by different-element atoms during diffusion. Slower 

diffusion and higher activation energy occurs in HEAs due to larger fluctuation of lattice 

potential energy (LPE) between lattice sites. The abundant low-LPE sites can serve as traps and 
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hinder the diffusion of atoms. This leads to the sluggish diffusion effect. It is also found that the 

greater the number of elements, the slower is the diffusion rate. Sluggish diffusion provides 

various advantages in controlling microstructure and properties, viz., easiness to get 

supersaturated state and fine precipitates, increased re-crystallization temperature, slower grain 

growth, reduced particle coarsening rate, and increased creep resistance. In general, sluggish 

diffusion is favorable for improving properties of HEAs.  

d. Cocktail effect  

 Since HEAs consists of at least 5 elements, these alloys can have either/or a single phase, 

two phases, three phases, or more depending on the composition and processing. The overall 

property of the HEA therefore can evolve from the overall contribution of all the constituent 

phases. This relates with the phase size, shape, distribution, phase boundaries, and properties of 

each phase. Moreover, each phase is a multi-component solid solution phase and can be regarded 

as an atomic-scale composite. Its composite properties not only come from the basic properties 

of elements by the mixture rule but also from the mutual interactions among all the elements.      

2.4 HEA design criteria  

The fundamental criteria to design an HEA are not established yet. The researchers generally 

commence the fabrication of HEA by taking the equiatomic combination of multiple elements. 

Later the equiatomic proportion of the elements in the HEA combination is altered to enhance 

the property. Though the literatures on HEA design are few, they are essential to provide an 

initial route map to decide the combination of multiple elements for an HEA. Some design 

criteria are most vital to select the combination and predict the phase formation of HEAs such 

as:  

a. Equiatomic HEA design criteria proposed by Guo et al [6].  

b. Alloy design criteria proposed by Takeuchi et al [32].  
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 The design criteria for equiatomic HEAs proposed by Guo et al. are important to 

predict the phase stability [6]. Guo et al. found that the configurational entropy is not the sole 

parameter to crystallize the HEAs in simple solid solution phases. After statistically analyzing a 

number of equiatomic HEA systems, they proposed some design parameters and their ranges 

that can perfectly predict the solid solution or amorphous phase formation in equiatomic HEAs.   

The design parameters are as follows: 

The Gibb’s free energy change of mixing (∆𝐺𝑚𝑖𝑥) of the HEA is determined by  

 ∆𝐺𝑚𝑖𝑥 = ∆𝐻𝑚𝑖𝑥 − 𝑇𝑚∆𝑆𝑚𝑖𝑥       (7) 

where ∆𝐻𝑚𝑖𝑥is the change in enthalpy of mixing (J mol-1), Tm is the effective melting 

temperature of n constituents in Kelvin (n=5 in the present work) and ∆𝑆𝑚𝑖𝑥  is the change in 

mixing entropy (J mol-1 k-1) and is expressed in equation 5 [6].  

∆𝐻𝑚𝑖𝑥 is expressed by  

 ∆𝐻𝑚𝑖𝑥 = ∑ Ω𝑖𝑗𝑐𝑖𝑐𝑗

𝑛

𝑖=1,𝑖≠𝑗

        (8) 

where ci and cj are atomic percentages of the ith and jth components, Ω𝑖𝑗  is the melt interaction 

parameter between the ith and jth element which is expressed by  

              Ω𝑖𝑗 = 4∆𝐻.𝑚𝑖𝑥
𝐴𝐵        (9) 

where ∆𝐻.𝑚𝑖𝑥
𝐴𝐵 is the enthalpy change of binary AB alloy (J mol-1), which is determined using the 

Miedema’s model table [31]. For the current refractory and non-refractory alloys, the ∆𝐻.𝑚𝑖𝑥
𝐴𝐵  

obtained from Miedema’s table are given in Table 2.3.  
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Table 2. 3 Enthalpy change of (a) refractory and (b) non-refractory binary alloy pairs 

obtained from Miedema’s table.  

Cr -1 0 -7 -2 1 

-1 Fe -2 -15 -7 0 

0 -2 Mo -5 0 0 

-7 -15 -5 Ta -1 -7 

-2 -7 0 -1 V -1 

1 0 0 -7 -1 W 
 

Al -11 -19 -22 -1 

-11 Fe -1 -2 13 

-19 -1 Co 0 6 

-22 -2 0 Ni 4 

-1 13 6 4 Cu 
 

(a)                                                                            (b)    

 

The effective melting temperature Tm of n components is determined by rule of mixtures and is 

expressed by 

 𝑇𝑚 = ∑ 𝑐𝑖(𝑇𝑚)𝑖

𝑛

𝑖=1

      (10) 

where (Tm)i and ci are respectively the melting temperature and atomic percentage of ith element.  

The atomic size difference parameter (𝛿) for solid solution formation is defined by  

 𝛿 = 100√∑ 𝑐𝑖 (1 −
𝑟𝑖

𝑟̅
)

2
𝑛

𝑖=1

     (11) 

where ri and 𝑟̅ are the atomic radius of ith element and average atomic radius of the constituent 

elements respectively. The 𝑟̅ is defined as  

 𝑟̅ = ∑ 𝑐𝑖𝑟𝑖

𝑛

𝑖=1

 (12) 

Valence electron concentration (VEC) is useful for determining phase stability and can be 

calculated by  

 VEC = ∑ 𝑐𝑖(VEC)𝑖

𝑛

𝑖=1

     (13) 

where (VEC)𝑖 is the VEC for the ith element. 

Guo et al. found that solid solution phases are expected when the three conditions are 

simultaneously satisfied. They are: 
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-22 kJ/mol ≤ ∆𝑯𝒎𝒊𝒙 ≤ 7 kJ/mol, 

       11 J mol-1 K-1 ≤ ∆𝑺𝒎𝒊𝒙  ≤ 19.5 J mol-1 K-1 

and 0 ≤ 𝜹 ≤ 8.5. 

Guo et al. also noted that larger VEC (≥8) favours the formation of FCC-type solid solutions, 

while smaller VEC (<6.87) favours the formation of BCC-type solid solutions [6].    

Takeuchi and Inoue established the mismatch entropy parameter (Sσ) that predicts the 

probability of formation of crystalline or amorphous phase in multi-component alloy system by 

estimating the atomic size difference effect [32]. The formation of amorphous phase is favored 

at higher values of Sσ/kB and vice-versa [32]. The parameter Sσ is determined by Eq. (14) as: 

 

𝑆𝜎 = 𝑘𝐵 [
3

2
(𝜁2 − 1)𝑦1 +

3

2
(𝜁 − 1)2𝑦2

− {
1

2
 (𝜁 − 1)(𝜁 − 3) + 𝑙𝑛𝜁} (1 − 𝑦3 )] 

(14) 

Here kB is the Boltzmann constant. 𝜁 is a parameter defined as 𝜁 = 1/(1- ἑ), where ἑ is the 

packing fraction. For BCC and FCC structures ἑ values are 0.68 and 0.74 respectively. 𝑦1, 𝑦2  

and 𝑦3  are dimensionless parameters having relation 𝑦1 + 𝑦2 +  𝑦3 =1 and are defined by Eq. 15, 

16 and 17 below. 

 𝑦1 =  
1

𝜎 3
 ∑ (𝑑𝑖 + 𝑑𝑗)(𝑑𝑖 − 𝑑𝑗)

2
𝑐𝑖𝑐𝑗

3

𝑗>𝑖=1

 (15) 

 𝑦2 =  
𝜎 2

(𝜎 3)2
 ∑ (𝑑𝑖𝑑𝑗)(𝑑𝑖 − 𝑑𝑗)

2
𝑐𝑖𝑐𝑗

3

𝑗>𝑖=1

 
 

(16) 

 𝑦3 =
(𝜎2)3

(𝜎3)2
 (17) 

Where σk = ∑ 𝑐𝑖𝑑𝑖
𝑘3

𝑖=1   ; k = 2, 3. The 𝑑𝑖  represents atomic diameter of 𝑖𝑡ℎ element and ci and cj 

are atomic percentages of the ith and jth component. 
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2.5 Crystal structure of HEAs 

In alloys, tailoring the microstructure can tailor their mechanical and physical properties. 

Hence details study of microstructure as well as structure property correlations should be 

established for HEAs. The HEAs are mostly reported to possess either single/multiple solid 

solution (SS) phases or Intermetallic (IM) phases or both SS+IM phases. A SS phase with atoms 

of different alloying elements occupying random lattice sites in crystal lattices is described as a 

disordered SS phase (e.g. FCC, BCC and HCP). The SS phase with atoms occupying certain 

preferred lattice sites in crystal lattices are referred as ordered SS phase (e.g. L12, B2 or B4). 

The IM phases (e.g. Sigma or Laves) are firmly ordered phases. All the disordered and ordered 

SS phases are classified in HEA family as simple phases. The only SS contained or SS+IM 

contained HEAs are commonly reported in literatures. Only IM phases in HEAs are less 

reported. 

FCC or BCC SS phase in HEAs are frequently reported and so far a few HCP phase 

HEAs are obtained [34]. AlxCoCrFeNi [35-37], CoCrCuFeNi [38-40], CoCrCuFeMnNi [1, 41, 

42], CoCrFeMnNi [2, 43, 44] are reported as some of the common single FCC phase HEAs. 

However, Schuh et al. investigated that although the CoCrFeMnNi HEA has single FCC phase, 

after annealing and subsequent plastic deformation the alloy possess three more phases [17]. 

Those phases are MnNi, FeCo and a Cr-rich phase observed by Transmission Electron 

Microscopy (TEM) and Atom Probe Tomography (APT) analysis in his work [17]. The transition 

metal HEAs with BCC phase commonly contain Al, Cr and Fe and some also contain Ti, Si and 

BCC refractory metals [5, 32, 45, 46]. Refractory HEAs showing single BCC structure contain 

BCC refractory metals with small amount of Al, Hf, Ti and Zr [9, 10, 47, 48, 49, 50, 51]. Dual 

phase (BCC+FCC) HEAs generally consist of transition metals. 

Al and Cu are most effectual elements in 3d transition metals but the HEAs with Cu as 

one of the constituents are difficult to crystallize in single phase due to the segregation of Cu or 
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Cu-rich phases [5, 19, 20, 21]. Though pure Al crystallizes in FCC structure but it performs as a 

BCC stabilizer in HEAs. For example, Tong et al. reported the AlxCoCrCuFeNi HEA that 

crystallizes in only FCC phase if x < 0.8, FCC+BCC phases if 0.8 < x < 1 and only BCC phase if 

x > 1 [52]. Zhang et al. also reported that the phase change from FCC to BCC in 

TixCoCrFeNiCu1-yAly alloy occurs on increasing Al content [53]. This is due to the increase in 

atomic level stress on addition of large Al atoms [54, 55]. FCC structures have high atomic 

packing density than BCC structures. Thus addition of Al in FCC HEAs increase atomic level 

stress and hence transition of FCC to BCC occurs when atomic percentage of Al exceeds 11 [5] 

in order to reduce the stress and Gibbs free energy. Annealing also changes the proportion of 

BCC or FCC phase in the dual phase BCC+FCC HEAs, depending on the temperature induced. 

Wen et al. reported the HEA system of Al-Co-Cr-Cu-Fe-Ni that contains both FCC+BCC phases 

[15]. The phase fraction of BCC increases in the corresponding HEA system if annealed below 

800°C and the phase fraction of FCC increases if the annealing temperature is above 800°C [15]. 

The increase in BCC phase increases brittleness and hardness of the corresponding HEA whereas 

the increase in FCC phase makes the alloy ductile and softer. However Ng et al. found that 

annealing for long duration leads to the formation of IM (σ) phase that makes the HEA hard and 

less ductile [56]. Hence tailoring the annealing temperature can tailor the phases and properties 

in HEAs. The ordered L12 phase is generally appeared with the HEAs crystallizing in FCC 

structure [34]. The ordered B2 phase is generally appeared with the HEAs crystallizing in BCC 

structure [34]. All B2 and L12 phases are reported in HEAs containing Aluminium [34]. The 

precipitation of IM phases are mostly reported in transition metal HEAs and barely exhibited by 

RHEAs [34].  

2.6 Transition metal HEAs  

The nuclear, turbine and aerospace industries strongly demand advanced materials that can be 

fulfilled by the transition metal HEAs as they exhibit high compressive strength and hardness at 
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both room and elevated temperature. Some transition metal HEAs exhibit very good tensile 

properties such as strength and ductility. Overall, the literatures show that these HEAs 

possessing FCC structure exhibit low strength and high ductility and possessing BCC structure 

exhibit high strength and low ductility. Hence, the crystal structure plays an important role in 

controlling the mechanical properties of these HEAs. Some important reports on the mechanical 

properties of these HEAs are outlined below.  

2.6.1 Mechanical properties 

Hardness results of different transition metal HEAs were reported frequently in various 

literatures [57-67]. The literatures show that the only FCC phase HEAs have Vickers hardness 

ranges from 100-200 HV and the only BCC phase HEAs have Vickers hardness > 600HV. The 

alloys having both FCC+BCC phases show high Vickers hardness if the fraction of BCC phase is 

higher and vice-versa. Li et al. and Tung et al. reported that the increase in the B2 phase fraction 

increases the hardness of the HEAs [39, 68]. Ivchenko et al. and Welk et al. investigated that the 

AlxCoCrCuFeNi HEAs possessing BCC + B2 structure have high hardness values [69, 70]. In the 

same HEAs the hardness is proportional to the content of Al [69, 70]. This is due to the reason 

that with the increase in Al, the alloy changes from FCC to FCC+BCC and then to single BCC 

structure [5]. Precipitation of IM phases increases the hardness and strength in the HEAs. 

Stepanov et al., Shu et al. and Chen et al. reported that the increase in the fraction of IM (Laves 

and σ) phases present in FCC or FCC+BCC HEAs resulted in increase in hardness [71, 72, 73]. 

Shun et al. reported that due to the precipitation of IM (σ) phase by the addition of Mo in the 

AlCoCrFeNi HEA, the strength increases from 1051 MPa to 2757 MPa [74]. Chen et al. noticed 

that the addition of Ti in Al0.5CoCrCuFeNiTix HEA increases the hardness to 600 HV or higher 

due to the presence of IM phase when the value of x is larger than 1 [75]. Chuang et al. stated 

that the annealing of Ti-contained HEAs increases their hardness due to the formation of more 

IM phases [76]. Tsai et al. reported a Mn-contained HEA of Al0.3CrFe1.5MnNi0.5 that on aging in 
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600-900°C increases its hardness value from 300 HV to 900 HV due to the transformation of 

BCC to σ phase [77]. HEAs with BCC and B2 structures possess high compressive yield strength 

in the range from 1300-2400 MPa with the compressive ductility mostly below 10% which is 

regarded as a standard minimum value for structural applications [34]. The HEAs exhibiting 

FCC structure have lower compressive strength and higher ductility [15]. The compressive 

strength and ductility generally behave inversely but Liu et al. reported that in AlxCrFeNiTi0.25 

HEA, the maximum ductility and compressive strength was achieved at x = 0.5 and then the 

ductility and compressive strength both decreases as the x increases or decreases [78]. The 

presence of intermetallic phase in the FCC or BCC HEAs affects the ductility [34]. Stepanov et 

al. and Salishchev et al. found that the ductility decreases quickly as the volume percentage of 

intermetallic phases reaches a critical value [71, 79]. Zhuang et al. affirmed that the ductility can 

be increased by annealing the alloy but it results in decreasing the strength [80].  

Otto et al. in the tensile test experiment of CoCrFeMnNi HEA showed that the tensile 

strength and strain of the HEA decreased as the service temperature increased from -196°C to 

800°C [81]. Deformation occurs in the corresponding HEA due to nano twinning at 77K when ɛ 

≥ 20%. Nano twinning was not seen below room temperature at low strain in the corresponding 

HEA. The primary deformation mechanisms in the FCC HEAs are deformation slip and twin 

[34]. Stepanov et al. also reported the tensile test data of the above HEA after cold rolling that 

exhibited higher tensile stress of more than 1200 MPa due to the presence of small grains [82]. 

Schuh et al. reported the tensile test results on the same HEA that possess very high tensile 

strength of 1950 MPa due to the reduction of the grain size after plastic deformation [17]. 

Kuznetsov et al. found that the AlxCoCrCuFeNi HEA (at x=16.7 at. %) shows brittle to ductile 

transition above 873 K; however above 973 K it shows superplasticity with tensile elongation of 

1240% [83, 84, 85]. Some reports also show that the Sn addition in the HEAs increases ductility. 

Liu et al. investigated the tensile properties of the CoCuFeMnNiSnx HEA and found that the 
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ductility increases till the x reaches a value of 0.03 [86]. Liu et al. also investigated the tensile 

properties of the CoCuFeNiSnx HEA and found that both the ductility and strength increases in 

the HEA till x ≤ 0.07 [87]. Ma et al. reported a single crystal FCC HEA of Al0.3CoCrFeNi 

possessing room temperature ultimate tensile strength and high ductility of 399 MPa and 80% 

respectively [88].   

2.6.2 Mechanical properties at cryogenic temperature 

A few reports are available on the mechanical properties of the transition metal HEAs at 

cryogenic temperature out of which some are discussed below. Stepanov et al. investigated the 

microstructure in CoCrFeNiMn during plane-strain multi-pass rolling to a thickness strain of 

80% at 293K and at 77 K [89]. The key deformation mechanism in the corresponding HEA at 

both the temperatures was associated with twinning. At 77 K, the twinning was more extensive 

in terms of the fraction of twinned grains and the length of the twinning stage, which resulted in 

faster kinetics of the microstructure evolution. Micro-shear bands were formed in the 

microstructure of the corresponding HEA at the later stages of rolling (at ε = 80% for 293 K and 

at ε =40% for 77 K). The ultimate tensile strengths of corresponding HEA specimens rolled at 

77 K and 293 K were found to be 1500MPa and 1200 MPa respectively [89]. Qiao et al. also 

reported the mechanical properties of an HEA at cryogenic temperature that the compressive 

yield strength and fracture strength of a BCC structured AlCoCrFeNi HEA at 77 K are 1880 

MPa and 3550MPa respectively while at 298 K are 1450 MPa and 2960 MPa respectively [90]. 

The fracture strains of the corresponding HEA at 77 K and 298 K were 14.3% to 15.5% 

respectively [90].  

2.6.3 Tribological properties 

Chuang et al. processed the AlxCo1.5CrFeNi1.5Tiy HEAs with different Al and Ti content 

by arc melting and compared their adhesive wear behavior with conventional wear resistant 

steels SUJ2 and SKH51 [91]. The wear resistance of the Co1.5CrFeNi1.5Ti and 
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Al0.2Co1.5CrFeNi1.5Ti alloys is at least two times better than that of conventional wear-resistant 

steels with similar hardness [91]. The anti-oxidation and resistance to thermal softening 

properties in these HEAs are the key reasons for the excellent wear resistance. Wu et al. 

prepared the AlxCoCrCuFeNi HEAs with different aluminum contents by arc melting and 

subsequently investigated for adhesive wear behaviors [92]. With increasing Al content, both the 

volume fraction of BCC phase and the hardness value increases, and thus the wear coefficient 

decreases in the corresponding HEA. Moreover, the wear mechanism changes from 

delamination wear to oxidative wear. For low aluminum content, x = 0.5, the microstructure of 

the HEA is FCC and the worn surface is deeply grooved and undergoes a periodic delamination 

which produces big debris. For medium aluminum content, x = 1.0, the microstructure is FCC + 

BCC, and the worn surface is deeply grooved in FCC region but smooth in BCC region. 

Delamination wear is still dominant though oxidative wear occurs in the smooth region. For high 

aluminum content, x = 2.0, the microstructure is BCC and the worn surface is smooth and yields 

fine debris with high oxygen content. The high Al content in the above HEA enhances wear 

resistance highly [92].  

2.6.4 Distinctive properties 

Hemphill et al. observed the fatigue strength of a cold rolled Al0.5CoCrCuFeNi HEA [94]. The 

four point bending fatigue on this HEA determined the endurance limit between 540 and 945 

MPa [94]. The corresponding HEA shows promising fatigue strength as that of the steels and Ti 

alloys. The Al-Cu contained HEA of Al10(FeCoNiCu)90 was developed to investigate for 

structural applications due to their combination of high strength and ductility [93]. The 

corresponding HEA can also be investigated for engineering materials due to its viability of 

being fabricated richly at industry level [93]. The fracture toughness of some HEAs was also 

reported. Roy et al. reported the plane strain fracture toughness of the Al23Co15Cr23Cu8Fe15Ni15 

HEA using single-edged notch bend and chevron-notched rectangular bars whose KIC values are 
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5.8 ± 0.2 MPa-m1/2 and 5.4 ± 0.2 MPa-m1/2 respectively [95]. Gludovatz et al. reported the crack 

initiation fracture toughness of CoCrFeMnNi HEA at room temperature as JIC= 250 KJ-m-2 and 

the stress intensity as KJIC= 217 MPa-m1/2 [96]. The 3d transition metal HEAs were also reported 

for stacking fault energies [97], single crystal elastic modulus [88] and shear modulus with 

Poisson’s ratio [98]. 

2.7 Refractory HEAs (RHEAs) 

RHEAs are in their infant stage of development unlike transition metal HEAs. In structural 

applications the Ni based super alloys have shown promising properties such as good fatigue 

strength, fracture toughness, creep strength, tensile ductility, oxidation resistance and wear 

properties. High temperature properties of these super alloys are still lacking for requirement in 

turbine and aerospace applications that may achieve by some new RHEAs [9, 34]. These RHEAs 

mostly contain refractory elements (some contain small amount of Al or Si) and generally 

crystallize in BCC phase. Small amount of laves phases often crystallize with the BCC phase if 

the RHEA contain V or Cr. The mechanical properties particularly the compression and hardness 

results for this type of RHEAs were often reported. Some of the important results for the RHEAs 

are discussed below. Senkov et al. found that the Vickers hardness of Al0.5MoNbTa0.5TiZr is as 

high as 5.8 GPa [100]. The experimental hardness values of the RHEAs are commonly greater 

than the hardness calculated by rule of mixture. Senkov et al. reported that the hardness of 

MoNbTaVW and HfNbTaTiZr were achieved as 5250 and 3826 MPa respectively whereas the 

corresponding values by rules of mixture were more than three times lower than the above 

experimental values [101, 102]. The hardness values for different RHEAs can be found from 

several reports [9, 10, 47, 48, 49, 100, 101, 102, 103, 104, and 105]. At high temperature, most 

of the RHEAs show better compressive properties than INCONEL 718 and MAR-M 247 (Figure 

2.1) [34]. Senkov et al. reported two RHEAs of MoNbTaW and MoNbTaVW that show 

exceptional compressive strengths (> 400 MPa) still at 1600 °C [9].  
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Figure 2. 1. Comparison of the compressive properties of different HEAs with INCONEL 

718 and MAR-M 247 alloys [34]. 

 

Although high compressive strengths were obtained for these RHEAs at elevated 

temperatures, their ductility lacks at room temperature [9, 10, 18, 27-29]. The density values of 

the RHEAs are also high. Hence to improve ductility and simultaneously to reduce density, 

addition of Al in small quantity were intended with RHEAs. Senkov et al. reported that the two 

RHEAs such as Al0.4Hf0.6NbTaTiZr and AlMo0.5NbTa0.5TiZr show less density and good room 

temperature compressive ductility (≥10%) [100]. Al based RHEAs also show promising 

compressive strengths at elevated temperatures [100 and 106]. Though some RHEAs, without 

containing Al have less room temperature compressive ductility, there high temperature 

compressive stress and strain values are very high [9, 10, 48, 104, 107]. The tensile strength data 

of these HEAs are less reported. Only two RHEAs till date are tested for room temperature 

tensile test and they are HfNbTiZr and HfNbTaTiZr [49, 108]. HfNbTaTiZr was the first RHEA 

that cold rolled successfully among the BCC HEAs processed till date [108]. The oxidation 

resistance properties of this RHEA group are less reported yet. Senkov et al. reported that the 

NbCrMo0.5Ta0.5TiZr RHEA shows parabolic weight gain due to oxidation after 100 hours at 

1273 K [99]. Liu et al. also reported non-protective linear oxidation by an RHEA at 1573 K 

[109]. The enhanced mechanical properties in RHEAs enable them suitable for application in 
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high temperature coatings in gas turbines. Several RHEAs exceed the range of the properties 

such as specific strength, compressive strength and maximum use temperature of conventional 

super alloys [34]. The high temperature compressive ductility of some RHEAs are also notable 

that estimates the possibility of achieving good high temperature tensile ductility [9, 10, 48, 104, 

107].  

In spite of exhibiting good mechanical properties and stable structure at high temperatures, 

the reports on the tribological properties of the RHEAs are only a few but impressive [110, 111, 

112, 113]. Poulia et al. reported that the wear resistance of the RHEA of Mo20Ta20W20Nb20V20 is 

much better than that of the Inconel 718 [110]. Bhardwaj et al. found that the addition of Al 

increases the wear resistance in the RHEA of AlxTiZrNbHf (x = 0, 0.25, 0.50, 0.75, 1) [111]. 

Sadeghilaridjani et al. showed that the wear rate of two RHEAs of HfNbTiZr and HfNbTaTiZr 

decreased on increasing the temperature from 423 K to 573 K due to the formation of protective 

oxide layers on the alloy surface [112]. Pole et al. reported that the wear mechanism for 

HfTaTiVZr and TaTiVWZr changed from adhesive and abrasive wear at 298 K to severe 

oxidative wear at 573 K and 723 K [113].    

2.8 Summary 

The summary of the literature in HEAs reveal the following major findings: 

a. Almost 90 % of the reports of HEAs to date contain transition metal elements with or 

without small addition of Mo, Si, Sn etc. The Al is often added with these HEAs to control 

the crystal structure as well as various properties. These HEAs exhibit high compressive 

strengths and hardness at room temperatures. The correlations in composition-structure-

property for these alloys were studied to some extent. 

b. The 3d transition metal HEAs containing Cu are difficult to crystallize in single phase due 

to the segregation of Cu or Cu-rich phases in the alloy after processing.   
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c. So far the reports on RHEAs are very few that mainly consist of combination of refractory 

elements like Hf, Nb, Ta, Ti, V, Zr, W, Mo, Cr etc. RHEAs generally crystallize in BCC 

structure with or without small amount of intermetallic phases. The study for establishing 

correlations in composition-structure-property for these RHEAs is at its infant stage. Some 

reports on these alloys identify excellent mechanical properties even at extremely high 

temperature which shows their potential to employ in various high temperature 

applications required for jet engines, turbine industries and nuclear reactors.     

d. Majority of the work carried out for transition metal HEAs or RHEAs were mainly aimed 

at investigating their crystal structures and determining mechanical properties (strength 

and hardness only).  

2.9 Research Gaps 

➢ A few literatures are available regarding the application of the new alloy design concepts for 

obtaining HEAs and RHEAs with stable microstructure.  

➢ The structure and property of RHEAs and their correlations are less established.  

➢ High temperature deformation studies of RHEAs are very few.   

➢ The Cu containing transition metal HEAs are less studied. 

➢ The study on tribological characteristics of HEAs and RHEAs are very limited.   

 

2.10 Current Research Objectives 

The main objectives of the present study are:  

➢ To design, fabricate and characterize (a) two BCC HEAs and (b) one FCC HEA for high 

temperature applications.  

➢ Two BCC HEAs should have five refractory metals (W, Mo, V, Cr and Ta) to achieve a 

stable high strength BCC alloy at elevated temperatures.  

➢ The FCC HEA should have five metals such as Cu, transition metals (Fe, Co, Ni), and Al 

(< 10 at. % to obtain FCC HEA) to achieve high ductility.  
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➢ To design and fabricate the above three HEAs by proper processing techniques; i.e. for 

the two BCC refractory HEAs the combination of ball milling and arc melting, and for 

FCC HEA the combination of ball milling and sintering to be followed. 

➢ To investigate the extent of alloying during ball milling of the elemental powder mixtures 

of the three HEAs.  

➢ To determine the crystal structure and study the microstructure of the HEAs. 

➢ To determine mechanical properties (viz, hardness, compressive properties at room and 

elevated temperatures), and establish the structure-property correlations of the above 

HEAs. 

➢ To investigate the tribological properties of the HEAs and compare them with that of a 

commercial high-speed steel (HSS) tool. 
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CHAPTER 3 

RESEARCH METHODOLOGY 

3.1 Introduction 

In this research work, three HEAs were developed. The first two were RHEAs, and the third one 

was Al and Cu contained transition metal HEA. The current chapter describes the detailed 

procedures followed in the design and fabrication of the three HEAs. This contains the initial 

procedure of selection of the elements for the three HEAs, fabrication methods of HEA powder 

and arc melted ingots and the techniques of characterization of the alloy powders and ingots. 

 3.2 Alloy Selection  

The outlines of the selection and preparation of the three HEAs are briefly explained below.  

Alloy-1 

The work commenced by choosing equiatomic combination of multiple elements for the 

first HEA. The initial equiatomic powder combination of five elements was selected with the 

conditions and reasons such as they (i) should have high melting points for high temperature 

application, (ii) should be of BCC structure for high strength application, (iii) should be from 

refractory groups of the periodic table, (iv) radius difference among them should be less than 

15% and (v) should satisfy design criteria by Guo et al for equiatomic HEAs and (vi) should 

satisfy the Takeuchi et al’s mismatch entropy criteria. The powder combination of 

‘W20Mo20V20Cr20Ta20’ satisfy the above five criteria. The corresponding powder mixture was 

subsequently mechanically alloyed by ball milling process. Milling characteristics of the powder 

mixture such as particle size variation, crystal structure, microstructure and morphology change 

throughout the milling was studied.  
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 To prepare the alloy ingots, the corresponding milled powder was cold compacted and 

melted by vacuum arc melting technique and subsequently heat-treated in vacuum to enhance 

the properties. The crystal structure and microstructure of the alloy ingots were investigated. 

Hardness, room and high temperature mechanical properties of the alloy were determined. 

Tribological properties of the alloy were investigated and compared with other alloys at the end.   

Alloy-2 

Composition of Alloy-2 was decided by altering the composition of Alloy-1 to non-

equiatomic proportion in order to enhance the properties. The atomic percentages of W, Mo 

were increased in the current RHEA to enhance the mechanical strength and hardness. The 

atomic percentages of Cr and Ta were decreased highly to reduce the amount of intermetallic 

phase. The Fe was added in RHEA to enhance the ductility. The final powder combination was 

verified for mismatch entropy criteria and decided to be of the non equiatomic combination as  

W23Mo23V17Cr8Ta7Fe22. The corresponding non-equiatomic RHEA powder was mechanically 

alloyed by ball milling process. The milled powders were analyzed for determining particle size 

change, crystal structure evolution, microstructure and morphology.  

To prepare the alloy ingots, the corresponding milled powder was cold compacted and 

melted by vacuum arc melting technique and subsequently heat-treated in vacuum. The crystal 

structure, microstructure, hardness and mechanical strength (at room and high temperature) for 

the cast alloy were investigated. Tribological properties of the alloy were investigated and 

compared with other alloys at the end.  

Alloy-3 

For this transition metal FCC HEA, powder combination of five elements was selected with the 

conditions and reasons such as they (i) should be from the transition metal group of the periodic 
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table, (ii) radius difference among them should be less than 15% and (iii) less than 10 at. % of Al 

should be added with the combination to achieve FCC structure (iv) should satisfy the Takeuchi 

et al’s mismatch entropy criteria. The authors arrived at the combination of the five elements 

such as (Al)10(FeCoNiCu)90 that satisfied the above four conditions. The Cu was taken in HEA. 

The above powder mixture was subsequently processed by ball milling. The particle size 

variation, chemical composition analysis and crystal structure evolution in the powder mixture 

during progressive milling were determined. The alloy ingots were fabricated by cold 

compacting, followed by sintering of the milled powder mixture. The crystal structure, 

microstructure and room temperature mechanical of the alloy ingot were investigated. 

Tribological properties of the alloy were investigated and compared with other alloys at the end.   

3.3 Raw materials  

The composition details of the three alloy powder mixtures (Alloy 1, 2 and 3) and their 

specifications are shown in this section. The composition of starting refractory and transition 

metal powder mixtures are shown by atomic percentage in Table 3.1 and Table 3.2, respectively. 

The Table 3.3 shows the details of all starting powders. The SEM micrographs of the elementary 

refractory powders selected for alloy preparation are shown in Figure 3.1.  

Table 3. 1 Composition of starting refractory powder mixture   

 W  

(at. %) 

Mo  

(at. %) 

V  

(at. %) 

Cr 

 (at. %) 

Ta  

(at. %) 

Fe  

(at. %) 

Alloy-1 20 20 20 20 20 0 

Alloy-2 23 23 17 8 7 22 

 

Table 3. 2 Composition of starting transition metal powder mixture  

 Al (at. %) Fe (at. %) Co (at. %) Ni (at. %) Cu (at. %) 

Alloy-3 10 22.5 22.5 22.5 22.5 
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Table 3. 3 Details of starting powders 

Elements Size Purity Melting Temp (Kelvin) Source 

W 12 µm 99.9% 3695 Sigma-Aldrich 

Mo 150 µm 99.9% 2896 Sigma-Aldrich 

V 325 mesh 99.5% 2183 Sigma-Aldrich 

Cr 60-100 mesh 99.0% 2180 Loba-Chemie 

Ta 60-100 mesh 99.9% 3290 Sigma-Aldrich 

Al < 5 µm 99.5% 933 Sigma-Aldrich 

Fe 250-300 µm 99.5% 1808 Loba-Chemie 

Co < 150 µm 99.9% 1767 Sigma-Aldrich 

Ni 200 mesh 99.8% 1726 Loba-Chemie 

Cu < 45 µm 99.7% 1358 Sigma-Aldrich 

 

  

W Mo 

  
V Cr 

 
Ta 

Figure 3. 1 SEM image of starting refractory powders 
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 3.4 Mechanical alloying 

The current section describes the details of the ball milling process followed for 

mechanically alloying three different powder combinations of WMoVCrTa, 

W23Mo23V17Cr8Ta7Fe22 and Al10(FeCoNiCu)90. Milling was performed in a high energy mono 

ball mill [PULVERISETTE 6, FRITSCH, Germany] with Tungsten vial and balls in dry 

condition (without any process control agent) in an Argon atmosphere. Total powder mixture of 

40 g was taken and ball to powder weight ratio of 10:1 was maintained. A milling speed of 250 

RPM was kept with relaxation time of 30 min after each hour of milling. Mechanical alloying 

was continued for 64 h, 48 hours and 80 hours for WMoVCrTa, W23Mo23V17Cr8Ta7Fe22 and 

Al10(FeCoNiCu)90, respectively. Sampling was carried out after regular intervals by taking 2 

grams of milled powder mixture.  

3.5 Fabrication of alloys  

To consolidate the as-milled RHEA powders of WMoVCrTa and W23Mo23V17Cr8Ta7Fe22, 

they were first filled in the cylindrical rubber moulds (Figure 3.2 (a)) and cold compacted by 

cold isostatic press, model:AIP3-22-60WP (Figure3.2 (b)) at 40000 psi. The cold pressed 

cylindrical samples (Figure 3.2 (c)) were then melted by vacuum arc melting technique (Make: 

Vacuum Techniques (P) LTD. Bangalore, Model: VT-D2PP-01) to prepare the alloy ingots. The 

vacuum up to 10-6 torr was achieved in the sample chamber by rotary and diffuser pumps and the 

cold pressed samples were melted in a high purity Argon atmosphere by single Tungsten 

electrode. The melting was repeated for five times to attain good chemical homogeneity of the 

alloy ingots. The molten samples were finally gravity settled and molded for cylindrical shape 

by the blind hole chamber of cylindrical Copper mould. The molten sample was water cooled as 

water was circulated outside the Copper mould. The cold alloy samples, after high vacuum 

sealing in a quartz tube, were heat-treated in a muffle furnace [OKAY, BYSAKH & CO, India] 

at 900 °C for 48 h and subsequently furnace cooled. The final samples were cut by wire cut 
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EDM to achieve different dimensions. The photo of the alloy ingot of WMoVCrTa after 

machining by wire EDM is shown in Figure 3.3. The dimension of the alloy ingot is 3×6 mm.  

             

Rubber moulds                                                        Cold isostatic press 

  (a)        (b)   

 

 

Cylindrical compacted powders 

(c) 

Figure 3. 2. (a, b) Cold pressing components and (c) final products 

To consolidate the HEA powder of Al10(FeCoNiCu)90, the corresponding powder after 80 

hours of milling was encapsulated in cylindrical rubber molds and cold compacted by a cold 

isostatic press (CIP) at 40 000 psi (model: AIP3-22-60WP). The cold-pressed cylindrical 

samples, after high vacuum (105 torr) sealing in a quartz tube, were sintered in a muffle furnace 

(OKAY, BYSAKH & CO, India) at 1100°C for 48 h. 
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Figure 3. 3. Alloy ingot of WMoVCrTa of 3×6 mm produced by arc melting 

3.6 Characterization techniques and machine specifications  

The as-milled powders and alloy samples were characterized by different techniques listed by 

the following sub sections. The machines used for the characterization along with their 

specifications are described in each sub sections below. 

 3.6.1 Particle size analysis 

Particle size distribution of the milled powders after different milling time was measured by 

particle size analyzer (PSA) (Make: Malvern, Model: Master sizer 2000) using LASER 

diffraction technique, via water as dispersant. The PSA works on the principle that when a beam 

of light (LASER) is scattered by a group of particles, the angle of light scattering is inversely 

proportional to the particle size. 

 

3.6.2 X-ray Diffractometry  

The crystal structure and various phases present in the as-milled powders as well as in heat 

treated alloys were analyzed by an X-ray diffractometer (Make: Rigaku, model: TTRAX-

IIIXRD) operating at 50 KV/100mA with Cu-kα radiation (λ=1.540Å). The X-Ray scan was 

carried out with a 2θ in the range 20° to 100° with a step size 0.03° and at scan rate of 
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0.067°/second. The heat treated alloys were finely polished by auto polishing machine 

(BUEHLER, AUTOMET 250 MODEL: 60-7230) with polishing papers of grit size up to 600 

and then cloth polished using fine Alumina powders. The polished and unetched alloy samples 

were delicately cleaned by ultrasonication and those dry samples were taken for X-ray scan. The 

possible phases present in the milled powder and heat treated alloys were determined by 

comparing the peak position and intensity with powder diffraction files (PDF). 

3.6.3 Light microscopy  

Preliminary determination of number of phases present and their area percentages in the 

unetched heat treated alloys after polishing were carried out by an upright Light microscope 

(Make: Carl Zeiss, Model: Axiotech) under monochromatic light. The digital images were 

captured and analyzed for determination of phase percentage by Axio Vision Rel.4.2 software. 

3.6.4 Field emission scanning electron microscopy 

The morphology of the milled powders, the microstructure of the unetched alloy ingots after 

polishing, the fractured surface of the heat-treated alloy after compression test were analyzed 

using field emission scanning electron microscope (SEM) [ zeiss, sigma]. Images were obtained 

by secondary electron (SE2) detector and back scattered electron detector (BSD). The chemical 

composition of the milled powders and heat-treated alloys were determined by an energy 

dispersive X-ray spectroscope EDS (Make: Oxford, Model: INCA X-Sight) attached with SEM. 

High purity Cobalt was used for the standard reference for quantitative analysis of the 

constituent phases. X-ray elemental mapping technique was used to determine the qualitative 

distribution of different elements in milled powders and heat treated alloys. 

3.6.5 Field emission transmission electron microscopy 

The crystal structure of the mechanically alloyed powder was also investigated by TEM analysis 

(Make: JEOL, Model: JEM-2100F), operated at 200 kV. The milled powder was sonicated 

thoroughly by adding with acetone as solvent and a drop of the solution was poured on a 400 
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mesh carbon coated copper grit for observation and the grit was placed in the sample holder of 

TEM. The selective area electron diffraction (SAED) pattern was obtained for identifying the 

crystal structure of the milled powders. Inter-planar spacings of the crystals were determined 

from the HRTEM images.      

3.6.6 Compression Test 

The alloy ingots were cut by WEDM to prepare cylindrical compression test samples of 3×6 

mm. Uniaxial compression tests of samples were carried out by a Universal Testing Machine 

(model: MEDIAN 250 make: BISS) both at room and high temperature (up to 1000°C) with a 

constant cross head velocity of strain rate as 0.1 mm/min. Engineering stress-stain curve was 

obtained from the test results. 

3.6.7 Hardness Test 

The polished alloy samples were analyzed for hardness using a Vickers hardness tester (make: 

Omni Tech) with a diamond indenter (136° included angle). The constant load of 500 gram was 

applied for a time period of 15 seconds. The Vickers hardness (HV) was determined using the 

following relation.  

HV =1.854F/D2 (17) 

where D is the arithmetic mean of the two diagonal lengths of the indentation in mm and F is the 

load applied in kilogram. The hardness values of the alloys were obtained by taking average of 

minimum 10 individual trials. 

3.6.8 Density 

Density of the alloy was determined by Archimedes principle using water as medium. According 

to the Archimedes principle,  

𝑤𝑒𝑖𝑔ℎ𝑡 𝑜𝑓 𝑡ℎ𝑒 𝑠𝑎𝑚𝑝𝑙𝑒

𝑤𝑒𝑖𝑔ℎ𝑡 𝑜𝑓 𝑤𝑎𝑡𝑒𝑟 𝑑𝑖𝑠𝑝𝑙𝑎𝑐𝑒𝑑
=

𝑑𝑒𝑛𝑠𝑖𝑡𝑦  𝑜𝑓 𝑡ℎ𝑒 𝑠𝑎𝑚𝑝𝑙𝑒

𝑑𝑒𝑛𝑠𝑖𝑡𝑦 𝑜𝑓 𝑡ℎ𝑒 𝑤𝑎𝑡𝑒𝑟 
 

(18) 

Weight of water displaced= weight of object in vacuum-weight of object in water              (19) 
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3.6.9 Tribological Test 

Wear test was carried out for the three HEAs by Pin on Disk wear tester to determine the 

tribological properties of the alloys and to compare them with that of HSS. The alloys were worn 

at different loads and their tribological properties such as wear coefficient and coefficient of 

friction (COF) were determined on varying sliding distance. The HSS rod of model no: 

DWAMM53202 was supplied by DEWALT (R), Brazil. The cylindrical pin samples of diameter 

3 mm and length 8 mm were prepared from the above three materials by Wire-Cut Electro 

Discharge Machine. The pins were machined to very small diameter of 3 mm to minimize the 

uneven contact of their surface during the wear test. Moreover, to flatten the surface, the pins 

were initially grinded by auto polishing machine [Automet, Buehler] using SiC abrasives of grit 

sizes 180, 400 and 600. The grinded samples were finely polished by cloth using fine Alumina 

powder suspended in water. The polished samples were sonicated with Ethanol for 30 minutes 

and dried properly. The wear test of the pins was carried out by a Pin on Disk wear tester [TR-

201, Duocom] against the 320 grit SiC [Carbimet, Buehler] abrasive disk. The SiC was selected 

as abrasive to wear the RHEAs due to its higher hardness (Mohr’s hardness 9) than that of pure 

Tungsten (Mohr’s hardness 7.5). The Tungsten carbide (WC) was not preferred as abrasive for 

RHEAs in order to avoid or reduce any material transfer or tribo-chemical reactions [113]. The 

SiC abrasive was also chosen to wear the 3d-HEA with the purpose of studying the tribological 

behavior of the HEA under most severe conditions [136]. The disk was rotated at a speed of 50 

RPM. The relative speed of 0.13 m/s between the pin and the disk was maintained throughout 

the experiments. The wear tests were carried out for each pin with the constant loads of 30N and 

40 N acting perpendicularly to the counter surface. Wear tests were conducted at room 

temperature under dry conditions. Wear volume after regular sliding intervals of 50 meters were 

determined by measuring the weight loss of the pins using a precision balance (accuracy = 

0.0001 gram). Wear coefficient (𝑊) was determined by the formula: 
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𝑊 =
∆𝑉

𝐹 × 𝑥
 

(20) 

where, 𝑊 is in mm3 / N m, ∆𝑉 is the Wear volume (mm3), 𝐹 is the normal load (N) and 𝑥 is the 

sliding distance (m) [135].  

The tangential frictional force (N) was determined by continuously grinding the pins against the 

disk up to 300 meters at both 30 and 40 N loads and recorded by Winducom software available 

with the wear tester. Each experiment for wear as well as frictional force determination was 

repeated for three times to ensure the accuracy of the results. The wear debris were also 

collected for analysis. The microscopic analysis of the worn surface and the debris were 

obtained by Field-emission scanning electron microscope (SEM) (Zeiss, Sigma) attached with an 

Energy-dispersive X-ray spectroscope (EDS). The phase analysis of the debris was carried out 

by an X-ray diffractometer [TTRAX-IIIXRD, Rigaku, Japan] operated at 50 kV/100 mA using 

Cu-kα radiation (λ = 1.540 Å). Topography of the worn surface was carried out using a high 

precision optical surface Profilometer (Taylor Hobson, Talysurf CCI lite). 
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Chapter 4 

Results and Discussion 

 4.1 Introduction 

The present chapter detailed the results of the investigation as per the experiments mentioned in 

Chapter 3. The alloy design parameters, extent of alloying during ball milling of the powder 

mixtures, microstructural characterization, mechanical and tribological properties of the sintered 

and the arc melted HEAs are presented and discussed in the following sub-sections. 

 4.2 Design parameters of HEAs 

The Guo et al.’s design parameter values for the equiatomic HEA powder combination of 

WMoVCrTa were calculated. Corresponding results are depicted in Table 4.1. The calculated 

values are in agreement with that proposed by Guo et al. for the formation of solid solution 

phases by inhibiting the formation of BMGs [6].   

Table 4. 1 Thermodynamic and other design parameters for WMoVCrTa HEA 

Design Parameters 
∆𝐻𝑚𝑖𝑥 

(kJ/mol) 

Tm 

(K) 

∆𝑆𝑚𝑖𝑥  

(kJ/mol.K) 

∆𝐺𝑚𝑖𝑥 

(kJ/mol) 
𝛿 VEC 

 

Values -3.52 2849 0.01338 -41.64 5.025 5.60  

  

 The Takeuchi et al’s mismatch entropy parameters for WMoVCrTa, 

W23Mo23V17Cr8Ta7Fe22 and (Al)10(FeCoNiCu)90 are 0.1992, 0.032, and 0.0998 respectively. 

These values are quite small that indicates the probability of BMG formation is less in the 

corresponding HEAs [32].  

 

 4.3 Mechanically alloyed WMoVCrTa powder  

The powder mixture of WMoVCrTa was mechanically alloyed up to 64 hours by ball milling 

route to know the extent of alloying. Microstructural characterization and Crystal structure 
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determination of the milled powders were carried out by different techniques and the results are 

presented and discussed in the subsequent sections. 

4.3.1 Particle size analysis 

The variation of particle size of the powder mixture milled for various hours was analyzed 

by particle size analyzer and is shown in Table 4.2. The median particle size denoted by the 

symbol d (0.5) indicates the median size of 50% particle volume [114]. This means 50 % of the 

particles are larger than the value of d (0.5) and 50% are smaller than the corresponding value.  

The particle size decreased continuously with increase in milling time till 32 hours due to 

fragmentation of powder particles. In milling process, fragmentation and cold welding of powder 

particles occur simultaneously. The d (0.5) values of 4, 8 and 64 hours milled powders were 

obtained from the cumulative particle size distribution curves shown in the Figure 4.1. The 

particle size decreased marginally till 32 hours of milling. Milling beyond 32 hours showed an 

increase in the particle size.             
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Figure 4. 1 Cumulative Particle size distribution curves of 4, 8 and 64 hours milled 

WMoVCrTa powder 
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Table 4. 2 Median particle size (d (0.5)) of the milled powder of WMoVCrTa after 

different hours.  

Mill time (hour) 4 8 16 32 64 

d (0.5) in µm 29.1 28.4 27.4 25.1 32.9 

 

4.3.2 SEM and EDX analysis 

The SEM micrographs of the powder mixture milled for various time periods are shown 

in Figure 4.2. The features of the powder mixture milled after 15 minutes show irregular 

morphology. With subsequent milling, the morphology of the powder mixture changed 

continuously. The average particle size measurement from the SEM micrographs using Image-J 

software reveals that the size of the particles decreased continuously with increase in milling 

time till 32 hours and then increases till 64 hours. This trend is similar to that obtained by the 

particle size analyzer. Features of particle fracturing during milling for 4 hours are evident as 

revealed from the micrographs shown in Figure 4.2 (b). During successive milling, plastic 

deformation of the powder particles occurs resulting in work hardening leading to loss of 

ductility [30]. The work hardened powder particles fracture due to the impact between the balls. 

The continuous cold welding and fracturing proceeds till the rate of cold welding and the rate of 

fracturing attain equilibrium [30]. The micrograph of 8 and 16 hours milled powders show 

further refinement of powder particles. Milling the powders up to 32 hours results in very fine 

particles, that can be observed in the micrograph in Figure 4.2 (e). After milling for 64 hours, the 

features representing agglomeration of the particles were observed in the micrograph (shown by 

arrow marks in Figure 4.2 (f).  

The quantitative analysis of EDS spectra of WMoVCrTa powder milled for 16 and 64 

hours are shown in Figure 4.3. Results of the EDS analysis of the powders milled for 16 hrs, and 

64 hrs are depicted in Table 4.3. The values presented are the average of five reading.  
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(a)  

 

(b)  

 

(c) 

 

(d) 

 

(e) 

 

(f) 

Figure 4. 2. SEM micrographs of WMoVCrTa milled powders after (a) 15 minute, (b) 4 

hours, (c) 8hours, (d) 16 hours, (e) 32 hours, and (f) 64 hours 

 

(a) 

 

(b) 

Figure 4. 3. EDS spectra of WMoVCrTa powder milled for (a) 16 hours and (b) 64 hours.   
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The results indicate that the alloy powder is in near equiatomic ratio after prolonged 

milling for 64 hours. Figure 4.4 shows the X-ray maps of the constituent elements in the 

WMoVCrTa alloy powder after milling for 64 hours. The figure indicates homogeneous 

distribution of individual elements in the 64 hour milled powder mixture. 

 

Table 4. 3. Average atomic percentage of elements in milled WMoVCrTa powders 

  

Mill 

time 

 (hour) 

W  

(at. %) 

Mo  

(at. %) 

V  

(at. %) 

Cr  

(at. %) 

Ta  

(at. %) 

16 17.1 ± 0.7 22.3 ± 0.4 28.0 ± 0.3 13.6 ± 0.5 19.0 ± 0.7 

64 19.9 ± 0.4 20.8 ± 0.8 20.0 ± 0.5 19.8 ± 0.4 19.5 ± 0.8 

 

   

   

Figure 4. 4. Energy Dispersive Spectroscopy (EDS) map of 64 hours milled WMoVCrTa 

powder. 
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4.3.3 XRD analysis 

The crystal structure of the WMoVCrTa powder mixtures milled for various hours were 

analyzed by XRD technique. The diffraction patterns are shown in Figure 4.5. In the XRD 

pattern of the 15 minutes milled powder mixture, sharp peaks with high intensities were 

observed corresponding to the reflections from the planes of W, Mo, Cr, and Ta. The peak 

intensities corresponding to the reflections from the planes of V powder were very weak at the 

initial milling period. The diffraction peaks from the planes of V could not be detected after 

milling for 4 hours. With further milling, the intensity of reflections from the planes of W, Mo, 

Cr, and Ta decreased with simultaneous increase in the peak width. The significant peak 

broadening and reduction in peak intensity indicate the refinement of crystallite size, change in 

microstrain and decrease in the crystallinity during milling process [115].  
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Figure 4. 5. XRD patterns of WMoVCrTa powder mixture for different milling periods. 

The XRD analysis of the 64 hours milled powder mixture revealed a major BCC1 phase, a 

minor BCC 2 phase and an unknown phase (shifted to the left of the pure Ta peaks) shown in 

Figure 4.5. The four major peaks at 2 values of 40.36º, 58.44º, 73.34º and 87.06º (close to pure 

W or Mo peaks) indicate reflections from the mechanically alloyed powder having the body-

centered cubic (BCC) structure since this match with the standard BCC pattern and this phase is 
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henceforth designated as BCC1. Similar BCC phase was also obtained in other HEAs containing 

W and Mo [9, 116 and 117].  The above mentioned 2θ values corresponds to reflections from the 

(110), (200), (211) and (220) planes of BCC1 phase, respectively. The respective inter-planar 

spacing (d values) for these planes are 2.23Å, 1.57Å, 1.28Å and 1.12Å. Lattice parameter of the 

BCC1 phase is 3.160 Å. Two small intensity peaks (close to pure Cr peaks) were identified as 

minor BCC2 phase at 2 values of 44.42º and 64.7º. The inter-planar spacings of this phase were 

obtained as 2.04Å and 1.44Å for the (110) and (200) planes respectively. Lattice parameter of 

the BCC2 phase was calculated to be 2.88Å. The small intensity peaks at 2θ values of 35.2°, 

37.8° and 68.3º are of unknown phase which were later confirmed as of Cr2Ta phase after heat 

treatment of the ball milled powder.   

 

Figure 4. 6. W-H plot of (a) W, (b) Mo, and (c) Ta peaks in WMoVCrTa powder mixture. 

The crystallite size and microstrain of W, Mo, and Ta during continuous milling process 

were determined by analyzing the X-ray peak profiles [118]. Gaussian function was chosen for 

fitting and separation of overlapping X-ray peak. To analyze the overlapping peaks, multiple (up 
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to two) Gaussians were used. The full width at half maximum (FWHM) was determined from 

the fit parameters for different peaks. Figure 4.6 (a), (b), and (c) shows the Williamson-Hall plot 

for W, Mo, and Ta peaks respectively of the WMoVCrTa powder mixture milled for different 

periods.  

 

 

Figure 4. 7. Variation of avg. crystallite sizes with milling time for (a) W, (b) Mo, (c) Ta, 

and microstrain vs. milling time for (d) W, (e) Mo, (f) Ta in WMoVCrTa milled powder 
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The variation of average crystallite size as a function of milling time for W, Mo, and Ta is 

shown in Figure 4.7 (a), (b), and (c) respectively. The variation of microstrain as a function of 

milling time for W, Mo, and Ta is shown in Figure 4.7 (d), (e), and (f) respectively. The average 

crystallite sizes of W, Mo, Ta and Cr powders reduced continuously on progressive milling. 

After 32 hours of milling, the average crystallite sizes of Ta, Mo, and W were determined to be 

11 nm, 32 nm and 17 nm respectively. The results indicate the formation of nano-crystalline 

WMoVCrTa alloy power by mechanical alloying after milling for 64 hours. The microstrains of 

the W, Mo, and Ta behave randomly on progressive milling as each of them has different 

mechanical properties. 

Figure 4.8 shows the XRD pattern of 64 hours milled WMoVCrTa powder before and 

after heat treatment at 1000 °C for 20 hours. A major BCC1 and minor BCC2 phases were also 

identified after heat treatment as labelled in Figure 4.8. The four major peaks at 2 values of 

40.31º, 58.35º, 73.24º and 87.03º indicate reflections from the mechanically alloyed powder 

having the BCC1 structure. The inter-planar spacings of this phase were obtained as 2.24Å, 

1.58Å, 1.29Å and 1.12Å for the (110), (200), (211) and (220) planes respectively. Lattice 

parameter of BCC1 phase was calculated to be 3.162Å. Two small intensity peaks for BCC2 

phase in heat-treated powder were identified at 2 values of 44.26º and 64.34º. The inter-planar 

spacing of this phase were obtained as 2.05Å and 1.45Å for the (110) and (200) planes 

respectively. The lattice parameter of BCC2 phase after heat treatment is 2.9Å. The lattice 

parameters of BCC phases after heat treatment increased compared to that of the as-milled 

powders indicating the starting of the alloying. The peak intensity corresponding to the BCC1 

and BCC2 phases of the heat-treated powder were also increased than that of the as-milled 

powder (Figure 4.8).   
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Figure 4. 8. Comparison of the XRD pattern of the 64 hours milled WMoVCrTa powder 

before and after heat treatment.  

In addition to two BCC phases, new small intensity peaks were also evident at 2θ values of 

22.87º, 26.54º, 29.86º, 34.83º, 38.9° and 52.5º and 66.9º (Figure 4. 8). Comparing to the Powder 

Diffraction File (PDF), these peaks were found to be corresponding to the formation of 

intermetallic compound Cr2Ta (space group Fd3m, lattice constant 𝑎 =  11.4500 Å, PDF 

Reference code: 00-020-0317).   

4.3.4 TEM analysis 

Figure 4.9 shows (a), (b), and (c) Bright Field TEM images at different magnifications; (d) 

HRTEM image of (c); (e) IFFT of (d); (f) line profile of (e) of the 64 hours milled WMoVCrTa 

powder. Nano particles were seen in the bright field images. The inter-planar (d) spacing 

measured from the HRTEM image was 2.3Å which confirms that it corresponds to (110) plane 

of BCC1 phase as the result is coincident with XRD results. Figure 4.10 shows (a) Bright Field 

TEM image; (b) HRTEM image of the dotted region in (a); (c) IFFT of (b); (d) line profile of 

(c); (e) SAED pattern of (a), of the 64 hours milled + heat treated WMoVCrTa powder. The 

inter-planar (d) spacing measured from two HRTEM images (at different locations) was 2.37Å 

which confirms that it corresponds to (110) plane of BCC1 phase as the result is coincident with  
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(a) (b) 

  

(c) (d) 

 
(e) 

 

 
(f) 

Figure 4. 9. (a), (b), and (c) Bright Field TEM images; (d) HRTEM image of (c); (e) 

IFFT of (d); (f) line profile of (e) of the 64 hours milled WMoVCrTa powder. 

XRD results. The concentric rings with bright spots were found in the SAED pattern suggesting 

the alloy powder of WMoVCrTa is polycrystalline [119]. Image J software was utilized to 

measure  the radius  of  the rings for indexing  the concentric  SAED ring patterns. A BCC phase  

D=2.3A°, BCC1, (110) 
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(a) 

 
(b) 

 
(c) 

 
(d) 

 
(e) 

Figure 4. 10. (a) Bright Field TEM image; (b) HRTEM image of the dotted region in (a); (c) 

IFFT of (b); (d) line profile of (c); (e) SAED pattern of (a) of the 64 hours milled + heat treated 

WMoVCrTa powder 
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was confirmed from the SAED analysis. The rings were indexed as corresponding to the (110), 

(200), (211) and (220) planes of the BCC lattice. The inter-planar spacings of (110), (200), (211) 

and (220) planes are 2.22Å, 1.605Å, 1.298Å and 1.121Å respectively. The corresponding values 

of the d-spacings for the (110), (200), (211) and (220) planes of the BCC1 phase obtained from 

XRD analysis were 2.24Å, 1.583Å, 1.29Å, 1.12Å. This confirms that the SAED pattern of 

Figure 4.9 (b) corresponds to BCC1 phase having a lattice parameter of 3.170Å after 64 hours of 

milling + heat treatment. The lattice parameter obtained for the BCC1 phase by the XRD 

technique for the same conditions is 3.162 Å. Since the deviation in the lattice parameter 

determined by the two methods is only 0.3%, the lattice parameter obtained from the SAED 

analysis is acceptable. 

4.4 Arc melted WMoVCrTa alloy   

The alloy powder of WMoVCrTa was consolidated by cold compaction and subsequent arc 

melting to fabricate the alloy ingots. The following section shows the characterization of such 

ingots by illustrating their structure (crystal structure and microstructure) and properties 

(mechanical and tribological) investigated by various techniques. 

4.4.1 SEM and EDX analysis  

The metallographically polished surfaces of the arc melted alloy ingots were observed under 

Light microscope. The corresponding optical micrograph shown in Figure 4.11 reveals three 

distinct regions: (i) dendritic phase (Phase-A); (ii) inter-dendritic region (Phase-C) and (iii) black 

round phases (Phase-B). The micrograph indicates phase-B located inside the inter-dendritic 

region. It is to be noted that in TiZrNbMoV HEA the Laves phases located similarly inside the 

interdendritic regions [117]. The area percentages of 3 phases estimated by Axio vision software 

(average values calculated by taking results from 10 different micrographs) are 86%, 4% and 9% 

for phase A, B and C respectively. Thus, phase B and C are only minor phases in the alloy.  
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Figure 4. 11. Optical micrograph of the polished WMoVCrTa alloy. 

SEM micrographs in HDBSD (High definition backscattered electron detector) mode are shown 

in Figure 4.12 (a) and (b). Segregation of phase B inside phase C and small pores were clearly 

visible in Figure 4.12 (a). White dendritic phase (Phase-A) along with phase C and phase B is 

shown in Figure 4.12 (b).  

Phase A

Phase C

Phase B

pore
Dendrite,Phase A

Inter-Dendrite,Phase C

Phase B(Ta-rich)

(a) (b)
 

Figure 4. 12. SEM micrographs (HDBSD mode) of WMoVCrTa alloy in (a) 300x and (b) 

200x magnifications.  

Figure 4.13          Figure 4.  shows the SEM micrograph of the region where the EDS analysis for 

phase-A, phase-B and phase-C were carried out. The average chemical composition of three 

phases obtained by EDS analysis are shown in Table 4.4. Phase A contains W and Mo as major 
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elements and is identified as W38Mo35V9Cr6Ta12. W and Mo have nearly equal atomic sizes and 

good chemical affinity therefore can undergo substitutional solid solution easily, leading to 

phase A rich in W with Mo. The interdendritic Phase C is identified as W9Mo24V21Cr28Ta18. The 

phase B that is located inside the interdendritic phase is identified as W4Mo3V20Cr19Ta54 and is 

mainly formed due to the segregation due to excess of Ta. Ta has the largest atomic radii among 

all the constituent elements in the alloy and the excess of it results in segregation during 

solidification.  

Table 4. 4. Chemical composition of various phases in WMoVCrTa alloy. 

Elements W (at%) Mo (at%) V (at%) Cr (at%) Ta (at%) 

Phase A (BCC1) 38 ± 0.8 35± 0.7 9± 0.9 6± 0.8 12± 0.7 

Phase B (laves) 4± 0.5 3± 0.4 20± 0.8 19± 0. 9 54± 0.8 

Phase C (BCC2) 9± 0.4 24± 0.4 21± 0.5 28± 0.9 18± 0.9 

 

 

          Figure 4. 13. SEM micrograph of WMoVCrTa alloy  

4.4.2 XRD analysis  

Figure 4.14 shows the XRD patterns obtained for the 64 hours milled powder mixture and 

arc melted (AM) WMoVCrTa alloy.  Analysis of the pattern for the AM alloy reveals three 

phases: (i) a major BCC1 phase, (ii) a minor BCC2 and (iii) a minor Ta-rich intermetallic phase. 
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The reflections from the planes corresponding to (110), (200), (211) and (220) of the BCC1 

lattice are shown in Figure 4.14. The peaks corresponding to the BCC1 phase of the AM alloy 

was found shifted to the right compared to that found in the 64 hours milled powder mixture. 

The peak shift indicates contraction of the BCC1 lattice after melting and the fast cooling. 

Analysis reveals the lattice parameter of the BCC1 phase in the alloy ingot as 3.05 Å; whereas 

the lattice parameter of the same phase in 64 hours ball milled powder is 3.16 Å. This confirms 

lattice contraction during the solidification processing technique.  Lattice contraction can occur 

due to the depletion of large Ta atoms in BCC1 phase shown in Table 4.4.  Comparison of the 

XRD and SEM (section 4.4.1) results reveal that the BCC1 phase corresponds to Phase A in the 

alloy.  
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Figure 4. 14. XRD patterns of 64 hours milled powder of WMoVCrTa, and the cast alloy. 

Three small intensity peaks in the XRD pattern of the alloy ingot at 2 values of 44°, 63° 

and 80° can be seen. This corresponds to the reflection from (110), (200) and (211) of the BCC2 

phase [23]. It may also be noted that these reflections are same as that of the reflections from the 

BCC2 phase of milled powder mixture without any peak shifts. The lattice parameter of BCC2 is 

2.85 Å and corresponds to the phase-C of the SEM image (Figure 4.12). 

Very small intensity peaks were observed at 2 values of 34.9°, 37.7°, 46.9°, 67.6° and 

84.2°. These patterns could not be indexed with reflections from the existing PDF data files. 
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Hence the crystal structure for this phase could not be identified from the composition analysis. 

It is presumed that this is the inter-metallic phase-B (Figure 4.12) having a composition 

W4Mo3V20Cr19Ta54 (Table 4.4).  

4.4.3 Mechanical properties  

Engineering stress vs. engineering strain plots of WMoVCrTa RHEA at various temperatures 

were obtained from the uniaxial compression test data. The typical engineering stress-strain plots 

of WMoVCrTa alloy at room temperature, 1000 °C, and 1200 °C are shown in Figure 4.15. The 

curve at room temperature indicates that the HEA is purely elastic in nature and fails abruptly at 

6.2 ± 0.26% strain. Hence the yield stress and ultimate stress of the material are equal.  
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Figure 4. 15. Compressive engineering stress-strain curves of equiatomic WMoVCrTa 

alloy at different temperatures. 

The results of the compression test of the RHEA at various temperatures are summarized in 

Table 4.5. The room temperature ultimate strength for this material is 995 ± 16 MPa. At 1000 

°C, the yield stress (0.2% offset stress) is 785 ± 31 MPa at a strain of 5.06 ± 0.19% and the 

ultimate stress is 818 ± 26 MPa at a strain of 5.7 ± 0.24%. At 1200 °C, the yield stress increased 

to 941 ± 26 MPa at a strain of 7.25 ± 0.22% and the ultimate stress to 964 ± 21 MPa at a strain 

of 8.3 ± 0.18%. From the results in Table 4.5, the yield stress anomaly (YSA) is evident between 

1000 °C to 1200 °C [120]. The YSA has also been reported for HEAs by other researchers 

[121,122,123]. The RHEA of AlNbTiVZr0.5 shows the YSA between the temperatures of 600-
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700°C [121]. The HEA of ZrNbTiVHf shows the YSA between 500-800°C [122]. The ternary 

alloy of Ti50Mo25Al25 also shows the YSA between 1073-1273K [123]. Yield strain of 

WMoVCrTa alloy also increased by ~43% on increasing deformation temperature from 1000 °C 

to 1200 °C.   

Table 4. 5 Results of compression test of WMoVCrTa RHEA. 

Test Temp. 

(°C) 

Yield stress 

(MPa) 

Yield strain  

(%) 

Ultimate stress 

(MPa) 

Ultimate strain 

(%) 

25  995 ± 16 6.20 ± 0.26 995 ± 16 6.20 ± 0.26 

1000 785 ± 31 5.06 ± 0.19 818 ± 26 5.70 ± 0.24 

1200 941 ± 26 7.25 ± 0.22 964 ± 21 8.30 ± 0.18 

 

The following key points are to be noted: (i) Assuming the YS is the same as the UTS at room 

temperature, 78.9 % and 94.6% of the room temperature yield strength of the RHEA is retained 

at 1000 °C and 1200 °C, respectively, (ii) 82.2% and 96.9% of the room temperature UTS of the 

alloy is retained at 1000 °C and 1200 °C, respectively and (iii) an yield strength anomaly exists 

for this RHEA. The high compressive strength in the RHEA is attributed to the solid solution 

strengthening effect. Though the compressive stress of the alloy is lesser than other refractory 

HEAs, it is compensated by greater peak strain (6.2%) compared to other reported HEAs 

systems at room temperature [9, 28 and 29]. The peak strains of NbMoTaW and VNbMoTaW at 

room temperature were only 1.5% and 0.5% respectively [9]. The peak strains of NbNiTiCoZr 

and NbNiTiCoZrHf at room temperature were less than 0.5% [28]. The peak strain of 

HfMoTaTiZr at room temperature was 3% [29].  

SEM fractograph of the failure surface of the sample tested at room temperature is shown 

in Figure 4.16. The fractograph indicates failure by shear as evidenced by the shear lines which 

was aligned almost 45° to the load axis. 
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Figure 4. 16. SEM micrograph of the fracture surface of the alloy at room temperature. 

 

 

2

1 3

Cracks

 

(a) (b) 

Figure 4. 17. Top view of the hardness indents in (a) phase C and B (marked as 1 and 2 

respectively) and (b) phase A (marked as 3). 

 

The hardness of the ingot sample was obtained by taking the average of 10 readings with 

a load of 500 gram for 15 seconds. The micrographs of the indentation carried out on phases A, 

B and C of the alloy are shown in Figure 4. 17.  Crack initiation during the indentation was not 

observed when tested on phase-A and Phase-C (Figure 4.17) indicating these materials exhibit 

good ductility or toughness. However when indentation was carried out on Phase-B, crack 

propagation from the corner of the indentation was observed (marked as 2 in Figure 4.17 (a)) 

indicating that phase-B is very brittle in nature. The measured hardness values for individual 

phases in the alloy are shown in Table 4.6. The hardness of phase A (BCC1) is highest due to the 
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presence of high atomic percentage of hard elements like W and Mo in the phase (Table 4.4). 

High hardness is also obtained for phase C (BCC2) as all five elements are present in near equi-

atomic percentage in this phase. The overall Vickers hardness of the alloy is as 773 ± 20 HV. 

The high overall hardness is attributed mainly to the primary BCC1 phase present in the alloy 

[5]. The density of the alloy was found to be 11.52 g/cm3.    

 

Table 4. 6. Vickers hardness of the alloy ingot 

Phases Vickers Hardness (HV) 

A (BCC1) 802 ± 16 

B(Ta-rich) 396 ± 52 

C (BCC2) 670 ± 32  

Overall 773 ± 20  

 

4.4.4 Tribological properties 

 The plots of wear vs. sliding distance of the WMoVCrTa alloy at 30 N and 40 N 

loads are shown in Figure 4.18 (a). The wear depth increased almost linearly with the increase in 

sliding distance at 30 N load. However, at the load of 40N, the wear initially increased almost 

linearly and then increased drastically from the sliding distance of 150 meters to 300 meters. 

After 300 meters of sliding, the calculated total wear volume of WMoVCrTa at 40 N is 3.2 times 

higher than that at 30 N. The wear coefficients of WMoVCrTa at 30 N and 40 N loads are shown 

in Figure 4.18 (b). The figure indicates that the wear coefficient at 40 N is 2.4 times higher 

compared to that at 30 N. Figure 4.18 (c) shows the plots of COF vs. sliding distance of the alloy 

at the loads of 30 N and 40 N. The figure indicates higher COF at higher load. The average 

values of COF at 30 N and 40 N are 0.20 ± 0.02 and 0.28 ± 0.04 respectively. The COF vs 

sliding distance curve of 30 N increased at higher rate than that of 40 N.  

TH-3085_146103005



  

59 

 

0 50 100 150 200 250 300

0

50

100

150

200

W
e
a
r 

(
m

)

Distance (meters)

 WMoVCrTa, 30 N

 WMoVCrTa, 40N

 
(a) 

0.483

1.162

WMoVCrTa

0.0

0.5

1.0

1.5

 

W
e
a
r 

c
o

e
ff

ic
ie

n
t 

(m
m

3
/N

m
)*

1
0

-4  30 N

 40 N

 

50 100 150 200 250 300

0.1

0.2

0.3

0.4

 

 

C
o

e
ff

ic
ie

n
t 

o
f 

F
ri

c
ti

o
n

Sliding Distance (m)

 30 N

 40 N

 

    (b)       (c)  

Figure 4. 18 (a) Wear vs. sliding distance, (b) Wear Coefficients and (c) Coefficient of Friction 

vs. sliding distance plots of the WMoVCrTa RHEA at the loads of 30N and 40 N 

 SEM image of the worn surface of WMoVCrTa alloy shown in Figure 4.19 

reveals wear groove tracks formed due to ploughing action by the abrasives. Cracks and 

delamination were evident on the worn surface at 40 N load. The wear tracks were not 

continuous as the alloy has three different phases (W38Mo35Ta9Cr6V12, W4Mo3V20Cr19Ta54, and 

W9Mo24V21Cr28Ta18) each with different hardness values [Table 4.6]. The hardness values for 

dendritic, Ta-rich and inter-dendritic phases are 802 ± 16 HV, 396 ± 52 HV, and 670 ± 32 HV 

respectively (Table 4.6). The wear directions are shown by dashed arrows in Figure 4.19   
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Figure 4. 19. SEM images of the surface of the WMoVCrTa RHEA worn at loads of (a) 30N and 

(b) 40 N. 

The SEM images of the debris collected after the test at different loads are shown in Figure 4.20 

(a) and (b). The plate-like long and thin chip was evident and is shown by dotted arrow in the 

Figure  4.20  (b).  The   composition    analysis   results   at   the   numbered   regions   in   the  

Table 4. 7 Quantitative analysis of the marked regions on the SEM images of the 

wear surfaces and debris of the RHEA of WMoVCrTa. 

Location W (at. %) Mo V Cr Ta Si 

1 4 ±0.2 5 ±0.2 23 ±0.7 37 ±0.9 2 ±0.2 29 ±0.5 

2 3 ±0.3 4 ±0.2 23 ±0.8 42 ±0.8 2 ±0.3  26 ±0.7 

3 0 0 7 ±0.3 15 ±0.7 0 78 ±0.3 

 

images are shown in Table 4.7. The composition analysis of the debris from location 1 and 2 in   

Figure 4.20 reveals that they are the debris emerged from the RHEA; whereas the large debris 

shown at location 3 indicates that they emerged from the SiC abrasives by fracturing abrasive 

tips during wear test. The atomic percentage of Si in the corresponding large debris is 78% that 

confirms the debris emerged from the SiC abrasive.  
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Figure 4. 20 SEM images of the wear debris of the RHEA of WMoVCrTa worn by the loads of 

(a) 30 N and (b) 40 N and (c) XRD patterns of the debris worn by 40 N 

 The X-ray elemental mapping of the Figure 4.20 (a) is shown in Figure 21. The 

mapping also shows the presence of Si. The XRD pattern of the debris shown in Figure 4.20 (c) 

confirms the presence of SiC particles as per powder diffraction file (pdf reference code 00-001-

1118). The XRD pattern of the debris also reveals presence of two BCC phases: BCC1 and 

BCC2. These phases are confirming to the two BCC phases reported in the as cast WMoVCrTa 

RHEA [23]. The oxide peaks that are generally found in the XRD pattern of the wear debris 

were not evident for the present RHEA indicating no oxidation during the wear test. Oxidation 

has not taken place due to (i) the stability and high melting point of the alloy (Tm = 2849 K) 

determined as per Guo’s criteria [6] and (ii) the low speed of 50 rpm of the disk during the test 
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that does not generate sufficient temperature at 30 or 40 N loads to oxidize the surface of the 

RHEA.   

 

 

 

Figure 4. 21 EDS mappings of the Figure 4. 20 (a) 

The three-dimensional (3-d) morphology and their corresponding top views of the surfaces worn 

at 30 N and 40 N are depicted in Table 4.8. The roughness profiles of the corresponding traced 

surfaces are shown below the top view images. The measures of roughness viz, Rp, Rv, Rz and 

Ra as per ‘ASME B 46.1’ are also presented in the table. Here Ra is the roughness average, Rp is 

the height of the highest profile peak, Rv is the depth of the deepest profile valley, Pt  is the 

profile depth which is the sum of the largest profile peak height and the largest profile valley 

depth of the P profile within the evaluation length and Rzi is the single roughness depth and is 

determined as Rzi= Rp + Rv. Mean roughness depth Rz is the arithmetic mean value of the single 

roughness depths, i.e Rz = 
1

𝑛
 (Rz1 + Rz2 + Rz3…….. Rzn). The Rz values at 30 N and 40 N were 3.87 

and 5.47 microns respectively. The Ra values at 30 N and 40 N were 0.549 and 0.825 microns 
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respectively indicating that the surface roughness average of the RHEA worn at 40N load is ~ 

50% higher than that at 30N.   

Table 4. 8 Profilometry of the worn surfaces of WMoVCrTa alloy at different loads.  

 30 N  40 N  
 
 
 
 
3-d view 
 
 
 

 

 

 

 

 
 
 
 
Top -view 
 
 

 

 

 

 

 
 
 
Roughness 
profile 

 

 

 

 

Rough
-ness 
 (unit-

µm) 

Rp 1.69  2.64 

Rv 2.18 2.83 

Rz 3.87 5.47 

Ra 0.549 0.825 
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4.4.5 Discussion on tribological properties  

 Plots of wear vs. sliding distance for the alloy shown in Figure 4.18 (a) indicate 

that the wear increased with increase in the normal load. This is mainly due to higher ploughing 

action by the abrasive particle on the pin surface. With higher load, the abrasive tips penetrate 

more into the surface of the pin leading to deeper ploughing. This results in higher amount of 

material removal in the form of debris [135]. The SEM images in Figure 4.19 revealed intense 

and deeper wear tracks on the surface subjected to 40 N compared to that at 30 N. Moreover, in 

Table 4.8 the measured mean roughness depth (Rz) value at 40 N is higher than that at 30 N 

indicating more wear at higher load. 

 The trend of drastic increase in the wear for WMoVCrTa alloy at 40 N, after 150 

meters of sliding (Figure 4.18 (a)) is due to the delamination of the surface in addition to 

ploughing [135]. The delamination occurs due to the presence of the micro-cracks on the surface 

as evident in Figure 4.19 (b). The micro-cracks appear near the surface and grow parallel to the 

sliding direction. These cracks reach a critical length and subsequently initiate delamination by 

emerging thin and long plate-like debris (shown by dotted arrow in the SEM image in Figure 

4.20 (b)) that lead to increase in the wear volume. The micro-cracks were not evident on the 

worn surface of the WMoVCrTa tested at 30N shown in Figure 4.19 (a). Figure 4.20 (a) also did 

not reveal any plate-like thin and long chips emerged by surface delamination. The micro-cracks 

were also not evident on the worn surface of the W23Mo23V17Cr8Ta7Fe22 alloy. 

 Figure 4.18 (c) depicts higher COF at higher load compared to that at lower load 

for the alloy. This is due to higher adhesion strength resulting from more contact pressure at 

higher load leading to increase in the surface roughness during wear [124, 125]. The COF 

increases on increasing the surface roughness [31]. The profilometry analysis of the alloy also 

revealed that the roughness average (Ra) value for 40 N is higher than that for 30 N.  
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 Figure 4.18 (c) also revealed that the slope of the COF curves of both 30 N and 

40 N increases at higher rate initially during sliding from 50 to 150 meters in the alloy. This is 

mainly due to the higher surface roughness at initial period [134]. The wear volume is less at 

initial period (from 50 to 150 meter) that indicates insufficient amount of lubricating debris. At 

later period (from 150 to 300 meter) sufficient amount of lubricating debris emerged that filled 

up the regions in between the asperities and reduced their amount resulting in reduction in the 

surface roughness. This slows down the rate of increase of COF at later period. 

4.5 Mechanically alloyed W23Mo23V17Cr8Ta7Fe22 powder 

The powder mixture of W23Mo23V17Cr8Ta7Fe22 was mechanically alloyed up to 48 hours by 

ball milling route to know the extent of alloying. Microstructural characterization and Crystal 

structure determination of the milled powders were carried out by different techniques and the 

results are presented and discussed in the subsequent sections. 

4.5.1 Particle size analysis 

The cumulative particle size distribution plots for the alloy powder of 

W23Mo23V17Cr8Ta7Fe22 after ball milling for various periods are shown in Figure 4.22. The 

median particle sizes (d (0.5)) of the powder mixtures milled for 2, 4, 8, 16, 32 and 48 hours are 

26.1, 23.2, 19.3, 27.6, 25.4 and 20.4 micrometers, respectively. The plot of median particle size 

vs. milling time is shown in Figure 4.23. The figure indicates an initial decrease in the particle 

size during milling up to 8 hours. During milling, the fine powder particles get trapped between 

the high-energy milling balls. As a result, two phenomena occur: (a) plastic deformation with 

simultaneous cold welding of ductile particles and (b) fracturing of brittle particles. The size of 

brittle particles, viz. Mo and W are very coarse compared to the ductile V and Ta particles, 

though the sizes of the starting Cr particles are very fine (Table 3.3). During the initial milling 

period up to 8 hours, rate of fracturing of coarse brittle particles dominates over the rate of 

TH-3085_146103005



  

66 

 

plastic deformation of the ductile particles resulting in decrease in the particle size. However, 

milling beyond 8 hours results in extensive plastic deformation and cold welding of the 

constituent powder particles. This results in increase in particle size till 16 hours of milling. As 

the powder particles continuously deform, work hardening takes place resulting in an increase in 

the brittleness of these milled powders. Milling for 16 hours results in maximum brittleness for 

the powder mixture. With further milling, the fracture phenomenon dominates, resulting in 

continuous decrease in the powder particle size as evident from Figure 4.23.  
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Figure 4. 22 Cumulative particle size distribution curve of the powders milled for 2, 4, 16 

and 48 hours. 
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Figure 4. 23 Milling time vs. median particle size (d (0.5)) plot of the powders milled for 

2, 4, 8, 16, 32 and 48 hours. 

4.5.2 XRD analysis 

Figure 4.24 shows the XRD patterns obtained for the powder mixture of 

W23Mo23V17Cr8Ta7Fe22 after milling for various periods. The XRD plot for unmilled (0 hours) 

powder mixture reveals very sharp peaks corresponding to reflections from planes of W, Mo, 
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and Ta. The intensities of reflections from the planes of Cr were very weak. The intensities of 

reflections from the planes of V and Fe were not visible. This is due to the low atomic weight of 

the above elements as compared to other elements (W, Mo, and Ta) in the powder mixture [128]. 

On progressive milling, the intensity of the peaks from the reflections of the planes of W, Mo, 

and Ta decreased continuously. The peaks corresponding to the reflections from the planes of Ta 

show a shift to the left after 2 hours of milling. The Ta peaks disappeared after 32 hours of 

milling, indicating complete solubility of Ta in solid solution. The small peaks corresponding to 

reflections from the planes of Cr (at 2 = 44°) disappeared completely after milling the powder 

for 48 hours. Only four diffraction peaks were evident after ball milling for 32 hours.  
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Figure 4. 24 XRD patterns of powder mixtures after various milling periods           

Continuous Peak broadening was observed on progressive milling due to the crystallite 

size reduction and lattice strain in the milled powder [115]. Milling for 48 hours resulted in 

further peak broadening and disappearance of the peak corresponding to the 2θ of 87.4°, which 

was evident in the diffraction pattern of 32 hours milled powder. Analysis of the three diffraction 

peaks obtained from the 48 hours milled powder revealed that they correspond to reflections 

from (110), (200) and (211) planes of a BCC crystal with inter-planar spacings of 2.23 Å, 1.57 
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Å, and 1.28 Å, respectively. The average lattice parameter of the BCC crystal was determined as 

3.143 Å.  

 

4.5.3 TEM analysis 

TEM investigation was carried out to further confirm the crystal structure of the 

mechanically alloyed powder mixture of W23Mo23V17Cr8Ta7Fe22. Figure 4.25 shows (a) bright-

field TEM image and (b) corresponding selected area electron diffraction (SAED) patterns of the 

48 hours milled powder mixture. The concentric rings, along with bright spots in the SAED 

pattern indicate polycrystalline structure [119]. Analysis of the SAED pattern reveals that the 

concentric rings correspond to reflections from (110), (200), and (211) planes of the BCC 

structure. The inter-planar spacing (dhkl values) of the corresponding BCC planes were evaluated 

and are shown in Table 4.9. Results of TEM-SAED analysis revealed that milling for 48 hours 

results in a homogeneous single-phase alloy powder with a BCC structure having lattice 

parameter of 3.140 Å which is in good accordance with the XRD results.  

The HRTEM image of the powder milled for 48 hours is shown in Figure 4.26 (a). For 

the corresponding IFFT image and line profile in Figure 4.26 (b) and (c), the inter-planar spacing 

(d) of (110) plane was found to be 2.54Å which is close to the values for BCC structure obtained 

from the XRD results.    

Table 4. 9 The dhkl values obtained from SAED analysis corresponding to different planes 

of BCC crystal of 48 hours milled powder of W23Mo23V17Cr8Ta7Fe22. 

 

planes 2 (°) dhkl (Å) 

(110) 42.58 2.124 

(200) 57.64 1.602 

(211) 71.906 1.312 
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(a) (b) 

Figure 4. 25 (a) Bright Field TEM image of the marked particle and (b) SAED patterns of 

the corresponding particle of 48 hours milled powder of W23Mo23V17Cr8Ta7Fe22. 

 

    

(a) (b) 

 

(c) 

Figure 4. 26 (a) HRTEM image, (b) IFFT image of the selected region in corresponding 

HRTEM image and (c) line profile of the IFFT image of 48 hours milled powder of 

W23Mo23V17Cr8Ta7Fe22. 

 

D=2.54A°, BCC, (110) 

 

z= [001] 
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4.5.4 SEM and EDX analysis 

Field emission scanning electron (SEM) micrographs of W23Mo23V17Cr8Ta7Fe22 powder 

mixture after milling for various hours are shown in Figure 4.27. The powder particles undergo 

morphological changes during the milling process. The powder particles show irregular 

morphology after 2 and 4 hours of milling (Figure 4.27 (a) and (b)). After 48 hours of milling, 

the powder particles were very fine with morphology almost similar to equiaxed powders. The  

(b)(a)

(f)(e)(d)

(c)

 
Figure 4. 27 SEM micrographs of the powder mixture of W-Mo-V-Cr-Ta-Fe after (a) 2 

hours (b) 4 hours, (c) 8hours, (d) 16 hours, (e) 32 hours, and (f) 48 hours of milling.  

 

average sizes of powder mixture milled for various hours determined from the electron 

micrographs show the same trend as in Figure 4.23. Observation of the morphology of 2 and 16 

hours milled powder by SEM shows agglomeration of powder particles. The fracture and 

reduction in the size of the powder particles are evident from the micrographs of 32 and 48 hours 

milled powder (Figure 4.27 (e) and (f)). 

EDS spectrums of the powders milled for various hours is shown in Figure 4.28. The 

quantitative analysis of chemical compositions determined by EDS (taking average of four 

different areas) of the powder mixtures milled for 4, 32, and 48 hours are depicted in Table4.10. 
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The atomic percentages of the elements in the 48 hours milled powder are equivalent to that of 

the starting powder mixture.  

  

(a) (b) 

 

(c) 

Figure 4. 28 The quantitative analysis of EDS spectra of powder mixtures milled for (a) 4 

hours (b) 32 hours and (c) 48 hours.  

 

Table 4. 10 Quantitative analysis of chemical compositions in milled powder mixtures. 

Mill time 

(hour) 

W  

(at. %) 

Mo  

(at. %) 

V  

(at. %) 

Cr  

(at. %) 

Ta  

(at. %) 

Fe 

(at. %) 

4 23 ±0.8 27 ±0.9 37 ±0.9 6 ±0.8 6 ±0.9 1 ±0.5 

32 25 ±0.7 27 ±0.8 20 ±0.8 9 ±0.7 8 ±0.9 11 ±0.5 

48 23 ±0.8 23 ±0.5 17 ±0.7 8 ±0.9 7 ±0.5 22 ±0.8 
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4.6 Arc melted W23Mo23V17Cr8Ta7Fe22 alloy 

The alloy powder of W23Mo23V17Cr8Ta7Fe22 was consolidated by cold compaction and 

subsequent arc melting to fabricate the alloy ingots. The following section shows the 

characterization of such ingots by illustrating their structure (crystal structure and 

microstructure) and properties (mechanical and tribological) investigated by various techniques. 

4.6.1 SEM and EDX analysis 

Figure 4.29 depicts the optical micrographs of the arc melted alloy of 

W23Mo23V17Cr8Ta7Fe22. The figure reveals three different phases labeled A, B, and C. The 

percentage area of phases A, B, and C are 76, 4 and 20, respectively. SEM micrograph using 

backscattered detector is shown in Figure 4.30 (a). The micrograph reveals dendritic grains 

(phase A), interdendritic segregation (Phase C), and the black spherical phase (Phase B). EDS 

spectra of phases marked A, B, and C in Figure 4.30 (b) are shown in Figure 4.30 (c), (d), and 

(e), respectively. Table 4.11 presents the result of the quantitative EDS analysis for the three 

phases. Hence from the table, the Phases A, B and C can be named as W56Mo35V1Fe8, 

W1Mo1V57Cr24Ta7Fe10 and W12Mo30Cr2Fe56 phases. From Equation 4 in Section 2.3, the melting 

temperatures of phases A, B and C were determined as 3227°C, 2294°C, and 2216°C, 

respectively. During cooling from the molten state, the first part to solidify is Phase A followed 

by Phase B. The final stage of solidification is formation of Phase C at the interdendritic regions. 

Molybdenum and Tungsten have almost same atomic size (1.39 Å) and excellent chemical 

affinity [129, 130]. Thus, they prefer to form substitutional solid solution that makes phase A 

rich in W and Mo (Table 4.11). The formation of early Phase A resulted in the consumption of 

major amounts of W and Mo.  

W and Mo were almost negligible in Phase B whereas the fraction of V, Cr, and Ta in 

phase C was marginal. From Midemma’s table of binary enthalpy of mixing shown in Table 2.3, 

V-Cr has a higher negative binary enthalpy of mixing. In addition, the melting points of these 
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elements are almost similar and the atomic size difference is very small. All the above reasons 

enable V and Cr to form phase B. The binary enthalpy of mixing of V-Mo, V-W, Cr-Mo and Cr-

W are more positive that makes phase B (rich in V and Cr) depleted in W and Mo and phase A 

(rich in W and Mo) depleted in V and Cr. The elements Ta and Fe are present in small quantities 

in phase B as the binary enthalpy of mixing of Cr-Ta and V-Fe are more negative (Table 2.3).  

 
    (a) (b) 

Figure 4. 29 Microstructure of the arc melted RHEA of W23Mo23V17Cr8Ta7Fe22 by Light 

microscope at magnification of (a) 20x and (b) 100x.  

 

Phase C was found to be rich in Fe (56 atomic %) with 12 atomic % of W and 30 atomic % of 

Mo. Though Ta has large negative binary enthalpies of mixing with all other constituents except 

W, it is absent in Phase A and C due to its large atomic size compared with other elements. The 

density for the alloy was obtained as 12.54 g/cm. 

Table 4. 11 Chemical compositions of various phases in the cast RHEA of 

W23Mo23V17Cr8Ta7Fe22  

 

Elements W (at.%) Mo (at.%) V (at.%) Cr (at.%) Ta (at.%) Fe (at.%) 

Phase A 56 ±0.8 35 ±0.6 1 ±0.7 0 ±0.7 0 8 ±0.8 

Phase B 1 ±0.9 1 ±0.8 57 ±0.8 24 ±0.8 7 ±0.2 10 ±0.8 

Phase C 12 ±0.8 30 ±0.9 0 ±0.9 2 ±0.6 0 56 ±0.9 

 

A 

B 

C 
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Phase A, 
Dendritic

Phase C, Interdendritic
Phase B

 

 

(a) (b) 

   
(c) (d) (e) 

 

Figure 4. 30 Micrograph of the arc melted RHEA of W23Mo23V17Cr8Ta7Fe22 by SEM in 

(a) HDBSD mode and (b) INLENS mode for chemical composition analysis and (c), (d), 

(e) are EDX spectra of phase A, phase C and phase B respectively marked in the 

micrograph in (b).  

 

4.6.2 XRD analysis 

The XRD patterns of 48 hours milled powder and arc melted alloy of W23Mo23V17Cr8Ta7Fe22 are 

presented in Figure 4.31. Analysis revealed the formation of three different phases in the arc 

melted sample where two correspond to BCC structure and the third to an intermetallic phase. 

From the XRD patterns, the peaks at 2 of 40.6°, 58.6°, 73.9°, 88.0° were identified as 

corresponding to reflections from body-centered cubic structure (BCC1 phase). The above 2 

values are similar to that of the elemental W and/or Mo with the small peak shift. Hence these 

reflections are emerging from planes of Phase A of the alloy which contains W and Mo in major 

A 

B 

C 
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proportions (Table 4.11). Similar BCC phases were also observed in HEAs with W and Mo [9, 

116 and 117]. The reflections from the planes of (110), (200), (211), and (220) for the 

corresponding BCC1 phase are labeled in Figure 4.31. The BCC1 peak positions of the arc 

melted sample were found to be shifted to the right compared to the BCC peak positions of the 

48 hours milled powder. The lattice parameter for the BCC1 phase of the arc melted alloy was 

determined as 3.135 Å whereas the corresponding value for the BCC phase of the 48 hours 

milled powder was 3.143 Å indicating a lattice contraction of 0.25%.  
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Figure 4. 31 XRD patterns of the 48 hours milled powder and the arc melted RHEA of 

W23Mo23V17Cr8Ta7Fe22  

Analysis of XRD peaks at 2 values of 43.7°, 67.3°, and 80.4° of the arc melted alloy 

revealed a second body-centered cubic phase (BCC2 phase). The corresponding peak patterns 

are similar to that of the elemental Fe and thus they are regarded as the reflections emerging 

from different planes of Phase C in Figure 4.30 (a) as Fe is the major element of this phase 

(Table 4.11). The lattice parameter of the BCC2 phase was determined as 2.860 Å. 

 Few residual peaks with very small intensity found at 2 = 37.7°, 46.5°, 53.2°, 55.6°, and 

69.9° were unable to match with the standard BCC, FCC or HCP patterns; hence they are 
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presumed to be of an intermetallic phase. From the EDS analysis in Figure 4.30 (d), this 

intermetallic phase is regarded as Phase B containing Cr and V as major elements with small 

amount of Ta and Fe. Since the peak intensities from this phase are very weak, proper indexing 

and crystal structure determination could not be carried out. 

4.6.3 Mechanical properties  

Engineering stress vs engineering strain plots of W23Mo23V17Cr8Ta7Fe22 RHEA at 

various temperatures were obtained from the uniaxial compression test data. The typical 

engineering stress-strain plots of W23Mo23V17Cr8Ta7Fe22 alloy at four different temperatures are 

shown in Figure 4.32. The plot results are shown in Table 4.12. At 25° C, the yield stress of the 

alloy was 1688 ± 31 MPa at a strain of 7.1 ± 0.27%. The ultimate compressive stress at this 

temperature was 1708 ± 28 MPa at a strain of 7.3 ± 0.22 %. At 800° C, the yield stress of the 

alloy was 1041 ± 29 MPa at a strain of 9.1 ± 0.34 %. At this temperature the alloy fractures 

immediately after reaching the yield point indicating only a very small amount of plastic 

deformation due to small strain hardening region. At 1000° C, the yield stress of the alloy 

increased drastically to 1514 ± 24 MPa at a strain of 8.3 ± 0.14 %. The corresponding ultimate 

compressive stress was 1749 ± 26 MPa at 10.6 ± 0.17 % strain. It is to be noted that 89.7 % of 

the room temperature yield strength of the RHEA is retained at 1000 °C. The yield stress and the 

yield strain of the present alloy at high temperatures are higher than the values reported for other 

RHEAs [9, 29]. It can be observed that the yield stress of W23Mo23V17Cr8Ta7Fe22 alloy increases 

with an increase in temperature between 800° C to 1000° C showing a yield stress anomaly 

(YSA) [120, 121, 122, 123].  

The high compressive strengths at temperatures up to 1000° C are attributed to (a) 

presence of strong BCC solid solution phase A consisting of high melting point elements such as 

W and Mo as major constituents with a small amount of Fe, (b) presence of intermetallic phase 

B at grain boundary regions that impede deformation, and (c) severe lattice distortion effect [5] 
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in the alloy. Though room temperature compressive yield strength of the present alloy is lower 

than some RHEAs [29 and 131], the superior yield strain exhibited by this alloy than those 

RHEAs at elevated temperatures is advantageous for high-temperature applications [29 and 

131]. The alloy softens drastically when exposed to 1200° C resulting in very low ultimate 

compressive strength (57 ± 11 MPa). The softening occurred due to the phase C containing high 

amount of Fe. But this phase is also responsible for good strain values obtained for the alloy. 

Hence tailoring the Fe content may increase the temperature range of the corresponding alloy 

with high strength and good strain. 
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Figure 4. 32 Compressive engineering stress-strain curves of the W23Mo23V17Cr8Ta7Fe22 

alloy at different temperatures.   

By comparing with the equiatomic WMoVCrTa alloy, the yield strength and yield strain 

of the W23Mo23V17Cr8Ta7Fe22 alloy at 1000 °C, are respectively about 1.9 and 1.6 times higher 

than that of the WMoVCrTa alloy. The results indicate that the equiatomic WMoVCrTa alloy 

can be utilized for applications till 1200 °C whereas the W23Mo23V17Cr8Ta7Fe22 alloy can be 

used up to 1000 °C.  SEM fractographs of the W23Mo23V17Cr8Ta7Fe22 alloy after testing at room 

temperature and 1000 °C are shown in Figure 4.33 (a) and (b), respectively. The features of the 
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Table 4. 12 Results of compression test of W23Mo23V17Cr8Ta7Fe22 RHEA. 

Test 

Temp.(°C) 

Yield stress 

(MPa) 

Yield strain 

 (%) 

Ultimate stress 

(MPa) 

Ultimate strain 

(%) 

25  1688 ± 31 7.1 ± 0.27 1708 ± 28 7.3 ± 0.22 

800 1041 ± 29 9.1 ± 0.34 1041 ± 20 9.1 ± 0.30 

1000 1514 ± 24 8.3 ± 0.14 1749 ± 26 10.6 ± 0.17 

1200 ---- ---- 57 ± 11 0.8 ± 0.12 

 

sample tested at room temperature show intergranular failure. From the fracture features of the 

sample tested at 1000 °C, it appears that the sample has deformed plastically before failure.  

 

  
(a) (b) 

Figure 4. 33 SEM micrographs of fracture surfaces of the W23Mo23V17Cr8Ta7Fe22 alloy at 

(a) room temperature and (b) 1000° C.  

 

The hardness of the alloy was determined by Vickers Hardness Tester and the top view 

of the hardness indent is shown in Figure 4.34. The overall room temperature hardness of the 

W23Mo23V17Cr8Ta7Fe22 alloy is 800 ± 20 HV. However, the overall room temperature hardness 

of the WMoVCrTa alloy ingot was 773 ± 20 HV [23]. The results of compression and hardness 

tests reveal that alloying with Fe increases the strength and hardness of W-Mo-V-Cr-Ta HEA.   
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Figure 4. 34 Top view of the hardness indent of W23Mo23V17Cr8Ta7Fe22 alloy. 

 

4.6.4 Tribological properties    

 The plots of wear vs. sliding distance of the W23Mo23V17Cr8Ta7Fe22 alloy at 30 N 

and 40 N loads are shown in Figure 4. 35 (a). The wear depth increased almost linearly with the 

increase in sliding distance at both the loads. However, at the load of 40N, the wear increased at 

higher rate than that at 30 N. After 300 meters of sliding, the calculated total wear volume of 

W23Mo23V17Cr8Ta7Fe22 at 40 N is 1.5 times higher than that at 30 N. The wear coefficients of 

W23Mo23V17Cr8Ta7Fe22 at 30 N and 40 N loads are shown in Figure 4.35 (b). The figure 

indicates that the wear coefficient at 40 N is 1.1 times higher compared to that at 30 N. Figure 4. 

35 (c) shows the plots of COF vs. sliding distance of the alloy at the loads of 30 N and 40 N. The 

figure indicates higher COF at higher load. The average values of COF at 30 N and 40 N are 

0.32 ± 0.02 and 0.37 ± 0.02, respectively. The COF vs sliding distance curve of 30 N increased 

at higher rate than that of 40 N.  

TH-3085_146103005



  

80 

 

0 50 100 150 200 250 300
0

20

40

60

80

 

W
e

a
r 

(
m

)

Distance (meters)

 W23Mo23V17Cr8Ta7Fe22, 30N

 W23Mo23V17Cr8Ta7Fe22, 40N

 

(a) 

0.359

0.392

W23Mo23V17Cr8Ta7Fe22
0.0

0.5
 

W
e

a
r 

c
o

e
ff

ic
ie

n
t 

(m
m

3
/N

m
)*

1
0

-4

 30 N

 40 N

 
50 100 150 200 250 300

0.20

0.25

0.30

0.35

0.40

0.45

 

 

C
o

e
ff

ic
ie

n
t 

o
f 

fr
ic

ti
o

n

Distance (m)

 30 N

 40 N

 

                               (b)            (c)  

Figure 4. 35 (a) Wear vs. sliding distance, (b) Wear Coefficient and (c) Coefficient of Friction 

vs. sliding distance plots of the W23Mo23V17Cr8Ta7Fe22 RHEA at the loads of 30N and 40 N. 

 SEM image of the worn surface of the alloy shown in Figure 4.36 reveals wear 

grooves formed due to ploughing action by the abrasives. The wear tracks were not continuous 

as the alloy has three different phases (W56Mo35V1Fe8, W1Mo1V57Cr24Ta7Fe10 and 

W12Mo30Cr2Fe56). The wear directions are shown by dashed arrows in Figure 4.36. The micro-

cracks were not evident on the worn surface of the alloy. 
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       (a) 30 N       (b) 40 N 

Figure 4. 36 SEM images of the surface of the W23Mo23V17Cr8Ta7Fe22 alloy after wear by the 

loads of (a) 30N and (b) 40 N. 

 The SEM images of the debris collected after the test at different loads are shown 

in Figure 4.37 (a) and (b) and their composition analysis results at the numbered regions are 

shown in Table 4.13. The composition analysis at location 1 and 2 in Figure 4.37 revealed that 

they are the debris that emerged from the RHEA. The large debris shown by solid arrows in the 

images were identified as SiC. The X-ray elemental mapping of the Figure 4.37 (a) is shown in 

Figure 4.38. The mapping also shows the presence of Si. The XRD pattern of the debris shown 

in Figure 4.37 (c) confirms the presence of SiC particles. The XRD pattern of the debris also 

reveals presence of two BCC phases: BCC1 and BCC2. These phases are confirming to the two 

BCC phases reported in the as cast W23Mo23V17Cr8Ta7Fe22 RHEA [132]. Oxide peaks were 

absent in the XRD pattern of the debris.  

 The three-dimensional (3-d) morphology and their corresponding top views of the 

surfaces worn at 30 N and 40 N loads are depicted in Table 4.14. The roughness profiles of the 

corresponding traced surfaces are shown below the top view images. The measurement of the 

roughness profiles determines that the Rz values for 30 N and 40 N are 3.87 and 5.11 microns 

respectively. The Ra values at 30 N and 40 N were 0.444 and 0.614 microns respectively 

Abrasive wear tracks 
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indicating that the surface roughness average of the RHEA worn at 40N load is ~ 38% higher 

than that at 30N.    
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Figure 4. 37 SEM images of the wear debris of the RHEA of W23Mo23V17Cr8Ta7Fe22 after wear 

by the loads of (a) 30 N and (b) 40 N and (c) XRD patterns of the debris worn by 40 N 
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Figure 4. 38 EDS mappings of Figure 4. 1 (a) 

 

 

 

Table 4. 13 Quantitative analysis of the marked regions on the SEM images of 

the wear surfaces and debris of the RHEA of W23Mo23V17Cr8Ta7Fe22. 

Location W (at. %) Mo V Cr Ta Fe Si 

1 5 ±0.3 4 ±0.8 22 ±0.7 49 ±0.5 1 ± 0.3 13 ±0.6 6 ±0.8 

2 9 ±0.4 7 ±0.7 21 ±0.6 38 ±0.8 0 12 ±0.5 13 ±0.7 
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Table 4. 14. Profilometry of the surface of the W23Mo23V17Cr8Ta7Fe22 alloy after wear by 

different loads. 

 30 N  40 N  

 
 
 
 
3-d view 
 
 
 

 

 

 

 
 
 
 
Top -view 
 
 

 
 

 
 
 
Roughness 
profile 

 
 

Roug
h-

ness 
(unit-
µm) 

Rp 1.86  2.66 

Rv 2.00 2.44 

Rz 3.87 5.11 

Ra 0.444 0.614 

 

 4.7 Mechanically alloyed Al10(FeCoNiCu)90 powder  

The powder mixture of Al10(FeCoNiCu)90 was mechanically alloyed up to 80 hours by ball 

milling route to know the extent of alloying. Microstructural characterization and Crystal 

structure determination of the milled powders were carried out by different techniques and the 

results are presented and discussed in the subsequent sections. 
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4.7.1 Particle size analysis 

The powder mixtures milled after different hours were analyzed for particle size by Laser 

particle size analyzer and their cumulative particle size distribution curves are shown in Figure 

4.39 (a). From these curves the median particle size (d (0.5)) values were obtained. The median 

particle size of powders milled for 4, 8, 16, 32 and 80 hours were obtained as 53.6 µm, 45.7 µm, 

28.9 µm, 20.3 µm, and 20.6 µm respectively. The milling time vs. median particle size plot is 

shown in Figure 4.39 (b). The plot shows that the size of the powder particles decreases rapidly 

till 16 hours of milling. This is due to the high rate of fragmentation of the powder particles at 

the initial stage of milling [133]. Later the rate of fragmentation was slower from 16 to 32 hours 

of milling. Small variation in the particle size was observed between 32 hours and 80 hours 

milled powders due to the saturation of the milling process [133].  
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Figure 4. 39. (a) Cumulative Particle size distribution curves of 4, 16, 32 and 80 hours 

milled Al10(FeCoNiCu)90 powder mixtures and (b) Milling time vs median particle size 
plot of the Al10(FeCoNiCu)90 powder mixtures milled after 4, 8, 16, 32 and 80 hours. 
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4.7.2 SEM analysis  

Figure 4.40 shows the SEM micrographs and corresponding EDS analysis of Al10(FeCoNiCu)90 

powder mixture for (a) 8 hours, (b) 32 hours and (c) 80 hours of milling.  

 
 

(a) (b) 

 
 

(c) (d) 

 

 

(e) (f) 

Figure 4. 40. SEM micrographs and corresponding EDS analysis of Al10(FeCoNiCu)90 
powder mixture for (a) 8 hours, (b) 32 hours and (c) 80 hours of milling. 
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The EDS result indicates that the atomic percentages of the elements in the 80 hours milled 

powder mixture are nearly equal to that of the starting powder mixture. The EDS mapping result 

of the powder mixture after milling for 80 hours is shown in Figure 4.41. The result indicates a 

homogeneous distribution of all the constituent elements in the powder mixture. The 

concentration of Al in the mapping result is seen to be lesser than other elements due to the less 

addition of the Al powder (10 at.%) in the starting powder mixture. 

 

 
  

   

Figure 4. 41. Energy Dispersive Spectroscopy (EDS) map of 80 hours milled 

Al10(FeCoNiCu)90 powder. 

4.7.3 XRD analysis  

The powder mixtures milled for various hours were analyzed for crystal structure by XRD 

technique and their patterns are shown in Figure 4.42. The XRD patterns for the starting powder 

mixture (0 hours milled) show sharp peak intensities corresponding to the reflections from the 

planes of Al, Fe, Co, Ni and Cu. At the initial stage of milling, from 4 hours to 16 hours, the 

peak intensity of Ni was increased and all other elemental peak intensity were decreased which 

indicates that the elemental peaks merge into Ni peaks. After 32 hours of milling, the Ni peaks 
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shifted to the lower angle indicating lattice expansion in Ni. Due to progressive milling, more 

elements accommodate into basic Ni lattice which has close packed FCC structure, hence 

causing lattice expansion.  
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Figure 4. 42. XRD patterns of the Al10(FeCoNiCu)90 powder. 

The XRD peak position analysis of 32 hours milled powder confirms two different FCC 

phases as their peak patterns are in accordance with the standard FCC peak pattern. The two 

phases are named as FCC1 and FCC2 shown in Figure 4.42. FCC phases were formed in the 

milled powder due to the quantity of Al added, i.e. 10 atomic % in the starting powder mixture 

[5]. Milling duration was extended up to 80 hours to get more homogeneous and single phase 

mixture but FCC2 phase was still retained after 80 hours of milling and became more prominent. 

The phase fractions of FCC1 and FCC2 phases from the XRD pattern of 80 hours milled powder 

were calculated to be 72% and 18% respectively. After 64 hours and 80 hours of milling, only 

peak broadening was observed in FCC peaks without any peak shift. After 80 hours of milling, 

the inter-planar spacings determined for the FCC1 phase corresponding to the reflection from the 
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planes of (111), (200), (220) and (311) were 2.06 Å, 1.81 Å, 1.27 Å and 1.09 Å respectively. 

The lattice parameter of the FCC1 phase was obtained as 3.60 Å. The inter-planar spacings 

obtained after milling for 80 hours for the FCC2 phase corresponding to the reflection from the 

planes of (111), (200) and (311) were 2.98 Å, 2.58 Å and 1.60 Å respectively. The lattice 

parameter of the FCC2 phase was obtained as 5.21 Å. 

4.7.4 TEM analysis  

Figure 4.43 shows (a) Bright Field TEM image, (b) Dark Field TEM image and (c) 

SAED patterns of the marked particle in bright and dark field images (d) HRTEM image, and (e) 

IFFT image and corresponding line profile of the selected region in HRTEM image in 80 hours 

milled Al10(FeCoNiCu)90 powder. In the bright field TEM image the regions with heavier atoms 

were seen darker as the heavier atoms scatter electrons more intensely than lighter atoms. In the 

dark field TEM image the regions with heavier atoms were brighter. The powder samples were 

strongly diffracted as they appear darker in the bright field mode and brighter in the dark field 

mode; hence the milled powders are more crystalline. The bright spots in the concentric rings of 

the SAED patterns also indicate that the powder is polycrystalline. The SAED patterns were 

analyzed using ImageJ software for indexing the rings. Two FCC phases were confirmed from 

SAED analysis. Four rings were identified as corresponding to the (111), (200), (220) and (311) 

planes of the FCC1 phase. Two rings were also identified as (111), (200) planes of the FCC2 

phase whose d values are given in next paragraph. The inter-planar spacings for (111), (200), 

(220) and (311) planes of FCC1 phase obtained by TEM analysis are 2.10Å, 1.76Å, 1.27Å and 

1.11Å respectively. The corresponding inter-planar spacings for (111), (200), (220) and (311) 

planes of FCC1 phase obtained from XRD analysis were 2.06Å, 1.81Å, 1.27Å and 1.09Å 

respectively. SAED analysis revealed the lattice parameter of the FCC1 phase as 3.589Å of the 

80 hours milled powder. Similar lattice parameter (3.60 Å) for the FCC1 phase was also 

obtained from XRD analysis. The HRTEM image in Figure 4.43 (d)  shows that  the inter-planar  
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(d) (e) 

Figure 4.43 (a) Bright Field TEM image, (b) Dark Field TEM image and (c) SAED 

patterns of the marked particle in bright and dark field images (d) HRTEM image, and (e) 

IFFT image and corresponding line profile of the selected region in HRTEM image in 80 

hours milled Al10(FeCoNiCu)90 powder.  

D=2.24, FCC1, (111) 

D=2.99, FCC 2, (111) 
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spacing is 2.24 Å, hence it corresponds to (111) plane of the FCC1 phase as the result is 

coincident with above SAED results.  

The inter-planar spacings for (111) and (200) planes of the FCC2 phase obtained by 

SAED analysis are 3.02Å and 2.61Å respectively. The corresponding inter-planar spacings for 

(111) and (200) planes of the FCC2 phase obtained from XRD analysis were 2.98Å and 2.58Å 

respectively. SAED analysis revealed the lattice parameter of the FCC2 phase as 5.22Å for 80 

hours milled powder. Similar lattice parameter (5.21 Å) for the FCC2 phase was also obtained 

from XRD analysis. Hence the XRD results are in well agreement with the TEM results. The 

HRTEM image in Figure 4.43 (d) shows that the inter-planar spacing is 2.99 Å, hence it 

corresponds to (111) plane of the FCC2 phase as the result is coincident with above SAED 

results. The above results confirm that both FCC1 and FCC2 crystals are adjacently present in a 

single nanoparticle. 

4.8 Arc melted Al10(FeCoNiCu)90 alloy  

The alloy powder of Al10(FeCoNiCu)90 was consolidated by cold compaction and 

subsequent sintering to fabricate the alloy ingots. The following section shows the 

characterization of such ingots by illustrating their structure (crystal structure and 

microstructure) and properties (mechanical and tribological) investigated by various techniques.  

4.8.1 SEM and EDX analysis 

The SEM micrograph of the Al10(FeCoNiCu)90 alloy ingot is shown in Figure 4.44 (a). 

The magnified image of the rectangular portion in the SEM micrograph is shown in Figure 4.44 

(b) that indicates the spinodal decomposition (white) on the parent phase (black). The figure also 

shows that the spinodal decomposition is appeared evenly in entire region of the alloy ingot. The 

spinodal phase is regarded as the phase with small difference in composition but must contain 

similar crystal structure as that of the parent phase [93].   
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(a)       (b) 

 

(c) 

      

   (d)         (e) 

Figure 4. 44. (a) SEM micrograph by SE2 mode, (b) magnified image of the rectangle 

portion in the SEM micrograph, (c) High magnification SEM micrograph by In-Lens 

mode, and (d and e) EDS analysis of the high magnification SEM micrograph of the alloy 

ingot. 
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The high magnification SEM image is shown in Figure 4. 44 (c) and the corresponding 

EDS analysis are shown in Figure 4.44 (d) and (e) that determines the composition of the 

spinodal and parent phases. The chemical compositions of those phases (by taking average of 5 

readings) in the alloy ingot of Al10(FeCoNiCu)90 are shown in the Table 4.15. The atomic % of 

Co in the spinodal and the parent phases are almost equal. The atomic % of Fe in the spinodal 

phase is quite lower than that of the parent phase. 

Table 4. 15. Chemical composition of different phases in the alloy ingot.   

Phases Co (at. %) Cu (at. %) Ni (at. %) Fe (at. %) Al (at. %) 

Parent 30 ±0.7 25 ±0.8 21 ±0.5 12 ±0.7 12 ±0.9 

Spinodal 28 ±0.5 18 ±0.7 27 ±0.7 6 ±0.2 21 ±1.1 

 

4.8.2 XRD analysis 

XRD pattern of the Al10(FeCoNiCu)90 alloy ingot is shown in Figure 4.45. XRD analysis 

could reveal only a single FCC crystal structure for the alloy ingot. This is due to the spinodal 

decomposition on the parent phase. The spinodal phase mostly possesses analogous crystal 

structure as that of the parent phase [93]. The lattice parameter of the spinodal phase may be 

very similar to the parent phase for which the peaks get overlapped and could not be 

distinguished in XRD analysis. A similar result was also seen in Al0.4CoCrCuFeNi HEA where 

the cast alloy revealed two FCC phases with very similar lattice parameters [24]. In the present 

alloy, except Cu-based binary pairs, all other constituent binary pairs have small enthalpy of 

mixing and excellent mutual solid solubility [31]. Hence initial ball milling led to the 

preliminary diffusion of Cu with other powder particles by maximizing the contact and diffusion 

areas between particles and enhanced the solid solubility of Cu with other elements that aided to 
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form FCC phase in the alloy ingot without forming any elemental rich (example: Cu-rich or Al-

rich) intermetallic or compound phases [22, 93, 134].  

Five apparent FCC peaks were obtained in the XRD pattern of the alloy ingot shown in 

Figure 4.45. The inter-planar spacings corresponding to the reflections from the planes of (111), 

(200), (220) (311) and (222) of the FCC lattice are 2.09Å, 1.81Å, 1.28Å, 1.09Å and 1.04Å 

respectively. The lattice parameter of the corresponding FCC phase was found to be 3.66 Å. 

However, the lattice parameter of the FCC1 phase of the 80 hours milled powder obtained from 

the XRD analysis was 3.60 Å. Hence slight lattice expansion was evident in the alloy ingot due 

to the internal stress release of the crystal lattice of the milled powder after sintering [5, 93].  
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               Figure 4. 45. XRD analysis of the Al10(FeCoNiCu)90 alloy ingot. 

 

4.8.3 Mechanical properties 

The uni-axial compression test of the cylindrical samples cut from the alloy ingots were 

performed at room temperature. The engineering compressive stress-strain graph is shown in 

Figure 4.46. From the graph, the 0.2% offset yield stress of the sample was achieved as high as 

308 ± 17 MPa. The compressive stress at 40% strain of the sample was obtained as 1406 ± 38 

MPa. During fabrication of the alloy ingot, atoms of each constituent elements act as solute 
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which randomly acquires different lattice sites in a crystal lattice. Different atoms in a lattice 

have different sizes and thus lattice are strained which results in the lattice distortion [5]. The Al 

atom has the largest atomic diameter among all the constituent atoms in the present alloy ingot 

that makes the lattice of the alloy severely distorted. Different bonding energies among atoms of 

different constituents also add distortion in the crystal lattice of the HEA [5]. High strength is 

hence due to solid solution strengthening as severe distortion occurs in alloy lattice due to big Al 

atoms (metallic radii is highest= 143pm), which as a result inhibits dislocation movement [5]. 

During compression test, the sample finally turned to a coin shape without any failure, indicating 

high ductility.  
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Figure 4. 46 Engineering compressive stress-strain curve of the Al10(FeCoNiCu)90 alloy. 

 

The overall hardness of the alloy ingot was obtained by taking the average Vickers 

hardness result of 10 readings with a load of 500 gram-force for 15 seconds and the 

corresponding value is 160 ± 14 HV0.5. The density of the alloy ingot was measured by the 

Archimedes principle by taking water as a medium and the corresponding value is 7.7 g/cm3.  

4.8.4 Tribological properties    

The plots of wear vs. sliding distance of the (Al)10(FeCoNiCu)90 at 30 N and 40 N loads 

are shown in Figure 4.47 (a). The wear depth of the alloy increased almost linearly with the 
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increase in sliding distance for both loading conditions. After 300 meters of sliding, the 

calculated total wear volume of the alloy at 40 N load was nearly 2 times higher than that at 30 

N. The wear coefficients of the alloy at 30 N and 40 N loads are shown in Figure 4.47 (b). The 

figure indicates that the wear coefficient at 40 N is 1.07 times higher compared to that at 30 N. 
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Figure 4. 47 (a) Wear vs. sliding distance, (b) Wear Coefficient and (c) Coefficient of   Friction 

vs. sliding distance plots of the (Al)10(FeCoNiCu)90 RHEA at the loads of 30N and 40 N. 

Figure 4.47 (c) shows the plots of COF vs. sliding distance of the alloy at the loads of 30 

N and 40 N. The figure indicates higher COF at higher load. The average values of COF at 30 N 

and 40 N are 0.28 ± 0.009 and 0.31 ± 0.010 respectively. The slope of the C.o.F curve of the 

HEA at 30 N load decreased continuously after the sliding distance of 200 meters. This decrease 

in slope occurs due to the decrease in the surface roughness on progressive sliding [134]. Hence, 
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the surface became smoother on sliding after 200 meters. This smoothening is due the sufficient 

amount of the formation of lubricating debris at that period. The debris acts as solid lubricant by 

sticking on the abrasive surface that passivate the contact surfaces and reduce the friction [134]. 

This enhances the smoothening of the alloy surface. At 40 N the slope of the COF curve of HEA 

almost remained constant after 200 meters. Hence though the smoothening of the alloy was not 

occurred after 200 meters due to high load, the roughening of the alloy was hindered. This is 

also due to the sufficient amount of the formation of lubricating debris. 

SEM image of the worn surface of (Al)10(FeCoNiCu)90 alloy shown in Figure 4.48 

reveals wear groove tracks formed by the ploughing action by the abrasives. Wear grooves were 

more intense on the surface worn by 40 N than that by 30 N indicating more wear on that 

surface. The wear tracks are shown by dashed arrows in the figures. The tracks were mostly 

continuous due to low hardness of the alloy [93] as compared to SiC. The wear directions are 

shown by solid arrow lines in the figure. The EDX image of spectrum 29 is shown in Figure 4.48 

(c). The image indicates that the oxygen spectrums are not evident hence the alloy surface was 

not oxidized after wear.   

The SEM images of the debris collected after the test at different loads are shown in 

Figure 4.49 (a) and (b). The EDX analysis at spectrum 6 in Figure 4.49 (b) is shown in Figure 

4.49 (c). The figure indicates that the five elements of (Al)10(FeCoNiCu)90 alloy are present in 

the debris with high amount of Si. The Si was identified due to the presence of SiC particles in 

the debris. These SiC particles emerged from the SiC abrasive by fracturing abrasive tips during 

wear test. The X-ray elemental mapping of the Figure 4.49 (b) is shown in Figure 4.50. The 

mapping also shows the presence of Si. 
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(a) (b) 

 
(c) 

Figure 4. 48 SEM micrographs of the (Al)10(FeCoNiCu)90 alloy worn by (a) 30 N and (b) 40 N 

loads; (c) EDX image of spectrum 29 in Figure 4.48 (a) 

The three-dimensional (3-d) morphology and their corresponding top views of the 

surfaces worn at 30 N and 40 N are depicted in Table 4.16. The roughness profiles of the 

corresponding traced surfaces are shown below the top view images. The measures of roughness 

viz,  Rp, Rv, Rz and Ra as per ‘ASME B 46.1’ are also presented in the table. Here Ra is the 

roughness average, Rp is the height of the highest profile peak, Rv is the depth of the deepest 

profile valley, Pt  is the profile depth which is the sum of the largest profile peak height and the 

largest profile valley depth of the P profile within the evaluation length and Rzi is the single 

roughness depth and is determined as Rzi= Rp + Rv. Mean roughness depth Rz is the arithmetic 

Abrasive wear tracks 

Abrasive wear tracks 
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mean value of the single roughness depths, i.e Rz = 
1

𝑛
 (Rz1 + Rz2 + Rz3…….. Rzn). The Rz values at 

30 N and 40 N were 5.02 microns and 5.40 microns respectively. The Ra values at 30 N and 40 

N were 0.676 and 0.766 microns respectively indicating that the surface roughness average of 

the RHEA worn at 40N load is ~ 13% higher than that at 30N.   

  
(a) 30 N (b) 40 N 

 
 
 

 

 
 

(c) 

Figure 4. 49 SEM images of the debris of the (Al)10(FeCoNiCu)90 worn by loads of (a) 30 N and 

(b) 40 N and (c) EDX image of spectrum 6 in the SEM image 
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Figure 4. 50 EDX mapping of Figure 4. 2  (b) 
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Table 4. 16 Topography of the surface of the (Al)10(FeCoNiCu)90 worn by various loads. 

 30 N  40 N  

 
 

 
 

3-d view 
 

 
 

 

 

 

 
 

 

 
 

 
Top -view 

 
 

 
 

 
 
 
Roughness 

profile   

Rough-

ness 
Table 

(unit-µm) 

Rp 2.66  2.36 

Rv 2.35 3.13 

Rz 5.02 5.40 

Ra 0.676 0.766 

 

4.9 Comparison of tribological properties between HEAs and HSS  

 Figure 4.51 shows (a) Wear vs. Sliding distance plots of RHEAs and HSS, (b) 

Wear vs. Sliding distance plots of all HEAs and HSS, (c) Wear Volume vs. Sliding distance 

plots of All HEAs and HSS, (d) Wear volume vs. Sliding Distance plots of RHEAs and HSS, 

and (e) COF vs. Sliding Distance plots of all HEAs and HSS. The average values of COF at 30 
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N and 40 N for HSS are determined as 0.34 ± 0.009 and 0.31 ± 0.010 respectively. The wear 

coefficients of HSS at 30 N and 40 N are determined as 0.917 and 0.835 respectively. 

In WMoVCrTa, for 40 N, COF plot is in lower zone (Figure 4. 51 (e)) but Wear Volume 

is in upper zone (Figure 4. 51 (d)). This means though COF for the HEA is less, the wear is high. 

COF is the inherent property of the alloy. It is directly proportional to wear mostly. But it also 

depends on surface morphology such as delamination of the surface due to micro cracks, surface 

roughness, holes, defects etc. The micro cracks were detected in microscopy of the alloy surface 

worn at 40 N load which caused the high wear.   

But in WMoVCrTa, for 30 N, both COF and Wear Volume plots are in lower zone. This 

is due to (a) high hardness of the HEA and (b) no crack surface formation while wear at 30 N 

load. The second reason is more vital for reducing the wear of the HEA. 

In W23Mo23V17Cr8Ta7Fe22, for both 30 N and 40 N, COF plot is in upper zone but 

Wear Volume is in lower zone. This means there should be more wear as COF is higher. But this 

has not happened which is attributed to the highest hardness and strength of the corresponding 

HEA among all the three HEAs. The more the hardness and strength, the more is the wear 

resistance of the material. Also, no cracks were found for this HEA after wear at both the loads 

which aids in less wear.   

COF vs. distance plots for RHEAs also revealed that the initial slopes of COF curves at 

both 30 N and 40 N are higher than that at later stage. This is mainly due to the higher surface 

roughness at initial stage which is due to insufficient formation of lubricating debris. The wear 

volume is less at initial period that results in small and insufficient amount of lubricating debris. 

Sufficient amount of lubricating debris fills up the regions in between the asperities and reduce 

their amount resulting in reduction in the surface roughness. This slows down the rate of 

increase of COF at later stages in the continuous wear process. 
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Figure 4. 51 (a) Wear vs. Sliding distance plots of RHEAs and HSS, (b) Wear vs. Sliding 

distance plots of all HEAs and HSS, (c) Wear Volume vs. Sliding distance plots of All 

HEAs and HSS, (d) Wear volume vs. Sliding Distance plots of RHEAs and HSS, and (e) 

COF vs. Sliding Distance plots of all HEAs and HSS  
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The wear coefficients of WMoVCrTa, W23Mo23V17Cr8Ta7Fe22, (Al)10(FeCoNiCu)90 and 

HSS at 30 N and 40 N loads are shown in Figure 4.52. The figure indicates higher wear 

coefficients at 40 N compared to that at 30 N for the three HEAs. The wear coefficient of 

WMoVCrTa is 1.9 times less than that of HSS at 30 N load. The wear coefficients of 

W23Mo23V17Cr8Ta7Fe22 are 2.5 and 2.1 times less than that of HSS at 30 N and 40 N load 

respectively. Hence, the two RHEAs have higher wear resistance than that of HSS as their wear 

coefficients are less as compared to HSS. However, the wear coefficients of (Al)10(FeCoNiCu)90 

are 5.1 and 5.9 times higher than that of HSS at 30 N and 40 N load respectively. The wear 

coefficients of W23Mo23V17Cr8Ta7Fe22 are also lower than that of WMoVCrTa at respective 

loads indicating that the W23Mo23V17Cr8Ta7Fe22 has better wear resistance as compared to 

WMoVCrTa. This is due to the higher hardness of W23Mo23V17Cr8Ta7Fe22 (800 ± 20 HV) than 

that of WMoVCrTa (773 ± 20 HV) [23, 132] and crack free surfaces. The 

W23Mo23V17Cr8Ta7Fe22 RHEA also exhibited better compressive strength than that of the 

WMoVCrTa [23, 132]. The more the hardness and strength, the more is the wear resistance of 

the material [127]. 
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Figure 4. 52 Comparison of wear coefficients between HEAs and HSS at the loads of (a) 

30N and (b) 40 N 
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Chapter 5  

Conclusions and Future Scope of the Work 

5.1 Conclusions 

In this research work, two types of alloys were designed and fabricated. They are: 

➢ Two refractory HEAs : WMoVCrTa and W23Mo23V17Cr8Ta7Fe22 

➢ One transition metal HEA : Al10(FeCoNiCu)90 

The RHEAs were fabricated by ball milling + arc melting + heat treatment techniques. The 

transition metal HEA was prepared by ball milling + sintering techniques. The extent of milling 

of three alloy powders was determined. The structure and mechanical properties of the alloy 

ingots were investigated. The tribological properties of the alloys were also determined. The 

main findings obtained from the work are as follows:  

➢ The combination of five refractory elements in equiatomic ratio, i.e. the WMoVCrTa 

alloy satisfies the Guo et al.’s criteria, and all three above alloy combinations satisfy 

Takeuchi et al.’s criteria to form solid solution phases by inhibiting the formation of 

BMGs.   

➢ A major BCC1, a minor BCC2 and an intermetallic phase were identified in the 

WMoVCrTa powder mixture after 64 hours of milling and heat treatment. The lattice 

parameter of those BCC1 and BCC2 phases were 3.162 Å and 2.90 Å respectively.   

➢ The arc melted alloy (ingot) of WMoVCrTa resulted in three different phases such as 

W38Mo35Ta9Cr6V12, W4Mo3V20Cr19Ta54 and W9Mo24V21Cr28Ta18 with phase fractions of 

86%, 4% and 9% respectively.   

➢ XRD analysis of the WMoVCrTa alloy ingot reveals the above phases as major BCC1 

(W38Mo35Ta9Cr6V12), minor BCC2 (W9Mo24V21Cr28Ta18) and minor intermetallic 
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(W4Mo3V20Cr19Ta54) phase. The lattice parameters of these BCC1 and BCC2 phases 

were 3.05 Å and 2.85 Å respectively. 

➢ The WMoVCrTa alloy exhibited high strength and good yield strain at room and 

elevated temperatures. The alloy has the room temperature compressive yield stress of 

995 MPa at a yield strain of 6.2 %. Yield strength retention at 1000 °C is ~79% of the 

room temperature value in the alloy.  

➢ At 1200 °C, a yield stress anomaly was observed in WMoVCrTa with ~ 20% increase in 

the yield strength compared to the corresponding value at 1000 °C.   

➢ The alloy possesses very high overall Vickers hardness of 773 HV. The density of the 

alloy was 11.52 gm/cm3. 

➢ The W23Mo23V17Cr8Ta7Fe22 powder mixture, after 48 hours of milling, exhibits a single 

BCC phase having the lattice parameter of 3.143 Å.  

➢ The arc-melted alloy of W23Mo23V17Cr8Ta7Fe22 exhibits two BCC phases and a minor 

intermetallic phase. The lattice parameter of those two BCC phases such as BCC1 and 

BCC2 were determined as 3.135 Å and 2.860 Å respectively. 

➢ W23Mo23V17Cr8Ta7Fe22 alloy exhibited very high room temperature compressive yield 

stress of 1688 MPa at a strain of 7.1 %. It exhibited yield strength retention of ~90% of 

the room temperature value at 1000 °C.  

➢ At 1000 °C, a yield stress anomaly was observed in W23Mo23V17Cr8Ta7Fe22 with ~ 45% 

increase in the yield strength compared to the corresponding value at 800 °C.  

➢ The overall room temperature Vickers hardness of the W23Mo23V17Cr8Ta7Fe22 alloy is 

800 HV and the density of the alloy is 11.52 gm/cm3. 

➢ The yield strength and yield strain of the W23Mo23V17Cr8Ta7Fe22 at 1000 °C, are 

respectively about 1.9 and 1.6 times higher than that of the WMoVCrTa. 
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➢ The Al10(FeCoNiCu)90 milled powder crystallized in a major FCC1 and a minor FCC2 

phases having the lattice parameters of 3.60 Å and 5.21 Å, respectively.  

➢ The Al10(FeCoNiCu)90 alloy ingot has spinodal decomposition on the parent phase. The 

alloy crystallizes in FCC phase having the lattice parameter of 3.66 Å.  

➢ The yield stress of the Al10(FeCoNiCu)90 alloy is as high as 308 MPa. The compressive 

stress at 40% strain of the HEA is 1406 MPa. The overall Vickers hardness and density 

of the alloy ingot are 160 HV0.5 and 7.7 g/cm3, respectively. 

➢ The major wear mechanism in three alloys is ploughing by abrasive particles. However, 

wear in WMoVCrTa alloy is also assisted by delamination at 40 N load leading to 

increase in wear.   

➢ The three RHEAs of WMoVCrTa and W23Mo23V17Cr8Ta7Fe22 have higher wear 

resistance than HSS.  

➢ The W23Mo23V17Cr8Ta7Fe22 is a better wear resistant alloy than WMoVCrTa and HSS as 

its wear coefficient values are considerably lower than that of WMoVCrTa and HSS.  

➢ The COF increases on increasing the load on the HEAs during wear test. Emergence of 

high amount of debris slows down the rate of increase of COF of HEAs on progressive 

sliding.    

➢ The two RHEAs of WMoVCrTa and W23Mo23V17Cr8Ta7Fe22, though consist of 

expensive elements, appear to be viable materials for high-temperature coating 

applications like on gas turbine blades, cutting tools, combustion chamber lining, nuclear 

reactor wall, etc., due to their combination of high hardness, high strength and yield 

strain at elevated temperatures and good wear resistance properties.  

➢ The Al10(FeCoNiCu)90 can be a potential material for cutting tools, turbine blades and 

other structural applications due to its combination of excellent stress–strain, good 

hardness and wear resistance properties.  
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5.2 Future Scope of the work 

The research work though yielded some interesting results on WMoVCrTa, 

W23Mo23V17Cr8Ta7Fe22 and Al10(FeCoNiCu)90 HEAs; far more results can be explored for these 

alloys by investigating in different research approaches. Such possible approaches listed below 

are: 

➢ The high temperature compressive properties of WMoVCrTa can be investigated beyond 

1200°C. 

➢ The Fe content in W23Mo23V17Cr8Ta7Fe22 can be tailored to achieve high compressive 

strength beyond 1000°C. 

➢ The high temperature compressive properties of the Al10(FeCoNiCu)90 HEA can be 

investigated.  

➢ The Al10(FeCoNiCu)90 HEA can be explored for biomedical applications by tailoring the 

concentration of Copper and Aluminum. 

➢ The tensile, creep and fatigue properties of the HEAs can be explored. 

➢ The oxidation and corrosion resistance of the HEAs can be investigated. 
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